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A B S T R A C T

Bulk nanostructured (ns)/ultrafine-grained (UFG) metallic materials possess very high strength, making them
attractive for high strength, lightweight and energy efficient applications. The most effective approach to pro-
duce bulk ns/UFG metallic materials is severe plastic deformation (SPD). In the last 30 years, significant research
efforts have been made to explore SPD processing of materials, SPD-induced microstructural evolutions, and the
resulting mechanical properties. There have been a few comprehensive reviews focusing mainly on SPD pro-
cessing and the mechanical properties of the resulting materials. Yet no such a review on SPD-induced micro-
structural evolutions is available. This paper aims to provide a comprehensive review on important micro-
structural evolutions and major microstructural features induced by SPD processing in single-phase metallic
materials with face-centered cubic structures, body-centered cubic structures, and hexagonal close-packed
structures, as well as in multi-phase alloys. The corresponding deformation mechanisms and structural evolu-
tions during SPD processing are discussed, including dislocation slip, deformation twinning, phase transfor-
mation, grain refinement, grain growth, and the evolution of dislocation density. A brief review on the me-
chanical properties of SPD-processed materials is also provided to correlate the structure with mechanical
properties of SPD-processed materials, which is important for guiding structural design for optimum mechanical
properties of materials.

1. Introduction

Tremendous efforts have been devoted in the history of mankind to
develop structural materials with optimized mechanical properties for
applications in areas including civil, medical, transportation, oil,
aerospace, and energy industries. Strength and ductility are two of the
most fundamental mechanical properties for structural materials.
Research over a century on metallic materials revealed a dilemma of
strength–ductility trade-off that seemed to be intrinsic [1–4]. In 1989,
Gleiter [5] made the visionary argument that significant change of
physical and mechanical properties of materials could be realized when
the grain size of materials is reduced to the nanoscale regime. Nanos-
tructured (ns) materials usually have very high strength, but ductility is
typically low. Recent researches revealed that some ns materials can be
designed to have improved ductility without sacrificing their strength
[1,6–15]. This triggered unprecedented innovation in the field of ns
materials [16] including processing techniques, knowledge of nano/

microstructural evolution and knowledge of structure-property re-
lationships. Nanocrystalline (nc) materials have grain sizes smaller than
100 nm. The terminology “ns materials” has often been used to describe
materials having structural features, e.g., sub-grains and dislocation
cells, smaller than 100 nm but their grain sizes may be larger than
100 nm [17]. It should be noted that the grain size measured by X-ray
diffraction (XRD) is actually the crystalline domain size, which makes it
consistent with the definition of ns materials. In addition, the term
“ultrafine-grained (UFG) materials” has been extensively used for ma-
terials processed by severe plastic deformation (SPD), an approach that
can produce bulk materials without porosity and large enough for
structural applications. UFG materials are defined as materials with
grains smaller than 1000 nm, and they are often referred to as ns ma-
terials when they have structural features smaller than 100 nm [17].

After decades of development, many methods have been established
to synthesize UFG and ns materials. These methods can be classified
into two major approaches – “bottom-up” and “top-down” [18]. In the
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“bottom-up” approach, atoms or nanoparticulate solids are bonded
together to form ns bulk solids. Electro-deposition [19], inert gas con-
densation [20] and ball milling with subsequent consolidation [21] are
typical examples of these “bottom-up” methods. In the “bottom-up”
approach, the grain sizes, types of boundary and textures of the product
materials can be manipulated to a certain extent. Fig. 1 shows trans-
mission electron microscopy (TEM) images of two typical examples of
materials synthesized by electro-deposition. Presented in Fig. 1(a) is a
nc Ni with an average grain size of ∼30 nm and a narrow grain size
distribution [22]. The corresponding selected-area electron diffraction
(SAED) pattern indicates small grain sizes and random grain orienta-
tions. Fig. 1(b) presents a coarse-grained (CG) Cu containing a high
density of nano-twins (the strip-like structures) [23]. However, some
“bottom-up” methods are very time consuming and expensive. Mate-
rials synthesized by the “bottom-up” methods always have one or more
of the following issues: (1) unwanted impurity contents, (2) texture and
(3) porosity or incomplete densification [24–26]. Thus, the ns materials
synthesized by “bottom-up”methods are often very limited in sizes, and
the high impurity and/or porosity content may deteriorate the me-
chanical properties of the materials [27].

In the “top-down” approach, bulk CG materials are effectively re-
fined by heavily imposed shear strain to form UFG and/or nc materials,
by comparing the electron backscatter diffraction (EBSD) images in
Fig. 2. The resultant UFG or nc materials are free of porosity and

contamination [28,29]. Nowadays, the most successful and popular
“top-down” grain refinement approach is SPD. SPD can be achieved by
mechanically imposing an extensive hydrostatic pressure and a very
high strain to a bulk metallic material. SPD normally does not alter
much the shape of the work piece while the grain size can be sig-
nificantly refined [17]. The most developed SPD techniques include
equal channel angular pressing (ECAP) [30], high-pressure torsion
(HPT) [29,31], multi-axial forging [32], rotary swaging [33], and ac-
cumulative roll bonding [34,35]. Detailed description of these techni-
ques and their development history have been well reported in the
literatures [28,31,36–38].

The high strain level that is attainable by SPD is far beyond that of
conventional plastic deformation methods such as rolling and extru-
sion. As a result, SPD induced structural evolution processes can be very
complex, and may involve various deformation mechanisms including
dislocation slip, deformation twinning, elemental redistribution, phase
transformation, grain rotation and even grain growth. Each of these
deformation mechanisms may contribute or affect the grain refinement
to a certain extent. The activation of various deformation mechanisms
and the resultant overall microstructural evolution are determined by
the processing history and the intrinsic properties of materials such as
stacking fault energy (SFE). Microstructures determine the way by
which the materials respond to imposed stress; therefore, ultimately
microstructures determine the mechanical properties of SPD-processed

Nomenclature

BCC Body-centered cubic
BDT Brittle-to-ductile transition
CG Coarse-grained
CLS Confined layer slip
CRSS Critical resolved shear stress
EBSD Electron backscatter diffraction
ECAP Equal channel angular pressing
FCC Face-centered cubic
GB Grain boundary
GNB Geometrically necessary boundary
GND Geometrically necessary dislocation
HCP Hexagonal close-packed
HPT High-pressure torsion
HRTEM High-resolution transmission electron microscopy
L-C Lomer-Cottrell

LD Longitudinal direction
MD Molecular dynamic
nc Nanocrystalline
ND Normal direction
ns Nanostructured
SAED Selected-area electron diffraction
SFE Stacking fault energy
SMGT Surface mechanical grinding treatment
SPD Severe plastic deformation
T/M Twin/matrix
TB Twin boundary
TD Transverse direction
TEM Transmission electron microscopy
UFG Ultrafine-grained
UTS Ultimate tensile strength
XRD X-ray diffraction

Fig. 1. (a) A TEM image showing the microstructure of an electro-deposited nc Ni [22]. The inset is a corresponding SAED pattern; (b) a TEM image showing the
microstructure of an electro-deposited CG Cu containing a high density of nano-twins [23].
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ns materials. It is of interest and critical importance to understand the
evolution of microstructures so that SPD parameters can be tuned to
produce microstructures for optimum mechanical properties.

Although there have been a few influential SPD-related review ar-
ticles [3,17,28–31,36–44], they mainly focused on SPD techniques
[28–31,36] and the properties of processed materials [3,37]. No sys-
tematic review on SPD-induced microstructural evolutions has been
published. On the other hand, a large number of research papers on
SPD-induced microstructural evolutions has been published, and many
interesting micro/nanostructures have been revealed in detail, thanks
to the fast development of materials and microstructural characteriza-
tion techniques [45–49]. It is worth to mention that SPD is applicable to
a huge variety of materials including both metallic materials and non-
metallic materials [50–53]. Considering majority of the SPD-processed
materials are metallic materials, this review will focus on SPD-induced
microstructural evolutions of metallic materials, including grain re-
finement (Section 3), grain growth (Section 4), dislocation density
evolution (Section 5), phase transformation (Section 6), structural
evolutions in dual-phase and multi-phase materials (Section 7). The
effect of SPD-induced structural evolution on the mechanical properties
will also be briefly reviewed in Section 8 to correlate microstructure
with mechanical properties. At last, concluding remarks and out-
standing issues in the field of SPD-induced microstructural evolution
are provided in Section 9.

2. Major deformation modes in coarse grains

Dislocation slip and deformation twinning are the two major de-
formation mechanisms in CG metallic materials. Dislocations are line

defects, which can nucleate and slip under stress to accommodate the
applied plastic deformation. In crystalline solids, atoms are arranged in
ordered lattice structures. A single dislocation line can glide on a
densely packed atomic plane called slip plane along any direction but
the resulting crystalline slip is along a particular direction called slip
direction. The relative displacement of a set of atoms caused by a single
dislocation slip is the Burgers vector of the dislocation [55–57]. De-
pending on the orientation relationships between dislocation lines and
their Burgers vectors, dislocations can be classified into three basic
types: edge dislocations (dislocation lines is perpendicular to their
Burgers vectors), screw dislocations (dislocation lines is parallel to their
Burgers vectors) and mixed dislocations (dislocation lines is neither
perpendicular nor parallel to their Burgers vectors). The microscopic
appearance, motion and interaction of dislocations are very compli-
cated [55,58]. Fig. 3 shows dislocation structures observed in a Cu-
10 at.%Al alloy, a Ni sample and a Al sample. Twinning occurs when
the crystalline lattice is re-orientated by atomic displacements that are
equivalent to a simple shear of the crystal lattice to form mirror sym-
metry with the matrix lattice [59]. A twinned lattice structure is
schematically illustrated in Fig. 4(a). K1 is the invariant twinning plane.
Atoms on K1 are sheared along η1, which is the twinning shear direction
to form a twin relationship with respect to the matrix. Therefore, the
coherent twin boundary (TB) is parallel to K1. K2 is the conjugate
twinning plane which is from the same crystalline plane family of K1

and intersects with K1 in a line normal to the plane of shear, P. η2 is the
conjugate shear direction on K2 [59]. Fig. 4(b) presents a high-resolu-
tion TEM (HRTEM) image showing the twin–matrix lattice structure
observed in a CG austenitic steel. The atomic arrangement above the
marked coherent TB is symmetrical to that of the matrix.

Fig. 2. (a) An EBSD image showing the CG structure of an Al sample before SPD (ECAP) processing; (b) an EBSD image showing the refined grain structure of the Al
sample after eight ECAP passes [54].

Fig. 3. (a) Dislocation arrays in a Cu-10 at.%Al alloy [60]; (b) dislocation bundles observed in a single crystal Ni deformed at a low strain =(g 111) [60] (The Burgers
vector is denoted by a letter “b”); (c) a dislocation net observed in a CG Al deformed by cold rolling to a thickness reduction of 10% [61].
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The combination of a slip plane and a slip direction forms a slip
system in which the dislocation motion is confined. Slip systems depend
on the crystal structure of the material in a way that the atomic dis-
tortion that accompanies the motion of a dislocation is kept to a
minimum. Therefore, the slip plane is normally the most densely
packed plane and the slip direction is the most closely packed direction.
Available slip systems in the three most important metallic crystal
structures, comprising face-centered cubic (FCC), body-centered cubic
(BCC), and hexagonal close-packed (HCP) structures, are summarized
in Table 1.

Deformation twinning can occur in different modes depending on
crystal structures and deformation conditions. It is convenient to re-
present the twinning mode in the form of 〈 〉{K } η1 1 , and the commonly
observed twinning modes in FCC, BCC and HCP structures are also
shown in Table 1. The twinning mode shown in Fig. 4(b) is the typical

〈 〉{111} 112 mode observed in FCC materials. In BCC materials, the
〈 〉{112} 111 twinning mode has been frequently observed experimentally,

and seven other twinning modes have been theoretically predicted but
seldom observed [59]. HCP materials have four common twinning
modes as listed in Table 1. More than 10 twinning modes have been
proposed in HCP structures while some debates are yet to be resolved
[64–68].

The nucleation of either a dislocation or twin requires a resolved
shear stress higher than a critical value. Dislocation nucleation is a
thermally activated process with a high activation energy [69,70].
Homogeneous dislocation nucleation requires stresses that are much
higher than the values observed in experiments, indicating that most
dislocations formed via inhomogeneous nucleation processes
[59,71–73]. Once a dislocation or a twin is nucleated, the glide of the
dislocation or the growth of the twin can occur at stresses that are a

fraction of the nucleation stress [60,73]. The critical resolved shear
stress (CRSS) for dislocation slip and deformation twinning are affected
by grain size, temperature and SFE [73,74].

According to von Mises criterion [75,76] for strain accommodation,
strain compatibility in a CG metal requires the operation of at least five
independent slip systems [62,77]. A slip system is activated only when
the resolved shear stress for the system is larger than its CRSS [55]. This
leads to the activation of multiple slip systems on different slip planes.
The interactions of dislocations from different slip systems lead to
dislocation entanglement and accumulation, which consequently leads
to strain hardening, i.e., increases in flow stress. According to the low-
energy dislocation structure concept [78], dislocation tangling into
various microstructures such as bundles (Fig. 3(a)) and nets (Fig. 3(b))
is an important deformation mechanism that naturally reduces the free
energy of dislocations and increases the flow stress [60,61]. Under
sufficient stress, dislocation sources may keep emitting dislocations,
which may travel and eventually encounter an obstacle such as a dis-
location with a different Burgers vector, a precipitate or a grain
boundary (GB), as shown in Fig. 5 [79]. Those dislocations can form
extended pile-ups against obstacles [80], or dislocation multiplication
may occur at the obstacles.

The dislocation structures shown in Figs. 3 and 5 are also affected by
the SFE of the materials. High SFE confines the separation of partial
dislocations, which facilitates cross-slip. As such, dislocations show ir-
regular wavy shapes (Fig. 3(b–c)) and easily tangle together to form
three-dimensional dislocation cells. In contrast, low SFE leads to the
formation of extended partial dislocations which are difficult to cross-
slip. Therefore, large amounts of planar arrays dominate the plastic
deformation of the low SFE materials, as exemplified in Fig. 5.

Deformation twinning can be a result of dislocation interactions and
motion in a highly restricted manner [81–85] or atomic shuffling [59],
and often occurs in materials with low SFEs. Deformation twinning is
stress driven and normally requires much higher stress than conven-
tional dislocation slip [73,86]. If the flow stress is sufficiently high due
to strain accumulation [29,30,86] and/or high strain rate [87,88]
competition between twinning and dislocation slip may become evi-
dent. Twinning is very important for strain accommodation, especially
in HCP materials in which slip mainly occurs on the basal planes;
therefore, deformation twinning is often activated to provide additional
deformation systems in order to comply with the von Mises criterion for
strain accommodation [64–68].

Overall, dislocation slip and deformation twinning are the two most
common deformation mechanisms in CG materials. Under SPD pro-
cessing conditions where the flow stress of the materials can be

Fig. 4. (a) A schematic diagram showing the four twinning elements: the in-
variant twinning plane K1, the twinning shear direction η1 , the conjugate
twinning plane K2 and the conjugate shear direction η2. P represents the plane
of shear [59]; (b) an HRTEM image of a typical twin–matrix atomic arrange-
ment in an FCC steel. Two red arrows mark the coherent TB which clearly
separates the twin structure on the top from the matrix at the bottom. Blue lines
trace the {111} planes that form the twin-matrix relationship.

Table 1
Common slip systems and twinning systems in FCC, BCC and HCP crystal
structures [55,59,62–64].

Crystal Structures Slip systems Twining modes

Face-Centered Cubic
(FCC)

〈 〉{111} 110 〈 〉{111} 112

〈 〉{001} 110
〈 〉{110} 110

Body-Centered Cubic
(BCC)

〈 〉{110} 111

〈 〉{211} 111 〈 〉{112} 111
〈 〉{321} 111
〈 〉{hkl} 111 any of the plane with the

maximum resolved shear stress

Hexagonal Close-Packed
(HCP)

〈 〉{0001} 1120 〈 〉{1012} 1011

〈 〉{1010} 1120 〈 〉{1011} 1012
〈 〉{1011} 1120 〈 〉{1122} 1123
〈 〉{1122} 1123 〈 〉{1121} 1126
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significantly increased, dislocation and twinning activities are often
very extensive. Deformation twinning produces microstructures that
are very different from those produced by dislocation slip [87,89–91].
Therefore, extensive efforts have been devoted to investigate the effect
of twinning on the microstructures evolution in materials processed by
SPD. Extensive observations suggest that the CRSS for twinning is af-
fected by temperature [87], grain size [92,93] and SFE [89,94–96].
These three factors will be often considered when discussing twinning
related deformation mechanisms and microstructural evolution pro-
cesses in the following sections of this review article. Interestingly, it
was found that there is an optimum grain size for twinning in ns FCC
metals, which was both predicted theoretically [97,98] and observed
experimentally [99,100].

3. SPD-induced grain refinement

Dislocation slip and deformation twinning are two major competing
plastic deformation mechanisms during the SPD-induced grain refine-
ment processes. The crystalline structures and SFEs of materials play
critical roles in determining their deformation modes and therefore
SPD-induced grain refinement mechanisms [35,87,89–91,94,101–105].
Therefore, this review is organized based on the crystalline structures of
materials. For FCC materials, because the grain refinement mechanism
varies dramatically with their SFEs, the review is further grouped into
three parts: 3.1 Grain refinement of FCC materials with high SFEs, 3.2
Grain refinement of FCC materials with medium SFEs, and 3.3 Grain
refinement of FCC materials with low SFEs. As twinning does not play
an important role in the deformation processes of most BCC materials
[106–108], the discussion of SPD-induced grain refinement of BCC
materials in Section 3.4 does not include SFE. In contrast, because
twinning plays a critical role in accommodating the c-axis component of
the plastic deformation of HCP materials, both dislocation slip and
deformation twinning are always involved in the SPD-induced

microstructural evolution [64,109]. Issues related to the effect of SFE
on deformation in HCP materials are very complicated and have not
been well understood [110–117]. Therefore, Section 3.5 focuses more
on the SPD-induced microstructural evolution in HCP materials with
limited discussion on the effect of SFE.

3.1. Grain refinement of FCC materials with high SFEs

Al and Ni are typical materials with high SFEs with reported SFEs in
the ranges of ∼135–220 mJ/m2 [118] and ∼137–278 mJ/m2

[119–121], respectively. Note that the discrepancy in the reported SFE
values for the same materials is attributed to the different models and
methods used for determining SFEs [110,117,122,123]. Plastic de-
formation and grain refinement in materials with high SFEs occur
mainly via dislocation activities. Their SPD-induced microstructural
evolution is categorized into 5 stages according to the dominant mi-
crostructural features at each stage [57,78,80,124–127].

At deformation stage 1, individual grains are quickly subdivided
into many volume elements delineated by dense dislocation walls
[128]. These dense dislocation walls are named geometrically neces-
sary boundaries (GNBs) [124] across which there is a misorientation
that is controlled by the difference in dislocation-slip-induced lattice
rotation in neighboring volumes [57]. These volume elements are de-
fined as cell blocks [80]. The active slip systems in these cell blocks are
different from each other and can operate collectively to fulfil the von
Mises criterion for strain accommodation [62,75,76,129]. Dislocations
from neighboring cell blocks meet at a GNB, leading to dislocation in-
teractions, entanglement and rearrangement [57,130,131]. Since dis-
locations from neighboring cell blocks are from different slip systems,
the cell blocks will rotate in different ways, leading to increasing mis-
orientation across the GNB. Meanwhile, a large number of dislocation
cells formed at the interior of each cell block. A cell wall may look
similar to a dense dislocation wall, but it is formed primarily by the
mutual and statistical trapping of incidental glide dislocations, and
thereby named as incidental dislocation boundary [57,124,132].

A typical microstructure of dislocation cells and cell walls in an Al
sample rolled to 10% thickness reduction is presented in Fig. 6
[61,133], in which dislocation-free and dislocation tangled areas co-
exist in coarse grains. It was observed that during deformation, dis-
location-free regions emerge and vanish dynamically in local areas
[133], reflecting the underlying stochastic dynamics of the dislocation
activities proposed by Hahner in 1996 [134]. The cell walls are all low-
angle dislocation boundaries [133]. Some Net-like dislocation en-
tanglements that are marked by ovals in Fig. 6 formed one type of cell
walls that are commonly observed in CG FCC materials deformed at low
strain levels [80,135]. With increasing shear strain, diffused cell walls

Fig. 5. Dislocation structures observed in a CoCrFeMnNi high-entropy alloy
deformed at a low strain. A {111} slip plane trace is marked by a double-arrow
line [79].

Fig. 6. A typical microstructure of a high-purity Al deformed by rolling to a
thickness reduction of 10%. Some cell walls are marked by red arrows. Two
typical net-like dislocation entanglements are marked by ovals [61].
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gradually sharpen into narrow string-like dislocation boundaries
[61,124]. Therefore, the emerging and subsequent sharpen-up of the
cell walls is a major part of the stochastic dislocation dynamics [134].
The formation mechanism of these cell walls can be explained by the
low-energy dislocation structures theory: dislocations are trapped into
positions of local energy minima in which stress-screening between
dislocations occurs [136,137]. The contribution to work hardening by
the formation of dislocation cells can be explained by dislocation pile-
ups and the forest hardening mechanism [138,139]. Some details about
work hardening will be given in Section 8, when the correlation be-
tween microstructures and materials strength are discussed.

As the imposed strain increases, significant amounts of dislocations
accumulate at cell walls and dense dislocation walls, resulting in higher
misorientation across these cell walls. Eventually, cell walls may
transform into dense dislocation walls. Meanwhile, some early formed
dense dislocation walls may split into new dense dislocation walls that
are roughly parallel. The regions enclosed by these parallel walls are
called microbands, as shown in Fig. 7(a). As a result, large amounts of
cell blocks and microbands with reduced sizes are formed, as ex-
emplified in Fig. 7, featuring deformation stage 2. In addition, dense
dislocation walls have a tendency to align with the macroscopically
most stressed planes (the shear direction) to delineate comparatively
long and regularly spaced slip bands [140,141], despite of different
plastic deformation processes such as cold rolling, ECAP and HPT. It is
worth to mention that when long slip bands interact with a parallel
group of dense dislocation walls and microbands, localized shear de-
formation could cause slip bands to evolve (offset) from a straight line
and become S-shaped bands (S-bands) as shown in Fig. 7(b). The S-band
formation is temperature sensitive, that it could be suppressed or even
avoided at very low processing temperatures close to the liquid ni-
trogen temperature [142].

At deformation stage 3, large amounts of lamellar sub-grains en-
closed by lamellar boundaries form, as a result of continuous reduction
of cell block sizes and significant increase of misorientation angles
across dense dislocation walls. These lamellar sub-grains therefore tend
to align parallel to the shear strain direction as shown in Fig. 8(a).
Within these lamellar sub-grains are interconnecting boundaries, dis-
location clusters and individual dislocations. Some typical inter-
connecting boundaries, which are marked by white arrows in Fig. 8(b),
could create easily detectable misorientation (contrast difference in
TEM) within the lamellar sub-grains.

Fig. 9 shows that as the imposed strain further increases, increasing
numbers of lamellar boundaries and interconnecting boundaries gra-
dually sharpen and become thinner. The increase in boundary sharp-
ness is a reflection of dislocation annihilation (dislocation density re-
duction) at the boundary [124]. As a result, the misorientation across

the boundary increases [80,144,145]. While interconnecting bound-
aries and dislocation clusters are still apparent, lamellar structures be-
come finer and clearly some equiaxed grains start to form, as marked by
red triangles in Fig. 9(a). The microstructural evolution process has
entered into deformation stage 4.

Eventually, overall grain refinement reaches a steady state at de-
formation stage 5, or the steady state stage. In general, at the steady
state, grains are mostly equiaxed. Directional appearance of grains is
less evident than that at early stages of deformation. A small fraction of
deformation twins may form, as a result of extremely high strain and
very small grain size [126].

The microstructures observed at deformation stage 5 can differ
significantly among different materials. Even for the same material,
different processing conditions can alter the microstructures at the
steady state [143,146]. For example, an SPD processed Ni sample has
an average grain size of∼170 nm [146] and the majority of the GBs are
non-equilibrium GBs [135,147–149]. In contrast a SPD processed Al
sample has an average grain size is ∼800 nm and the majority of the
GBs are well developed [143]. Both low melting temperature [150,151]
and high SFE [95,152–154] of Al assisted dynamic recovery, which
counteracts the grain refinement process, and therefore increases the
steady-state grain size of Al processed by SPD. For another example, as
a result of high hydrostatic pressure, an HPT processed Ni may attain an
average grain size [146] that is about half of the average grain size of
ECAP processed Ni [29,146,155–157]. A detailed discussion about the
steady state grain size processed by SPD will be provided in Section 3.6.

Fig. 10 presents schematic diagrams summarizing the SPD-induced
microstructural evolution of materials with high SFEs. Dislocation slip
is the dominant deformation mechanism in materials with high SFEs.
Therefore, grain subdivision mechanisms and corresponding develop-
ment of dislocation structures govern the microstructural evolution of
the materials under SPD processing, and five grain refinement stages
are involved in the process. Despite of different strain paths of various
SPD processing techniques [29,158], the five grain refinement stages
are generally the same for materials with high SFEs.

Deformation stage 1 is featured with large size cell blocks containing
pronounced dislocations and dislocation cell structures which drastically
strengthen the material [57,61,80,124,130,131,133,135,159–161]. De-
formation stage 2 is featured mainly with an increased number of cell blocks
with smaller sizes, due to the formation of microbands and reorientation of
early formed dislocation cells. The misorientation angles between cell block
boundaries increase, some of which become high-angle boundaries at de-
formation stage 2 [126,136,150,162]. At deformation stage 3, lamellar sub-
grains are widely observed throughout the materials. Interconnecting
boundaries within lamellar grains begin to form due to pronounced dis-
location accumulation [80,125,126,143,162]. Deformation stage 4 is

Fig. 7. Typical microstructures in a Ni pro-
cessed by HPT to a strain of 0.9 (a) and 1.7 (b).
Double arrows indicate the shear direction. In
(b), a solid black line at the top right corner
traces a set of dense dislocation walls and mi-
crobands which is nearly parallel to the shear
direction and a dash line traces the other set
which is inclined to the shear direction at an
angle of ∼55°. An S-band is marked by a
dotted line; “S” and “▼” mark the shear loca-
lization points on the S-band [126].
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featured with ultrafine and/or ns lamellar grains. Some equiaxed grains
start to form at this stage. The limited space between lamellar boundaries
makes further dislocation generation and accumulation very difficult
[127,163,164]. Deformation stage 5 is also called the steady state [165,166]
or the equilibrium stage [167–169] of SPD processing. Deformation stage 5
is reached when SPD induced grain refinement is balanced by dynamic
recrystallization [170–173] and dislocation generation is balanced by dy-
namic recovery [16,150,174]. Homogeneous distribution of equiaxed ul-
trafine grains or nano-grains is the characteristic microstructure of this
stage.

3.2. Grain refinement of FCC materials with medium SFEs

The microstructural evolutions of FCC materials with medium SFEs
are very sensitive to external deformation conditions [87,175,176].
Under conventional deformation conditions such as low stress, low
strain, low strain rate and room temperature, the materials tend to
deform by dislocation slip. However, if the flow stress of the material is
increased to a critical high level by high imposed pressure and high
strain, and/or if the deformation temperature is lowered, deformation
twinning tends to dominate certain stages of the microstructural evo-
lution.

Copper (Cu) is a widely used model material with a medium SFE of
∼45mJ/m2 [87,104,119,177–179]. When CG Cu is processed by SPD
at room temperature and a quasistatic strain rate, dislocation sub-
structures such as dislocation cells, dense dislocation walls and lamellar
sub-grains are the characteristic microstructures observed during the
microstructural evolution process [92,133,180]. For example, lamellar

structures/sub-grains containing large amounts of interconnecting
boundaries, dislocation clusters and individual dislocations are found in
a Cu sample deformed by ECAP to a strain of ∼8 [180]. These micro-
structures resemble the microstructures formed in materials with high
SFEs at deformation stage 3 (Figs. 8 and 10). As the shear strain in-
creases to ∼18, the microstructure of Cu can be refined to below
300 nm [181]. At this deformation stage, the grains are mostly
equiaxed, dislocation clusters and stacking faults are randomly found at
the interior of some grains (the microstructures resemble the micro-
structures formed in materials with high SFEs at deformation stage 5)
[181,182]. Further deformation by ECAP or cold rolling at room tem-
perature does not noticeably alter the microstructure. Although, de-
formation twins may be randomly found in ECAP Cu samples at
medium to high strain levels due to local stress concentration, the
number of deformation twins is still very small [183]. Therefore, one
can conclude that the microstructural evolution of the materials with
medium SFEs processed by SPD at room temperature, a quasistatic
strain rate and low hydrostatic pressure is similar to the microstructural
evolution of materials with high SFEs [127,184].

If a high hydrostatic pressure is added during SPD processing, e.g.
by means of HPT, further grain refinement to materials with medium
SFEs is achievable [92,146,185,186]. For example, when a Cu sample
was processed by HPT for five revolutions under a pressure of 7 GPa,
the microstructure could be featured with UFGs containing a high
density of inhomogeneously distributed dislocations. HRTEM analysis
reveals that each ultrafine grain is subdivided by agglomerated dis-
locations into many nanodomains with similar orientations, as shown in
Fig. 11. At the interior of the nanodomains, there is a high density of

Fig. 8. (a) Lamellar dislocation structures in a
Ni sample deformed by HPT to a strain of ∼9.
The black double arrows indicate the shear
direction [126]; (b) lamellar dislocation struc-
tures in an Al sample deformed by ECAP at low
temperature to a strain above 1 (low tem-
perature may increase the effectiveness of the
deformation process) [143]. White arrows
point to some typical interconnecting bound-
aries inside lamellar-shaped sub-grains.

Fig. 9. (a) A typical microstructure in a Ni sample deformed by HPT to a strain of ∼12; Some typical equiaxed grains are marked by red triangles; (b) a sketch of the
lamellar boundaries and interconnecting boundaries in (a) [126].
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nano-twins evidenced by the many straight lines at the interior of the
nanodomains in Fig. 11(a) and by the Fourier transformation image in
Fig. 11(b). Lattice dislocations are mainly located along the boundaries
of the nanodomains as shown in Fig. 11(c–d). Only a few lattice

dislocations are observed in the interior of the nanodomains marked by
“A” in Fig. 11(c). This indicates that dislocation slip is in dominance
until the formation of the nanodomains, then twining becomes a major
deformation mechanism.

Fig. 10. Schematic illustration of the five
grain refinement stages, formed sequentially
throughout the microstructural evolution,
during SPD of materials with high SFEs. “T”
denotes dislocations. GBs and dense disloca-
tion walls are GNBs and are represented by
solid lines. Stage 1: Formation of large size
dislocation cell blocks containing dislocations
and dislocation cell structures. Stage 2:
Formation of microbands and transformation
of some early dislocation cells into cell blocks.
Stage 3: Formation of lamellar sub-grains
containing large quantities of dislocations.
Stage 4: Formation of well-developed lamellar
sub-grains and some equiaxed sub-grains.
Stage 5: Homogeneous distribution of equiaxed
ultrafine grains or nano-grains.

Fig. 11. (a) A TEM image showing nanodo-
mains formed in a Cu processed by HPT for five
revolutions under 7 GPa pressure. Black aster-
isks delineate domain boundaries; (b) Fourier
transformation of (a). Two rectangles mark the
two sets of lattice forming a twin relationship;
(c) an image obtained by inverse Fourier
transformation of the (000) and “C’’ spots in
(b). Dislocation cores and slip plane are
marked with black “T’’ and indicated using a
white straight line, respectively. Some dis-
locations are located within a nanodomain at
the area marked “A”; (d) an image obtained by
inverse Fourier transformation of the (000) and
“D’’ spots in (b) [92].
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A systematic investigation suggested that deformation twins in Cu
prefer to form in nc grains [92]. This is contradictory to the conven-
tional observations in CG metals and alloys that smaller grain size im-
pedes deformation twinning [3,73,187–189]. For CG metals, the critical
stress for activating twinning increases much faster with decreasing
grain size than the critical stress for lattice dislocation slip, as revealed
by the Hall–Petch slopes shown in Fig. 12 [43,190]. Therefore, smaller
grain size makes the deformation twinning more difficult in CG metals
irrespective of lattice structure of the metals [73].

When the grain size is reduced to the nc regime, the twinning me-
chanisms in CG materials cease to operate [191]. Therefore, the
Hall–Petch relationship shown in Fig. 12 is no longer valid. An alter-
native mechanism involving the nucleation of Shockley partials from
GBs begins to operate. In nc materials, abundant partial dislocation
sources are available from the enormous amount of non-equilibrium
GBs, and partial dislocations from GBs need low stresses to move than
full dislocations [43,98,192]. Therefore, twinning becomes a major
deformation mechanism when the grain size is sufficiently small. This is
also true for materials with high SFEs, such as Al and Ni [193–195].
However, it is difficult to refine Al and Ni down below the critical grain
size, even with SPD. On the other hand, when the grain becomes too
small, twinning becomes more difficult although partial dislocations
continue to be emitted to form stacking faults. This leads to an optimum
grain size for twinning [43,97,99].

Eventually materials with medium SFEs can be processed by SPD
with high pressure (e.g. HPT), into nc structures as exemplified in
Fig. 13. Both deformation twins and dislocation slip facilitate the grain
refinement from the UFG regime into the nc regime [92]. The steady
state grain size is already reached in the nc regime, further straining
may be accommodated by deformation twinning [43,196] and GB
mediated deformation mechanisms [197–202] owing to high accumu-
lated stress and the grain size effect [99,203]. As a result, deformation
twins (Fig. 13(b)) including even multiple or multifold twins
(Fig. 13(c)) are often observed at the ns steady state [204,205]. Thus,
the high imposed hydrostatic pressure could activate additional de-
formation mechanisms, extend the deformation stage and further re-
duce the steady state grain size of materials with medium SFEs.

3.3. Grain refinement of FCC materials with low SFEs

SPD-processing of FCC materials with low SFEs presents two im-
portant characteristics: (1) deformation twinning; and (2) compara-
tively effective grain refinement. Overall, deformation twinning is an
essential part of the grain refinement process of FCC materials with low
SFEs, and the smallest grain size attainable by SPD processing has a
close relationship with deformation twinning. However, twinning is
very sensitive to processing conditions including temperature
[105,206], strain [126,186,205], strain rate [87,88,186,207–209] and
stress [86,183,210]. Thus, the actual participation of twinning in the
SPD induced grain refinement process is very complicated and “case-
dependent”.

Cu–30 wt.% Zn alloys with a very low SFE of ∼7mJ/m2 have been
taken as model materials to study the SPD-induced grain refinement
process [103,211]. The material was processed by HPT under 5 GPa
applied pressure for 5 revolutions. Detailed TEM analysis was con-
ducted from the center to the edge of the HPT disk. TEM images of the
characteristic microstructures are shown in Fig. 14 [211]. It is found
that, at the disk center where the shear strain is comparatively low
[146], equiaxed ultrafine grains containing some twins and SFs are the
major microstructural features [95,103], as depicted in Fig. 14(a). The
grain sizes at the disk center span over a large range of ∼40 nm to
400 nm. With increasing shear strain, the twin density increased and
the average thickness of the Twin/Matrix (T/M) lamellae decreased to
∼13 nm as illustrated in Fig. 14(b) [211]. Meanwhile some SFs inclined
to the primary TBs formed (marked by white arrows in Fig. 14(b)), and
these SFs could be the precursor of the secondary twins.

Primary deformation twins gradually bent as a result of dislocation
accumulation on the originally coherent TBs, which would eventually
lose coherency and become conventional GBs as shown in Fig. 14(b–c).
Fig. 14(c) shows the transitional microstructure consisting of both bent
primary twins and lamellar grains. The long boundaries of lamellar
grains (marked by black arrows) are nearly parallel to the TBs (marked
by white arrows) indicating that the long lamellar GBs were trans-
formed from the coherent TBs. Fig. 14(d) shows a typical TEM image of
a bundle of long lamellar grains and the corresponding diffraction
pattern indicating a strong texture. Further increase in shear strain in-
creased the amount of secondary SFs and twins, which further sub-di-
vided the previously elongated grains into many equiaxed parts
(Fig. 14(e)) and thereby transformed the elongated structure into an
equiaxed nc structure. The homogeneously distributed equiaxed nano-
grains, featuring the final steady state, have an average grain size of
∼10 nm, which is comparable to the minimum average TB spacing of
∼10–13 nm, as shown in Fig. 14(f).

Moreover, the GBs of the nano-grains are of an amorphous struc-
ture. The formation of the amorphous structure is a result of the col-
lapse of the crystallinity due to the accumulation of a high density of
dislocations [212–214]. In contrast, localized amorphisation of GBs was
not observed in ECAP processed Cu-16 at.% Al alloys, which also have a
low SFE. This is perhaps due to insufficient strain and pressure by ECAP
[169]. It is suspected that the constrained nature and the high pressure
of HPT are the main factors to cause localized GB amorphisation of
materials with low SFEs.

The grain refinement process of Cu–30wt.% Zn alloy from UFG
regime to the nc regime under HPT processing can be schematically
described by five steps, as illustrated in Fig. 15. At step 1, equiaxed
ultrafine grains are divided into twin lamellae. With increasing shear
strain, the densities of dislocations, stacking faults and twins increase.
Some of these dislocations pile up at TBs because TBs are strong ob-
stacles for dislocation slip [215,216], as evidenced by Fig. 16 [211]. At
step 2, continuous accumulation of dislocations at the TBs gradually
bends the originally atomically flat coherent TBs and transforms the
TBs into semi-coherent TBs. At step 3, under further straining the semi-
coherent TBs completely lose the coherency and transform into high-
angle GBs. As a result, long parallel lamellar grains formed. It is known
that the interaction between TBs and dislocations not only transforms
the TBs into high-angle GBs but also generates new dislocation sources
at the GBs [216]. Thus, partial dislocations are emitted from the new
GBs to form SFs with further deformation and secondary deformation
twins are also formed by twinning partial multiplication. At step 4,
secondary SFs and twins subdivide the lamellar grains into rhombic

Fig. 12. Schematic of Hall–Petch relationships for twinning and full dislocation
slip in CG metals and alloys. Critical stresses (τ) for twinning and for dislocation
slip increase with decreasing grain size (d) [43].
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domains. At step 5, the secondary TBs transform into incoherent high-
angle GBs as noted earlier for the primary TBs, and equiaxed nano-
grains are formed. In this grain size range, GB mediated mechanisms
such as grain rotation, GB-sliding may play significant roles in plastic
deformation [198,200,217–219], thereby producing a final steady state
nc structure having a random grain orientation. In fact, grain subdivi-
sion and refinement via TBs and stacking faults illustrated in Fig. 15 is
very common in materials with low SFEs [87,176]. The steady state
grain size formed by this grain refinement mechanism is comparable to
the TB spacing formed at early steps [175,211]. Because the TB spacing
decreases with decreasing SFEs [96], the steady state grain size also
decreases with decreasing SFEs [103,104].

The steady state grain size in materials with low SFEs can be larger
than the TB-spacing if de-twinning occurred during the deformation
process. In recent years, deformation induced de-twinning has received
significant attention. De-twinning mechanisms may involve twin-twin
interactions [101,220], twin-dislocation interactions [221–224] and
partial dislocation slip [225–227]. While the coexistence of high-den-
sity deformation twins and dislocations are common in SPD processed
materials [86,222], it makes people wonder if de-twinning also plays a
role in the grain refinement process and imposes an impact on the
steady state grain size. Answers can be found from the systematic re-
search work conducted on HPT processing of the austenitic phase
[86,101,228] in steels. At early stages of the deformation, a very high
density of nano-twins formed in coarse grains as shown in Fig. 17(a).

The T/M lamellae spacing had a range from ∼1 nm to ∼25 nm and an
average value of ∼7 nm. Secondary nano-twins and SFs within the
primary T/M lamellae were seldom found as shown in Fig. 17(b). The
nano-twinned structure is nearly identical to those observed in one-pass
ECAP processed Cu–8 at.% Al alloy according to TEM images
[89,169,184], although accurate data of the grain size and TB-spacing
were not provided.

As the shear strain increased, a large number of secondary SFs and
secondary nano-twins formed, as shown in Fig. 18(a). However, it was
noted that neither secondary SF nor secondary nano-twin were found
within narrow lamellae with widths smaller than 7 nm [220]. Some of
the narrow SF-free lamellae are marked with white arrows. At this
strain level, the primary T/M lamellae spacing increased up to 70 nm,
indicating the occurrence of de-twinning.

Fig. 18(b) provides a clue of the de-twinning mechanism [101].
There is a primary twin with TBs indicated by 2 TB1 lines and a sec-
ondary twin with the TBs specified by 2 TB2 lines. The secondary
twinning process occurred via successive partial dislocation emissions
from primary TBs. It can be seen that the TB spacing of the primary twin
on the left of TB2 is thinner than that on the right by seven {111}
atomic layers, which is equivalent to the TB spacing of the secondary
twin. This indicates that the reactions between the leading partials of
the secondary twin and the primary twin have caused de-twinning by
seven consecutive {111} atomic layers to the primary twin. Obviously,
the thin twins, mostly less than 7 nm in thickness, were the major target

Fig. 13. (a) A typical bright-field TEM image showing nc structure in an HPT processed Cu [92]; (b) a typical HRTEM image of an equiaxed grain containing nano-
twins; (c) a fivefold twin observed in a ns copper processed by HPT [186].

Fig. 14. TEM images showing the characteristic microstructures at locations of incremental strain along the HPT disk radius [211].
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for de-twinning, because thin twins were less likely to trap dislocations
but having dislocations slipping along the coherent TB to cause de-
twinning [91,229–231]. The detailed explanation about the de-twin-
ning process can be found in literatures [101,220,229]. As a result,
significant amount of primary nano-twins were de-twinned. The re-
maining primary TBs could later transform into high-angle GBs after
absorbing a large amount of dislocations [176].

Interestingly, there were also significant amount of low-angle
boundaries formed after the de-twinning process as shown in Fig. 19(a).
As shown by Fig. 19(b–c), the low-angle boundary is actually a dis-
location wall that is nearly parallel to the GB. Systematic investigation
showed that the dislocation wall was formed by the remnant disloca-
tions from the de-twinning of thin nano-twins [101]. The micro-
structure formed by this mechanism has a distinct characteristic of
elongated grains divided by low-angle GBs as shown in Fig. 19(a). Si-
milar microstructures have also been observed in many other SPD
processed low SFE materials [11,169,211,228].

With further shear straining, the primary twins in the coarse grains
were either de-twinned by interacting with secondary twins and SFs, or
transformed to conventional GBs [101,220]. As a result, elongated ul-
trafine grains with non-equilibrium GBs formed as shown in Fig. 20(a)
[228]. There are high densities of extrinsic (extra) dislocations at non-

equilibrium GBs owing to the formation mechanisms of the GBs
[17,101,135,147,148]. These extrinsic dislocations are readily avail-
able sources of partial dislocations and twin embryos [149]. Mean-
while, as the grain size is in the lower UFG regime, GB mediated
twinning mechanisms began to operate. It is noted that the optimum
grain size to activate GB mediated twinning mechanisms increases with
decreasing SFE [102,184,205]. Thus, an extremely high density of SFs
and nano-twins could form within these grains, as exemplified by
Fig. 20(a–b) (an average TB spacing of 1.7 nm have been reported)
[228].

TBs are usually very strong obstacles to dislocation motion [232].
However, when the TB spacing is extremely small, the classical Hall–-
Petch type of strengthening due to dislocation pile-up at TBs switches to

Fig. 15. Schematic illustration of the grain refinement mechanism by transforming coherent TBs into conventional GBs in materials with low SFEs under SPD
processing [211].

Fig. 16. An HRTEM image showing a large amount of dislocations blocked by a
TB [211]. (Image were taken from a Cu–30 wt.% Zn alloy processed by HPT.
“T” indicates dislocations. Two white solid lines trace a {111} plane at each
side of the TB, respectively. One dash line traces (111)M to indicate the mis-
orientation between the {111} planes across the TB.).

Fig. 17. (a) A TEM image showing a high density of deformation twins (the
inset SAED confirms the twin relationship); (b) an HRTEM image of the de-
formation twins (white lines tracing the {111} planes forming the twin re-
lationship) [228].
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a dislocation-nucleation controlled softening mechanism with TB mi-
gration resulting from nucleation and motion of partial dislocations
parallel to the twin planes [233]. Thus, the TBs lose their ability to trap
dislocations and therefore lower the strength of the material when the
TB spacing is too small [234]. There exists a critical TB spacing for

softening and this critical spacing is a function of grain size [233]. An
estimation based on the theory proposed in the literature [233] in-
dicates that the TB spacing of 1.7 nm is below the critical TB spacing for
grains larger than 100 nm, implying that the high density nano-twins no
longer contributed to the strengthening of the material. To further in-
crease the flow stress with increasing strain, de-twinning through nu-
cleation and slip of partial dislocations from GB and GB–TB junctions is
the only choice [229,230,233,235]. With decreasing twin density, the
remaining TBs regained the capability to trap dislocations and further
grain refinement by TBs was activated again, as shown in Fig. 20(c–d).

The grain refinement process involving pronounced twinning and
de-twinning can be described in four stages, as illustrated schematically
in Fig. 21. At step 1, a high density of primary deformation twins
formed in the coarse grains. One or two twinning systems can be acti-
vated in each grain depending on the relative orientation of individual
grains that affects the resolved shear stresses on different twinning
systems, as illustrated in Fig. 21(b). At step 2, a de-twinning process
occurred through the formation of secondary SFs/nano-twins on in-
clined slip planes and the interaction between the secondary SFs/nano-
twins and the primary twins. The de-twinning process increased the TB
spacing of the primary twins from a few nanometers to a few tens or
even hundreds nanometers, transformed the remaining TBs into non-
equilibrium GBs through dislocation–TB interactions. The average grain
size is then reduced to the UFG regime. The large amount of disloca-
tions residing on the non-equilibrium GBs becomes the source of SFs
and nano-twins, leading to an extremely high density of nano-twins
under the effect of high stress, as illustrated in Fig. 21(c). At step 3, the
resulting highly twinned UFG structure underwent immediately
through the second de-twinning process that occurs via partial dis-
location emissions from TB and GB junctions [49,54]. The reduced twin
density caused by the second de-twinning process enables dislocation
activities on the inclined slip planes [54] that leads to significant dis-
location–TB interactions and consequently transformed the remaining
TBs into conventional GBs to further subdivide the grains, as presented
in Fig. 21(d). At step 4, SFs and nano-twins were continuously formed
through partial dislocation emission from GBs in the nano-crystallites.
Thus, further grain refinement was through the interactions between
newly formed dislocations and nano-twins [222]. The average grain
size at the steady state (Fig. 21(e)) is only slightly smaller than that of
the previous stage (Fig. 21(d)) [228].

In summary, imposed high shear strain and shear stress by SPD
promote the formation of nano-twins in FCC materials with low SFEs
[86,210]. TBs are effective obstacles for dislocation slip, thus disloca-
tions may quickly accumulate at the TBs and transform coherent TBs
into conventional GBs upon further straining by SPD. As a result, the
steady state grain sizes of many SPD processed FCC materials with low
SFEs are comparable to the TB-spacing found at the early stage of de-
formation. However, de-twinning may participate in the SPD induced

Fig. 18. (a) A typical TEM micrograph showing secondary twinning within primary T/M lamellae; (b) a typical HRTEM image illustrating the de-twining to the
primary twins via the interactions with secondary nano-twins/SFs [101].

Fig. 19. (a) A low magnification TEM micrograph showing the microstructures
of elongated grains formed after the de-twinning of primary twins; (b) a high
magnification TEM micrograph showing a dislocation wall within an elongated
grain; (c) an HRTEM image showing a high density of dislocations aligned along
the previous TB1 which is roughly parallel to the elongated GB. The inset shows
a magnified image of an area with dislocations [101].
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microstructural evolution, if the nano-twins formed at the early stage of
deformation are thinner than a critical thickness [230,233–235]. De-
twinning may occur due to interactions between primary coherent TB
and inclined nano-twins/SFs [101,220] or due to partial dislocation
emission from GBs [226,228,233]. Most importantly, if any type of de-
twinning occurs in any stage of the grain refinement process, the steady
state grain size will be larger than the average TB-spacing
[87,89,101,184,220,228,236,237].

3.4. Grain refinement of BCC materials

Unlike FCC materials, literatures about SPD processing of BCC
materials are comparatively limited. This is possibly due to two reasons:
(1) researchers are more interested in strain rate sensitivity and tem-
perature sensitivity of BCC materials [238–243] and (2) it is difficult to
have a general description about SPD processing of BCC materials be-
cause of the large variation of plasticity among BCC materials

Fig. 20. (a) A TEM image of ultrafine austenite
grains containing a high density of nano-twins;
(b) an HRTEM image showing a high density of
SFs/nano-twins within a grain; (c) a TEM
image of an ultrafine austenite grain con-
taining a high density of dislocations and some
nano-twins; (d) an HRTEM image of area 1 in
(c) where the white “T” denote dislocation
cores and the misorientation between the top
and bottom areas is ∼5° [228].

Fig. 21. A schematic diagram of the grain refinement process involving twinning and de-twinning in FCC materials with low SFEs [228].
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[244–246]. Typical BCC materials processed by SPD include Vanadium
(V) [247–249], Chromium (Cr) [107,250], Iron (Fe) [241,251–253] and
ferritic steel [228,254–256], Niobium (Nb) [246,257], Molybdenum
(Mo) [258,259], Tantalum (Ta) [244,260,261], and Tungsten (W)
[108,262,263]. Among these materials, Ta (Group VB) has a brittle-to-
ductile transition (BDT) temperature of ∼10 K and stands out to be the
most ductile metal at low temperatures [243]. In contrast, W (Group
VIB) has the highest melting point among all metals and a high BDT
temperature of above ∼370 K [264]. The BDT temperature of poly-
crystalline W spreads a wide range due to variation in grain size, im-
purity concentration, and tensile strain rate [265]. On the other hand,
W has negligible ductility at temperatures below 423 K in any case
[266]. Therefore, while other BCC materials could be SPD processed at
room temperature, W has to be deformed at high temperatures above
873 K [245] to avoid brittle failure before substantial grain refinement.

Plastic deformation of BCC materials is fundamentally governed by
dislocation slip along the close-packed 〈 〉111 directions and dislocation
activities have been observed on {110}, {112} and {123} planes in the

order of increasing rarity [63,267,268]. Experimental observations and
atomistic simulations suggested that edge dislocations in BCC materials
possess planar cores, low lattice friction, and consequently high mobi-
lity [268–272], while screw dislocations possess non-planar cores,
strong lattice friction and consequently low mobility [273], but they
can cross-slip as shown in Fig. 22 [274].

In Fig. 22(a–b), the dislocation source was pinned at point S. During
dislocation emission process, the dislocation loop (in the form of curved
trails) expanded into a straight screw part and a curved non-screw part,
spiralling around the source pinning point S. Fig. 22(c–f) shows the
continuous dislocation emission process (the original movie is available
in the reference [268]). When the curved non-screw part reaches its
critical position (white colour trace) at t= 2.32 s in Fig. 22(d), the
curved part escaped suddenly to touch the top (123) plane as shown in
Fig. 22(e), creating a dipole of two opposite screw segments (two
parallel white lines). Two straight screw dislocations with opposite
Burgers vectors slip away from the source, that one screw dislocation
slip toward top left in Fig. 22(a and f) and the other screw dislocation

Fig. 22. Emission and subsequent cross-slip of dislocations observed in a high purity Fe sample; Point S is the source pinning point. Point P is a pinning point for in-
coming screw dislocation. (a) and (b) snapshots of dislocation motion at 2.42 s and 4.32 s, respectively; (c-f) successive images showing the trace of dislocation slip
within the period of 0 s to 2.48 s [268].
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slip toward bottom right in Fig. 22(b and f). The slip plane of the second
screw dislocation is close to (123) as shown in Fig. 22(b).

To complicate matters further, the core structures of 〈 〉1111
2 screw

dislocations are very different among BCC materials, due to different
characteristic properties such as the cohesive energy and the elastic
constants [239,273]. For group VIB metals, a dislocation core may
spread asymmetrically into three intersecting planes, creating one
fractional dislocation with a Burgers vector 1/6 [111] on each plane.
For group VB metals, a dislocation core may spread symmetrically into
three planes, creating two fractional dislocations with Burgers vectors
1/12 [111] on each plane [239,260,264]. It should be noted that
fractional dislocations delimit a region of an unstable generalized
stacking fault. In contrast, partial dislocations terminate metastable
stacking faults [273]. Under plastic deformation, the shear stress per-
pendicular to the dislocation slip direction alters the symmetry of the
dislocation core such that it could either promote or impede the slip on
the most highly stressed slip plane. As a result, these screw dislocations
have to move (to cross slip) by kink-pair nucleation and slip on fun-
damental slip planes [63], creating net slip on either {110} or {112}
planes [239,275]. The unique dislocation core structures and frequent
cross slip of 〈 〉1111

2 screw dislocations are responsible for the plastic
anisotropy [239] and the widely observed non-Schmid effect (slip on
non-close-packed planes) in BCC materials [239,276–283].

Although, BCC materials possess unique dislocation core structures
[278,279,281,284–287], the SPD-induced grain refinement process for
BCC materials is somehow similar to that observed in FCC materials
with high SFEs [243,246,257,288–292]. The grain refinement of BCC
materials is governed by the development of dislocation structures, in
such way that incidental dislocation boundaries and GNBs continuously
form and increase in quantities by trapping dislocations with increasing
strain. As shown in Fig. 23, dislocation walls and sub-grain boundaries
are evident in SPD processed Fe (Fig. 23(a)) and W (Fig. 23(b)). In the
latter case, the W sample was processed at∼ 600 °C, which corresponds
to a homologous temperature of ∼0.24. Therefore, W was able to de-
form plastically while significant dynamic recovery was suppressed
[293]. Increasing the shear strain leads to the formation of typical la-
mellar dislocation structures and interconnecting boundaries (short
dislocation walls inside lamellar grains) as shown in Fig. 24, which are
similar to those observed in FCC materials. As the shear strain increases
to a sufficiently high level, the microstructures of BCC materials
eventually reach a steady state where the average grain size is not
further reduced. The strain required to reach the steady state for a BCC
material is positively related to the shear modulus of the material, this
is also the same as for FCC materials [107,252,294].

Similar to the cases in FCC materials processed by SPD, dislocation

densities of> 1016m−2 can be easily achieved in BCC materials pro-
cessed by SPD. Local dislocation density variation caused by dislocation
interactions and re-arrangement is also noticed during the micro-
structural evolutions of BCC materials processed by SPD [244,260].
Series of TEM works have shown that in the very tiny sub-grains (a few
tens of nanometers), a high density of dislocations with edge compo-
nents can be found at the interior [243,246,260,262], such as these
shown in Fig. 25 of HPT processed Mo samples [295]. Two-beam
conditions were used for imaging dislocations with enhanced contrast.
The segments of both edge and mixed dislocations in the grain of
∼140 nm are visible in Fig. 25(a). In a larger grain of ∼300 nm shown
in Fig. 25(b), the dislocations are mostly of the screw type. It has been
proven experimentally that the dominant type of dislocations tends to
change from the screw type to the edge and mixed types when the grain
size is reduced to the nc regime [260,262,295], as shown by the sta-
tistical data in Fig. 26.

In BCC materials, it is well-known that deformation twinning may occur
via the propagation of 〈 〉1111

6 partial dislocations on {112} planes [59,278].
However, the SFEs of BCC materials are usually very high, and the critical
twinning stress in BCC metals and alloys does not vary significantly in a
large temperature range of 4–300K. [73,106,297–299]. Thus, deformation
twinning has been rare in SPD-processed BCC materials. To date deforma-
tion twinning in polycrystalline BCC materials has only been experimentally
achieved under extremely high stress induced by shock loading
[279–281,300–302], or at the crack tip [303]. There are also simulation
results showing deformation twinning in nc BCC materials at high strain
rate, but the extremely small grain size and extremely high strain rate
adopted in the simulations are hardly achievable in experiments [304,305].
Moreover, recent experimental results showed that twinning in nano scale
BCC materials could be pseudo-type and de-twinning is likely to occur upon
unloading [278]. Therefore, deformation twinning is rarely observed or
involved in SPD-induced grain refinement of BCC materials. Gapontseva
et al. performed SPD processing of Nb at cryogenic temperature (80K) to
achieve an average grain size as small as 40 nm, but no deformation twin
was found in the material [306].

3.5. Grain refinement of HCP materials

In contrast to materials with cubic structures, materials with HCP
structures possess lower crystallographic symmetry and fewer in-
dependent slip systems. Fig. 27 illustrates schematically the HCP
structure and its slip systems. All easy slip systems having the shortest
perfect dislocation Burgers vectors of 1/3 〈 〉1120 or 〈 〉a are on the basal
plane or prismatic planes, which are perpendicular to the c-axis. To
accommodate strain along the c-axis, slip systems with a c-component

Fig. 23. TEM micrographs of (a) polycrystalline iron processed by HPT to an equivalent strain of ∼210 [296]; (b) polycrystalline W processed by ECAP+ rolling at
high temperatures [293]. White arrows and red arrows indicate some dislocation walls and sub-grain boundaries, respectively.
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are necessary [67,109,307–311]. This can be achieved by the nuclea-
tion and slip of 〈 + 〉c a dislocations [312–314]. Thus, 〈 + 〉c a slip sys-
tems are recognized the common secondary slip systems.

The ideal c/a ratio in a HCP unit cell is 1.633 [315]. In fact, HCP
materials may have different c/a ratios, thus the choice of principle slip
planes and the tendency for phase transformation are often different
among HCP materials [316]. The principal 〈 〉a slip plane is usually ei-
ther basal plane (0001) or prismatic planes {1100}, depending on whe-
ther c/a is above [317] or below ∼1.6 [318–323]. An exception is Be,
which has a c/a ratio of 1.568, but its principal slip plane is the (0001)
basal plane, which is still puzzling, and may be related to dislocation
core structure [324–326].

The preference for active slip systems can be reflected by their
CRSS. As illustrated in Table 2, for those with a c/a ratio above 1.6 (e.g.
Mg), the preferred slip system is the 〈 〉a basal slip systems. In contrast,
for those with a c/a ratio below 1.6 (e.g. Ti), the preferred slip system is

Fig. 24. TEM micrographs of (a) commercially pure (99.98%) Ta processed by ECAP to an equivalent strain of ∼4.64 [291]; (b) commercially pure W processed by
high temperature HPT to an equivalent strain of ∼70 [262].

Fig. 25. TEM images taken at two-beam conditions showing dislocations in grains with different sizes in HPT-processed Mo samples. (a) A dark field image of a
∼140 nm grain, and (b) a bright field image of a ∼300 nm grain. The →g vectors used for imaging are provided on the images. S111, E111 and E100 symbolize the

1111
2 screw, 1111

2 and 〈100〉 edge dislocations, respectively [295].

Fig. 26. Statistical analysis of the dislocation density evolution with respect to
grain size for 1111

2 screw dislocations and for 1111
2 edge and mixed dis-

locations [295].
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the 〈 〉a prismatic slip systems. In addition, some HCP metals have
〈 〉a{1101} pyramidal slip systems. The strain accommodated by
〈 〉a{1101} slip is equivalent to the strain produced by simultaneous and

independent operation of 〈 〉a(0001) slip and 〈 〉a{1100} slip [62]. How-
ever, there are no more than four independent slip systems with 〈 〉a
Burgers vectors in HCP materials. Therefore, 〈 〉a dislocations alone are
insufficient to fulfill the von Mises criterion for strain accommodation
[62,64], and 〈 〉a dislocations are incapable of accommodating the strain
perpendicular to the basal plane. Thus, 〈 + 〉c a dislocations and/or
deformation twinning are necessary for a general homogeneous de-
formation of HCP materials without cracking or forming voids
(common twinning systems in HCP materials are listed in Table 1,
Section 2).

As shown in Table 2, the CRSS of 〈 + 〉c a slip and twinning are
significantly higher than 〈 〉a slip, resulting in significant flow stress
anisotropy in HCP materials. Note that the principal 〈 + 〉c a glide plane
is {1122} for Be, Cd, Mg and Zn, but {1101} for Ti and Zr. In addition, the
CRSS for slip in HCP materials are sensitive to temperature. For ex-
ample, CRSS values for 〈 〉a prism slip in Ti and Zr are radically lower
than for 〈 〉a basal slip at low temperatures but becoming more similar at
high temperatures. Please refer to the relevant literatures [64,327–335]
for more details of CRSS of slip systems in HCP materials.

There are also reports about phase transformation from HCP
structures to BCC structures at elevated temperatures or under high
pressures. The HCP materials prone to phase transformation are those
with small c/a ratios [316,336–340]. Further discussion about phase
transformation in HCP materials is provided in Section 6. SPD-induced
phase transformation.

The abovementioned characteristics of HCP materials make them
obviously different from FCC and BCC materials in terms of SPD-in-
duced structural evolution. Thereby, many interesting and unique de-
formation mechanisms and microstructures were found in SPD pro-
cessed HCP materials.

3.5.1. Microstructural inhomogeneity and strain localization in plastically
deformed HCP materials

As shown in Table 2, the CRSSs for pyramidal slip and for

deformation twinning are much higher than that for 〈 〉a slip [341–343].
When an HCP crystallite has its c-axis aligned nearly parallel to the
imposed stress, the crystallite is therefore in the “hard orientation”
[66,311,344]. The existence of the “hard orientation” together with the
asymmetric natures of twinning and pyramidal slip in polycrystalline
HCP materials leads to significant microstructural inhomogeneity under
plastic deformation [343,345–349]. For example, as shown in
Fig. 28(a), there is obvious grain size inhomogeneity in Mg processed
by one pass ECAP. The large grains are as big as a few hundred mi-
crometers and the small grains are as small as a few micrometers. Si-
milar microstructural inhomogeneity is also exemplified in an ECAP
processed polycrystalline Mg shown in Fig. 28(b), although the differ-
ence between large and small grains is slightly smaller comparing to
that in Fig. 28(a). Such microstructural inhomogeneity has also been
observed in an HPT processed Zr alloy with a smaller c/a ratio than Mg
[349]. Therefore, it is concluded that microstructural inhomogeneity
induced at the early stages of SPD processing is a common phenomenon
in HCP materials.

During SPD processing of an HCP material, microstructural in-
homogeneity and microscale flow stress anisotropy may prevent basal
dislocations from slipping in grains with certain orientations, and ra-
pidly increase stress concentration at GBs and/or TBs. The highly
concentrated stress will eventually lead to shear banding and cracking
[334,344,350–352]. Plastic instability and shear banding have been
frequently encountered during plastic deformation of HCP materials,
but in-depth explanation about shear banding was seldom provided.

Fig. 29(a) shows interconnecting microbands dividing a coarse grain
in an ECAP processed Mg–3Al–1Zn alloy. The microbands contain large
amounts of recrystallized fine grains. Fig. 29(b) presents a corre-
sponding EBSD–Kikuchi band contrast map, where specific GBs are
highlighted in different colors, indicating that different twinning modes
accommodated the deformation. It was found that these microbands
were originally compression twins [353]. The twinned regions were
more favorably oriented for basal slip than the matrix [350]. Because
basal slip systems are the softest slip systems in HCP structures, further
straining was localized within the compression twins and accom-
modated by pronounced twinning and basal slip. This non-uniform

Fig. 27. A schematic illustration of the theoretical slip systems in the HCP lattice structure.

Table 2
Estimated CRSS (MPa) for five common deformation systems in Mg and Ti. (CRSS data for Mg and Ti were obtained for the temperature ranges of 500–600 K and
200–600 K, respectively) [64,328–335].

Materials Basal 〈 〉a slip Prismatic 〈 〉a slip Pyramidal 〈 + 〉c a slip 〈 〉{1012} 1011 tension twinning 〈 〉{1011} 1012 compression twinning

Mg [328,329,330] 2.7–13 12–20 24–45 10–18 ∼100
Ti [64,331,332,333,334,335] 49–150 37–98 120–224 125–213 N/A
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deformation triggered earlier dynamic recrystallization inside com-
pression twins than in the surrounding regions, and transformed the
previously formed large twin bands into microbands.

Fig. 29(c) presents a low magnification image showing a large
number of microbands (the thin lines with light contrast) agglomerated
into a macro shear band in an ECAP processed AZ31 (Mg–3Al–1Zn)
alloy at 150 °C [353]. Similar microstructures have also been observed
in ECAP processed commercially pure titanium [354,355]. At the vi-
cinity of the shear band, there are also pronounced intersecting mi-
crobands. Accordingly, Dogan et al. proposed a shear banding me-
chanism as depicted in Fig. 29(d). Large amounts of twin bands firstly
form within coarse grains; then localized deformation proceeds within
the twin bands in the form of basal slip and twinning. Vigorous dis-
location activities and double twinning within the twin bands lead to

high stress concentration causing dynamic recrystallization and trans-
form the twin bands into microbands. Eventually, a large number of
microbands agglomerates into a macro shear band. In addition, this
macro shear band formation mechanism has also been observed in
ZK60 (Mg–6Zn–0.5 Zr) Mg alloys processed by a high strain-rate rolling
process at different strain rates [356,357].

It was found that as the strain rate increased from 1 to 50 s−1, the
tendency for twinning increased significantly. This in turn provided
more nucleation sites for dynamic recrystallization, resulting in smaller
average grains. Therefore, the primary macro shear banding me-
chanism becomes increasing vigorous with increasing strain rate, at
least up to 50 s−1. What is remarkable about this macro shear banding
mechanism is that further deformation results in repeated twinning and
the subsequent dynamic recrystallization within the shear band to

Fig. 28. EBSD images showing the microstructures of (a) a single crystal Mg after one ECAP pass [347] and (b) a polycrystalline Mg after four ECAP passes [343].

Fig. 29. (a) An EBSD image showing micro-
bands dividing a coarse grain in an ECAP
processed Mg–3Al–1Zn alloy; (b) a corre-
sponding EBSD image showing the TBs in (a);
(c) a low magnification micrograph showing a
shear band observed in an ECAP processed
Mg–3Al–1Zn alloy; (d) schematic illustration of
a proposed shear-banding mechanism [353].
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produce an increasingly fine scale microstructure with increased strain.
Meanwhile, dynamic recrystallization is very helpful for randomizing
orientations of the refined grains. Thus, the operation of this macro
shear banding mechanism substantially refines the grain structure and
results in the development of a truly UFG microstructure with reduced
texture in HCP materials [356,357].

This shear banding mechanism is different from the conventional
adiabatic shear banding mechanism which requires much higher strain
rate and producing significantly different microstructures [358–360].
However, further experiments are required to further explore the strain
rate sensitivity of the proposed macro shear banding mechanism and to
verify if there is a transition between different shear banding me-
chanisms at the strain rate increases to a very high level [241].

Fig. 30(a) shows the inhomogeneous microstructure at the vicinity
of a crack in a room temperature ECAP-processed AZ31 Mg alloy, in-
dicating that microstructural inhomogeneity and flow localization have
led to failure [361]. In contrast, Ti and Zr tend to possess better duc-
tility than many other HCP materials, because both tension and com-
pression twins are likely to form in CG Ti and Zr [64]. However, Ti and
Zr can still fracture easily just like other HCP materials when processed
by unconstrainted SPD methods at a low homologous temperature
[354,362], exemplified by the image showing in Fig. 30(b). In order to
prevent or delay the failure of HCP materials during SPD processing,
several strategies can be used independently or collaboratively: (i)
tailor the initial orientation of the specimen to maximize the probability
of basal slip (prolong the stage II hardening) [363]; (ii) carry out de-
formation at elevated temperature to promote basal slip [364], to
promote recovery and to reduce the effect of strain hardening
[65,347,365,366]; (iii) tailor the grain size by pre-deformation at an
elevated temperature (homogeneously fine grains with an average size
of ∼1 μm, can provide an enormous amount of GBs and reduce the
chance for twinning, therefore to delay strain localization)
[359,367–370]; (iv) apply a strong back pressure with a constraint or
semi-constraint deformation setup (HPT and ECAP with a back plunger)
[338,349,371,372]. Strong back pressure can help keeping the spe-
cimen intact during deformation [373,374]; (v) reduce stress con-
centration by reducing the strain rate, or in a particular case of ECAP by
increasing the channel angle and reducing the ram speed
[30,354,375,376].

3.5.2. Dislocation slip and deformation twinning in HCP materials
Grain refinement by dislocation activities may be dominant during

SPD processing of HCP materials [377–380]. Fig. 31(a) shows lamellar
sub-grains containing interconnecting boundaries and dislocation

clusters in a commercially pure Ti sample processed by ECAP to an
equivalent strain of ∼1.2. Fig. 31(b) shows UFG structures with curved
and ill-defined (blurred) GBs. Similar sub-grain structures were com-
monly found in HCP materials processed by SPD. The sub-grain size
may be much bigger when the materials were processed at elevated
temperatures, but the curved and ill-defined GBs are always observed
[338,381–383]. As the shear strain increases, the grain size decreases
and the GBs become sharper as depicted in Fig. 31(c). Dynamic re-
crystallization may become evident at high strain levels resulting in
increased amount of equiaxed grains with sharp GBs [375,383].

Deformation twinning is an essential grain refinement mechanism in
HCP materials, because it is necessary for accommodating shear strain
along the c-axis [59,330]. While both FCC and BCC materials have only
one twinning mode, 18 twinning modes have been predicted including
6 modes verified experimentally in HCP materials. The activation of
different twinning modes is material dependent. For instance, twinning
on the {1012} plane is favored in Be, Mg, Zn and Cd, while twinning on
{1012}, {1121} and {1122} planes is favored in Ti and Zr. The activation of
a particular twinning system also depends on the magnitude of the
shear stress and the sense of shear (compression or tension) in relation
to the applied stress. For example [384], when an HCP crystal is
stressed along the c-axis, {1012} twinning operates under tension if the
c/a ratio is less than 3 (Mg, Be), whereas it operates under com-
pression if the c/a ratio is greater than 3 (Zn, Cd). This is because the
shear direction reverses as the c/a ratio passes through the value of 3 .

Different twinning modes are related to different twinning me-
chanisms and different states of core configuration, resulting in dif-
ferent strain accommodation [365,385]. Thus, the participation of de-
formation twinning in the SPD-induced grain refinement process of
HCP materials is very complicated and has only been investigated to a
limited extent. Therefore, the following part of this section will provide
only a limited picture about the effect of deformation twinning on the
SPD-induced grain refinement in HCP materials.

The propensity for deformation twinning is high in CG HCP mate-
rials at early deformation stages beyond a certain critical strain
[330,386,387], unless the material is deliberately oriented to favor 〈 〉a
slip [343]. On the other hand, attributed to the microscale flow stress
anisotropy and the low CRSS of basal slip, dislocation slip always
compete vigorously with deformation twinning [65,353,388]. How-
ever, similar to FCC materials, grain refinement by deformation twin-
ning is more effective than that by dislocation activities in HCP mate-
rials. For instance, at low to medium strain levels, deformation twins
with thicknesses between 500 nm and 80 nm can form in ECAP pro-
cessed HCP Ti samples [362,365]. According to literatures, the lamellar

Fig. 30. (a) An optical image showing the microstructures around the crack in an AZ31 Mg alloy processed by ECAP at room temperature [361]; (b) commercially
pure Ti samples processed by room temperature ECAP at different ram speeds [354].
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sub-grains (widths> 400 nm) formed by dislocation rearrangement are
significantly larger than the average thickness of deformation twins at
the same strain level [362].

As mentioned earlier, many different types of deformation twins
may form in HCP materials, depend on the temperature [65,389], strain
rate [390], microscopic stress state [330,391] and c/a ratio [64,109].
Even for the same type of twins, several crystallographically equivalent
variants may be active. For example, the 〈 〉{1012} 1011 twins in hcp
structures possessing six crystallographically equivalent variants can
theoretically form three pairs of crystallographically different
twin–twin intersections [392–394]. Thus, twinning intersections often
facilitate grain refinement to an appreciable extent as shown in
Fig. 32(a).

In addition, twin length was found to be strongly dependent on the
grain size, stress state, and the intrinsic properties of materials. Thus,
for random cases, twins do not extend to the full extent of the perimeter
of their parent grains as exemplified in Fig. 32(b–c) [390]. If the
twinning dislocations are pinned by other dislocations at the interior of
the parent grains, further straining may cause the twined region
transform into sub-grains with irregular shapes and wavy boundaries
(e.g. area B in Fig. 32(b)) [390,395]. Otherwise, de-twinning may occur
as a reversal of the twinning process when the local stress state is
changed [311,396–398]. Although different types of deformation twins
may participate in the grain refinement as the processing temperature
and/or the stress state are changed, (e.g. the dominant twinning mode
changes from 〈 〉{1011} 1012 at temperature above 600 K [365] to

〈 〉{1012} 1011 and 〈 〉{1122} 1123 at ambient temperature (Fig. 32), the
general effect of deformation twinning facilitating grain refinement is
the same.

Similar to FCC materials, grain size also has a strong effect on
twinning in HCP materials [400–402]. Although different HCP mate-
rials may have different sensitivities to the grain size effect [387], the
general trend is that the twinning propensity decreases with decreasing
grain size [403]. As shown in Fig. 33, the fraction of twinned grains
decreases dramatically as the grain size is reduced to the UFG regime.
As the participation of deformation twinning decreases, dislocation slip
shall play a bigger role in the grain refinement process. Especially, the
dislocations with 〈 〉c components that can accommodate the strain
along to the c-axis of the HCP structure, and tend to significantly in-
crease in density in SPD processed ultrafine grains and nano-grains
[399].

Zhu et al. proposed a hypothesis for the observed grain size effect on
the deformation twinning in HCP metals [43,404]. Deformation twin-
ning in HCP metals requires much higher applied stress than 〈 〉a dis-
location slip. The HCP metals lack five independent slip systems to
coordinate the plastic strain as required by the von Mises criterion
[64,75,76], which leads to stress concentration at GBs where the dis-
locations piled up. For CG HCP metals, this stress concentration could
be high enough to activate the twinning to relieve the stress

concentration. However, when the grain size becomes very small (e.g.

Fig. 31. TEM images of a Ti sample processed by ECAP (channel angle= 120°) through (a) 2 passes, (b) 6 passes and (c) 8 passes at room temperature [375].

Fig. 32. EBSD images showing (a) pronounced twinning intersections in a
plastically deformed Ti (the white, black, blue and red lines delineate low-angle
GBs, high-angle GBs, {1012} 1011 and {1122} 1123 TBs, respectively.) [399];
(b) twin fragments (marked by black arrows) in ultrafine grains (the yellow and
green lines delineate TBs of {1012} tension twins and {1122} compression twins,
respectively); (c) a {1122} compression twin marked “B” and two {1012} tension
twins marked “C1” and “C2” coexist in an ultrafine grain [390] (For inter-
pretation of the references to colour in this figure legend, the reader is referred
to the web version of this article.).
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below a few hundred nanometers), no effective dislocation pileup can
be established in such small grains to overcome the required high cri-
tical stress for twinning, making twinning more difficult. Furthermore,
when the grain sizes become very small, GB sliding may become active
to help with relieving the stress concentration, making twinning even
more difficult. The above hypothesis is supported by the report that
some plastic strain by dislocation slip has to take place first before
twinning occurs in CG Ti [308], which is needed to build up the stress
concentration. Further research is needed to verify the validity of the
hypothesis.

3.6. The minimum average grain size achievable by SPD

Despite of complicated deformation mechanisms operating in the
SPD-induced grain refinement processes, the microstructure of each
processed material will eventually reach an steady state at which fur-
ther deformation does not change the overall microstructure, i.e., the
average grain size remains unchanged with further straining. The
minimum average grain size achievable depends on intrinsic material
properties such as SFE [106,180,405] and external SPD conditions in-
cluding processing temperature [142,170], the SPD technique
[127,406], applied pressure [86,146,407], and strain rate [105,408].

Early understanding about the SPD-induced equilibrium average
grain size suggested that the steady state of SPD is the result of a bal-
ance between deformation induced grain refinement and dynamic re-
covery (annihilation of dislocations and destruction of GBs)
[298,409–412]. Mohamed proposed a dislocation model for the
minimum average grain size attainable by SPD as:

= − −d b A e D Gb v kT γ Gb G σ/ ( )( / ) ( / ) ( / )min
αQ α Q RT

PO SFE3
( )/4 2

0
0.25 0.5 1.25SD SD*

(1)

where b is the Burgers vector, A3 is a constant (the subscript shows the
trace of the formulation procedures), QSD is the self-diffusion activation
energy, α is the ratio between pipe diffusion activation energy and QSD,
α* is the ratio between vacancy migration activation energy and QSD, R
is the gas constant, T is the absolute temperature, DPO is the frequency
factor for pipe diffusion, G is the shear modulus, v0 is the ratio between
lattice diffusion frequency factor and effective radius of the impurity
atmosphere, k is Boltzmann’s constant, γSFE is the SFE, σ is the stress
generated as a result of SPD. Mohamed’s dislocation model [298,412]
can be a good guide for exploring the relationship between materials
intrinsic properties and the minimum average grain size, and the effect
of external SPD conditions on the minimum average grain size. How-
ever, Mohamed’s dislocation model is not yet perfect. There are more
physical parameters that are found useful by other researchers [106],
which will also be discussed in the following paragraphs. A list of some
relevant properties of common materials for SPD research is given in
Table 3 for readers’ convenience.

3.6.1. Effects of atomic bond energy, specific heat capacity and self-
diffusion activation energy

Mohamed’s dislocation model has an energy parameter QSD, which,
is defined as the energy required for the self-diffusion of one mole of
atoms. It can be understood that if QSD is high, dynamic recovery would
be delayed due to insufficient energy storage at medium to low strain
levels [106,170,298]. Available literature reports have proven that dmin

decreases with increasing QSD [106,152,170,298,413]. Fig. 34(a) il-
lustrates the relationship between dmin and QSD. (Note: in Fig. 34, ds is
used instead of dmin because of different preferences of the authors, but
throughout our review paper ds and dmin are equivalent.) Since the
stored energy in the materials increases with grain refinement
[80,414,415], and the specific heat capacity QS represents the max-
imum energy that can be stored in a unit volume of solid materials, it is
reasonable to assess the correlation between dmin and QS. As shown in

Fig. 33. Grain size effect on the fraction of overall twinned grains. The grain
size dependency of {1012} 1011 and {1122} 1123 twins is presented separately
in the insets [399].

Table 3
Melting temperature Tm, shear modulus G, Burgers vector b, atomic bond energy ΔH, specific heat capacity QS, activation energy for self-diffusion QSD, stacking fault
energy γ SFE, of common model materials [106].

Metal Structure Tm (K) G (GPa) b (nm) ΔH (GJ/m3) QS (GJ/m3) QSD (kJ/mol) γSFE (mJ/m2)

Cr BCC 2133 115 0.2498 54.8 8.61 339.1 380
Fe BCC 1809 81.6 0.2482 58.7 8.85 239.5 180
Mo BCC 2888 125.6 0.2725 70 9.17 464.7 　

Nb BCC 2740 37.5 0.2864 67.2 7.01 401.9 150
Ta BCC 3253 69 0.2856 71.7 8.22 413.2 210
V BCC 2175 46.7 0.2618 61.6 7.66 308.4 150
Ag FCC 1234 27 0.2889 27.7 2.59 181.7 16, 23
Al FCC 933 26.2 0.2864 33.7 1.79 126.4 166, 200,
Au FCC 1336 27.7 0.2884 33 3.11 176.6 32, 50
Cu FCC 1357 48.3 0.2556 47.7 4.02 203.6 45, 55, 78
Ni FCC 1728 75 0.2492 65.1 7.26 285.1 125, 250
Pb FCC 600 5.6 0.35 10.7 0.48 109.1 24.5
Pd FCC 1825 43.6 0.2751 42.7 5.36 266.3 130, 180, 240
Hf HCP 2500 56 0.3127 45.4 5.26 174.2 　

Mg HCP 922 17.3 0.3197 10.6 1.15 138.2 125
Ti HCP 1940 45.6 0.2896 44.2 5.23 169.1 350
Zn HCP 693 41.9 0.2665 14.3 1.09 91.7 140
Zr HCP 2125 35 0.3179 43.3 3.94 113 220, 240
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Fig. 34(b), dmin is also a function of QS that dmin decreases with in-
creasing QS, because a material with a high QS is capable of storing
more energy carriers (GBs and dislocations) than a material with a low
Qs. Because both QSD and QS are atomic bond parameters, and both
parameters have effect on dmin, it is also necessary to consider the
atomic bond energy ΔH which is the enthalpy required to break all
atomic bonds in one cubic meter of pure metal. When ΔH is high, a high
energy is required to break atomic bonds and to move atoms, therefore
atomic diffusion is significantly suppressed and dynamic recovery is
difficult unless there is sufficient thermal energy input (high tempera-
ture). In contrast, for the metals with low ΔH, a significant recovery
may occur after SPD at room temperature [165,381], and thus their
grain sizes are more sensitive to QSD and QS compared with metals with
high ΔH.

3.6.2. The effect of temperature
Temperature affects the atomic diffusion and the microstructural

evolution in multiple ways [55,105,106,127,416], and consequently
affects the dmin in SPD. It is convenient to correlate dmin with homo-
logous temperature (the temperature of a material as a fraction of its
melting point temperature using the Kelvin scale) so that both proces-
sing temperature and melting temperature are considered when ex-
amining the temperature effects. According to Fig. 35, the normalized
minimum grain size ds/b (or dmin/b) increases with increasing homo-
logous temperature under comparable processing conditions [106].
This can be understood by examining the temperature effect on the two
competing processes – grain refinement and grain growth. There are

numerous literatures showing that grain refinement can be enhanced by
lowering the temperature [142,206,417]. For high SFE materials in
which full dislocation activities governs the grain refinement, by low-
ering the homologous temperature the dislocation density can be in-
creased to enhance grain refinement [142,418,419]. For materials with
low SFEs in which deformation twinning plays a major role, by low-
ering the homologous temperature the TB-spacing can be narrowed to
enhance grain refinement [105,206]. For medium SFE materials which
is prone to a deformation mechanisms transition caused by processing
condition variation (including changing processing temperature), the
grain size can be significantly decreased if the dominant mechanism is
changed from dislocation slip to deformation twinning. In other word,
dmin of medium SFE materials is more sensitive to the variation of
homologous temperature than that of other materials [105,165,417].

On the other hand, the grain coarsening/growth mechanisms such
as dynamic recovery [164,413,420,421], dynamic recrystallization
[408,422–424] and GB migration [425,426] are thermally activated,
that can be suppressed/delayed by lowering homologous temperature.
It should be aware that low temperature SPD can significantly increase
the stored energy in materials. The high stored energy in the form of
lattice defects decreases the activation energy and increases the rate for
recrystallization [427]. Thus, fast grain growth due to recrystallization
at room temperature has been found in some materials, such as high
purity Al, Ag and Au, processed by cryogenic-HPT [165,427].

3.6.3. The effect of stacking fault energy
The effect of SFE on grain refinement has been widely investigated.

It is generally agreed that materials with lower SFE can achieve smaller
grain size. By decreasing the SFE, deformation twinning can be acti-
vated and TB-spacing can be reduced. Thus, grain refinement is en-
hanced [95,96,103,180,428]. Meanwhile, by decreasing SFE, dynamic
recovery due to dislocation cross-slips can be suppressed [95,152–154].
Mohamed and Dheda plotted the normalized minimum grain size (dmin/
b) against the normalized SFE (γ/Gb) based on the data from HPT ex-
periments conducted by other researchers [406]. Although the in-
creasing trend of dmin/b with respect to increased γ/Gb can be noticed,
the scattering of data point is too broad. The wide scattering of data
points in Fig. 36(a) is attributed to inconsistent SFE evaluation methods
[405], to the significant variation of homologous temperatures and
possibly to other factors [106]. Therefore, Lu et al. [405]. purposely
chose two limited sets of experimental data to again fit the model as
shown in Fig. 36(b–c). The fitting results show much better improve-
ments compared to Fig. 36(a).

While the majority of researchers have agreed that the steady state
(minimum average) grain size processed by SPD is positively related to the
SFE, Edalati and Horita argued that dmin/b for pure metal was almost in-
dependent of γ/Gb as far as the data were evaluated at a given T/Tm [106]
and that dmin/b for single phase alloys is affected by elastic interaction,
modulus interaction and SFE [429]. In fact, the dependency of the
minimum average grain size on the SFE can be validated by carefully

Fig. 34. A plot of steady state grain size against (a) QSD, (b) Qs and (c) ΔH [106].

Fig. 35. A plot of steady state grain size against homologous temperature
[106].
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reviewing relevant literatures, but the homologous temperature does have a
very significant effect [89,103,105,106,176,180,184,298,430]. For the case
of alloys, the problem is more complicated. The elastic interaction is at-
tributed to atomic size mismatch between solutes and the matrix. The
modulus interaction is attributed to shear modulus mismatch between so-
lutes and the matrix. It is well-known that solute atoms exert a strong drag
effect on dislocations [55,431]. Therefore, increasing solute content in
single phase alloys will significantly suppress grain growth by suppressing
dynamic recovery and GB migration [432,433]. Hence, it has been pro-
posed that the significant effect of atomic size mismatch and modulus in-
teraction on dislocation mobility and grain size should be incorporated into
the model for predicting the steady state grain size attained by SPD [429].

3.6.4. The effect of experimental conditions
It is a convenient practice to employ the Zener–Hollomon para-

meter, Z, for assessing the synergetic effect of processing temperature

and strain rate on microstructural evolution, including the minimum
average grain size [127,430]. This parameter incorporates both strain
rate (ε̇) and temperature (T) as:

= +Z ε Q
RT

ln ln ˙ (2)

where Q is the activation energy for diffusion and R is the gas constant
(8.317 kJ/mole K) [170,416]. According to Fig. 37(a), as Z increases,
the grain size decreases and the tendency for twinning increases. A
large fraction of deformation twins reduces the overall GB energy as
shown in Fig. 37(b). There is a critical Z, referred to as Z*, at which a
transition in the dominant grain refinement mechanism from disloca-
tion activities to deformation twinning occurs. Although, Fig. 37 is
based on a particular case of Cu, recent experimental evidence implied
that there may also be critical Z*s for materials with very high SFEs and
low Tm such as Al [88].

Lu et al. [405]. reduced Mohamed’s dislocation model into the form
= ( )Ad

b
γ

Gb

qmin , the two fitting parameters A and q are affected by de-
formation conditions and possibly some other less-explored factors such
as solute atoms. Lu et al. fitted the equation with some experimental
data as shown in Fig. 36(b–c). Fig. 36(a) is based on data from HPT
experiments, the linear fitting parameters were found to be

≈ ×A 1.31 104 and ≈q 0.653. Fig. 36(c) is based on data from ECAP
experiments, the linear fitting parameters were found to be

≈ ×A 3.03 104 and ≈q 0.696. The major difference between HPT and
ECAP is the applied pressure. Therefore, the significant variations in the
fitting parameters indicate the significant effect of pressure on the
steady state grain size. High pressure can enhance the accumulation of
dislocations [146,434] and/or promote deformation twinning
[86,210]. Meanwhile, high pressure reduces self-diffusivity by the va-
cancy mechanism and hence decreases the dynamic recovery rate by
diffusion controlled mechanisms [156,251,407]. As a result, high
pressure leads to small steady state grain size.

Fig. 36. (a) A plot of normalized minimum grain size (dmin/b) against the
normalized SFE (γ/Gb) based on the data from HPT experiments [406]. A
logarithmic scale plot of dmin/b against γ/Gb based on the data from (b) HPT
experiments and (c) ECAP experiments, respectively [405].

Fig. 37. (a) Plots of the average grain size and volume fraction of nanoscale T/
M lamellae bundles against lnZ for pure Cu; (b) a plot of the average GB energy
against lnZ. A vertical dotted line indicates the critical Z* at which a transition
from dislocation activity to deformation twinning occurs [176].
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4. SPD-induced grain growth

In recent years, deformation induced grain growth has attracted
significant attention. SPD processing can lead to two opposite phe-
nomena – SPD-induced grain refinement and grain growth. The final
average grain size of materials processed by SPD is achieved through
the dynamic balance between the grain refinement process and the
grain growth process. For CG materials, SPD processing leads to grain
refinement. Conversely, grain growth has been readily observed in nc
materials that were subjected to various types of plastic deformation
processes, including nanoindentation [435,436], cold rolling
[437,438], uniaxial tension [439], uniaxial compression [440,441],
and HPT [199,428,442,443]. In these cases, the starting grain sizes
were much smaller than the final steady state grain size under the
specific deformation conditions. For example, Liao et al. [442] con-
ducted HPT on electrodeposited nc Ni with an initial grain size of
∼30 nm. Grain growth occurred, reaching an average grain size of
∼129 nm after HPT processing. This value is within the reported grain
size ranges achieved in HPT-processed CG Ni (∼105 nm [444],
∼120 nm [445], and ∼170 nm [146,155,446]). This suggests that
there exists an upper size limit for deformation induced grain growth,
and this upper limit is close to the lower grain size limit for HPT-in-
duced grain refinement of CG Ni. The final grain size of materials
processed by SPD is determined by processing parameters and material
properties (more details can be seen in Section 3.6).

4.1. Grain growth mechanisms

As presented in Section 3, when SPD is applied on CG materials,
grains in the materials are refined mainly by dislocation slip or com-
bined dislocation slip and deformation twinning. When SPD is applied
on nc materials with a significant volume fraction of GBs, GB mediated
processes including GB sliding, grain rotation, GB migration, GB dif-
fusion and partial dislocation emission from GBs play a major role in
accommodating the strain, resulting in grain growth via different me-
chanisms. A number of investigations have been carried out to under-
stand the grain growth mechanisms. Results of molecular dynamic
(MD) simulations [447–451], theoretical calculations [200,452], in-situ
TEM investigations [201,217], and post-mortem TEM investigations
[22,197,435,442,444,453] revealed two plastic deformation induced
grain growth mechanisms – GB migration and grain rotation.

4.1.1. GB migration
For grains larger than 100 nm, deformation-induced grain growth

occurs via GB migration. By conducting in situ nanoindentation and in-
situ tensile testing in TEM on UFG Al thin films, Jin et al. [436] and
Legros et al. [454] observed GB migration from larger grains towards
smaller grains, i.e., a grain grows at the expense of neighbouring
smaller grains. Fig. 38 shows evidence of deformation-induced grain
growth via GB migration in an UFG Al film during nanoindentation
[436]. Fig. 38(a) presents a bright-field TEM image containing three
grains numbered as 1, 2 and 3 before indentation. Fig. 38(b–d) show
dark-field images of the three grains before indentation. Fig. 38(e and
f–h) present bright-field and dark-field images, respectively, of these
grains after indentation. It’s clearly observable that the small grain 1,
which existed before the indentation, was absorbed by the growth of its
neighboring grains 2 and 3 during indentation [436]. Fig. 39(a–e) show
a series of pictures extracted from a video recording a grain growth
process during tensile testing on an Al thin film. Fig. 39(f) shows the
sketch of the successive positions of a GB. The clearly observable shape
change in grain A confirms the effectiveness of GB migration as a grain
growth mechanism [454].

4.1.2. Grain rotation
For grains much smaller than 100 nm, grain growth occurs via grain

rotation and GB sliding. Both post-mortem TEM investigations on SPD-
processed bulk nc materials [197,428,437,438] and in-situ deformation
TEM studies on thin film nc materials [201,217] revealed the grain
rotation mechanism. There was some concern that grain growth ob-
served by in-situ TEM was caused by the thin film effect in which
materials were constrained only in two dimensions. To exclude the thin
film effect, Wang et al [197] applied HPT to severely deform electro-
deposited bulk nc Ni-20 wt.% Fe disks. Significant grain growth oc-
curred after 1-revolution HPT with the average grain size of the ma-
terial evolving from ∼22 nm to ∼95 nm. As shown in Fig. 40, many
sub-grains with low-angle sub-grain boundaries (as indicated by dotted
lines) forming large grains were observed in HPT-processed specimens.
Note that the sizes of the sub-grains were consistent with the grain sizes
in the as-received sample, indicating that the large grains were formed
through the rotation of the initial small grains. Furthermore, the GB of
the large grain with dark contrast in Fig. 40 is of irregular shape which
matches well with the boundaries of the initial small grains, indicating
that no observable GB migration occurred at this stage of the grain
rotation. Fig. 41(a) shows another example of a large grain with a grain

Fig. 38. Bright-field and dark-field TEM images before and after indentation, indicating indentation-induced GB migration [436].
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size of∼80 nm formed by several sub-grains with small angle sub-grain
boundaries, as highlighted by dash lines. Fig. 41(b) shows an HRTEM
image of the area marked with a white rectangle in Fig. 41(a). A mis-
orientaion of ∼6°between the two sides of the sub-grain boundary is
seen clearly. Note that the GB of the large grain is much straighter than
that of the large grain in Fig. 40, part of which was marked by two black
arrowheads. The smooth and straight GB indicates that both grain ro-
tation and GB migration occurred during the grain growth process.

4.1.3. Cooperation of two mechanisms for nc materials
For grains larger than 100 nm, grain rotation cannot be easily ac-

tivated because the critical stress to activate the rotational deformation
increases with increasing grain size [200]. Therefore, only for nc ma-
terials with grain size much smaller than 100 nm GB rotation plays a
major role on deformation-induced grain growth. Notably, there exists
a cooperative action of grain rotation and GB migration in deformed nc
materials. MD simulations in a polycrystalline Pd with an average grain
size of 15 nm revealed a close coupling between the grain rotation and

Fig. 39. Video sequence taken in dark field recording straining-induced grain growth. (a) t= 0 s, (b) t= 1.2 s, (c) t= 18.16 s, (d) t= 29.01 s , (e) t= 29.24 s, and (f)
a sketch of successive GB positions [454].

Fig. 40. A TEM image of an HPT-processed Ni-Fe nc material. The white dotted
lines indicate sub-grain boundaries [197].
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GB migration, that is, grain rotation induced grain coalescence will
always induce GB migration, and GB migration may, in turn, trigger
grain rotation when the grain size is small enough [447]. Later ato-
mistic simulations on a deformed nc aluminum indicated that the grain
growth resulted from rotation of nano-grains and rotation triggered
migration of GBs [449].

The coupling effect was analyzed using an atomic model based on
the atomic-level shear stress acting on the interfaces during indentation
[449]. Fig. 42(a) shows the contact area before indentation.
Fig. 42(b–h) show the evolution of the structure of a few neighboring
grains in the dashed area in Fig. 42(a). In these figures, the contact
force applied by the indenter to the film was provided at the lower left
corner of the images. It can be seen that, at the early state of indenta-
tion, significant rotation of grain 1 takes place due to GB sliding be-
tween grains 1 and 5, as shown in Fig. 42(c). After grain 1 rotation, the
misorientation angle between grains 1 and 2 transformed from ∼22° to
∼13.5°. As the contact force increases, the boundary separating grains
1 and 2, which consists of GB dislocations, begins to migrate towards
grain 4 until it is absorbed by the boundary of grain 4. The collective
migration of dislocations is accompanied by local lattice rotation. In
this process, grain 2 and grain 1 eventually coalesce to form one grain.
The cooperative action of grain rotation and GB migration may explain
the formation of the straight GBs in Fig. 41(a) [447,455].

4.2. Twin density evolution during grain growth process

SPD-induced grain growth processes are accompanied with other
structural evolutions, including the evolutions of twin density and
dislocation density. The latter will be discussed in Session 5. Both
twinning and de-twinning have been reported to occur during the de-
formation of nc materials. Deformation induced twinning was observed
in nc Al during cryogenic ball milling [193] and ns Cu during HPT [92].
Deformation induced detwinning was observed in nc Ni-Fe alloys

during HPT [100,456], cold rolling [437] and uniaxial compression
[441,457]. Ni et al [100] carried out a systematic investigation on the
evolution of twin density during the HPT-induced grain growth process
in a nc Ni-Fe alloy. The results indicate that de-twinning occurred at the
beginning of deformation, and as the grain size increased to a certain
value, deformation twinning occurred. Fig. 43(a–c) show typical bright-
field TEM images of the as-deposited Ni-Fe alloy, the edge part of the
10-revolution HPT disk and the edge part of the 20-revolution HPT
disk, respectively. Twins were indicated by white arrows. It can be seen
that a high density of growth twins existed in the as-deposited material
with an initial average grain size of ∼ 21 nm. This is consistent with
previous results of similar materials prepared by the same method
[7,215,437,438,441,458]. During HPT, continuous grain growth oc-
curred and the twin density experienced a decreasing, then increasing
and decreasing again as the number of HPT revolution increases, which
indicates an optimum grain size for twinning. Few twins were seen in
the 10-revolution HPT specimen, as evidenced in Fig. 43(b), while a
high density of twins was seen in the 20-revolution HPT disk in
Fig. 43(c).

It is clear that with increasing grain size the number of grains
containing twins first decreased and then increased, which indicates
that deformation induced de-twinning and twinning occurred con-
secutively during the grain growth process. Fig. 44 shows the statistical
grain size distributions and twin distributions before and after different
HPT revolutions, summarized from comprehensive TEM observations.
As shown in Fig. 44(a–c), the average grain size increased and the
number of grains containing twins decreased from the initial state to 5-
and 10-revolution HPT. As the number of revolutions increased to 15
and 20 revolutions, as shown in Fig. 44(d–e), a significant increase in
twin density accompanied with grain growth appeared. Further de-
forming the sample to 30 HPT revolutions increased the average grain
size to 115 nm (Fig. 44(f)). However, the deformation twins exist only
in smaller grains and the fraction of the twinned grains is reduced,
revealing a significant de-twinning occurred during deformation from
20 to 30 HPT revolutions.

The statistic data indicate that there is an optimum grain size for
twinning which is not significantly affected by the overall grain size
distribution. This is consistent with the inverse grain size effect on the
formation of deformation twins reported earlier [99,459]. It should be
noted that this optimum grain size range for twinning is affected by
intrinsic materials properties such as SF energy as well as by externally
applied deformation conditions, such as stress and strain rate [99].
Outside of this grain size range, the de-twinning process dominates to
annihilate existing twins. The tendency for twinning and detwinning
during plastic deformation as a function of grain size is schematically
illustrated in Fig. 45 [100].

5. SPD-induced dislocation density evolution

5.1. The dislocation density evolution in SPD-induced grain refinement
process

It has been well investigated that deformation induced grain re-
finement is mainly caused by dislocation activities for materials with
medium to high SFEs under low stain rates [92,145,444,460], thereby a
deformation-induced grain refinement process is usually accompanied
by an evolution in the dislocation density. As discussed earlier, at the
early stages of an SPD process, various sub-structures including dis-
location cells and cell blocks form via dislocation generation and ac-
cumulation [148,181,461,462]. With increasing strain, the mis-
orientation between neighboring cells and cell blocks increases and the
size of cell blocks becomes smaller owing to further division. Even-
tually, cell block boundaries become high-angle GBs, and smaller grains
form inside the initially coarse grains [124,145,181,461].

The evolution of the dislocation density during ECAP process was
systematically investigated using XRD peak broadening analysis, TEM

Fig. 41. (a) A TEM image of a grain consisting of several sub-grains. The sub-
grain boundaries were highlighted by dash lines; (b) an HRTEM image of the
area marked with a white rectangle in (a), showing a misorientaion of ∼6°
between the two sides of the sub-grain boundary [197].
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Fig. 42. Deformation of a cluster of grains with an average grain size of 7 nm in an Al film. (a) The contact zone before indentation; (b)-(d) Rotation of grain 1; (e)-(h)
Motion of the boundary between grains 1 and 2 [449].
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analysis, the Kocks model and the Estrin model [181]. The dislocation
density can be obtained from bright-field TEM images by measuring the
length of the visible dislocations and dividing by the observed area
multiplied by the specimen thickness [181]. The Kocks model [463]
and the Estrin model [464] were based on the Taylor equation (see Eq.
(3)) to evaluate the evolution of the dislocation density.

= Mα Gb ρσ̂ T (3)

In the Taylor equation, M is the Taylor factor accounting for a
polycrystal, αT is a numerical factor, G is the shear modulus and b is the
Burgers vector. σ̂ defines the flow stress at a given dislocation density.
Assuming a Taylor factor of 3.06, which is valid for a randomly or-
ientated polycrystalline material, a rough estimate of the total dis-
location density can be made by replacing σ̂ with the measured yield
strength σy or ultimate tensile strength (UTS). Note that the Taylor
equation does not describe the microstructural evolution associated
with the stresses between the yield and the ultimate tensile stress,
thereby the σ̂ in the equation can be replaced by either σy or UTS.

Evaluation of the dislocation densities estimated from TEM and the
two models shows that, although values of the dislocation density de-
duced from different ways vary, the trend of dislocation density evo-
lution was the same: (1) the dislocation density in the copper increased

significantly at the initial stages of the ECAP process, suggesting that
dislocations played a major role in grain refinement at this stage; and
(2) the dislocation density reached a peak at 4-pass ECAP and then
decreased. The decrease in dislocation density with further ECAP passes
can be explained based on the facts that dynamic recovery occurred
extensively when the dislocation density becomes high. The dislocation
generation rate and annihilation rate are supposed to reach a balance at
large strain values, resulting in a steady state dislocation density.

5.2. The dislocation density evolution in SPD-induced grain growth process

5.2.1. The dislocation density evolution during grain growth process
A deformation-induced grain growth process is also accompanied by

an evolution in dislocation density [199,236,437,438]. Previous in-
vestigations reported a complicated dislocation density evolution
during HPT-induced grain growth in nc Ni-Fe alloys. Specifically, the
average dislocation density increased at the early stages of HPT pro-
cessing, which is attributed to a large number of dislocations emitted
from GBs to accommodate the strain [202,236]. However, the high
density of dislocations in nc grains was very unstable and further de-
formation reduced the dislocation density [202,236]. As deformation-
induced grain growth continued, a high density of Lomer-Cottrell (L-C)
locks formed via interaction of dislocations gliding on different {111}
planes (the formation of L-C locks will be reviewed in detail in session
4.2.2), leading to a subsequent increase in the dislocation density
[202,236].

Fig. 46(a–b) show a typical HRTEM image of a grain at early stages
of deformation and the corresponding Fourier-filtered images obtained
from the area marked by white square in Fig. 46(a). Fig. 46(c–d) show a
TEM image of a grain obtained at higher strain values, in which a high
density of dislocations lying on different {111} planes were observed.
Some of these dislocations met and interacted, forming L-C locks. The
formation of L-C locks occurs in nc materials when two dislocations on
different glide planes approach each other [221,236,465,466]. With
increasing stress, the L-C locks can be dissociated when the external
force is large enough to pull apart the two dislocations that form the
locks. The dislocations glide and annihilate at GBs, leading to sub-
sequent decrease in dislocation density. Further deformation did not
result in significant variation on dislocation density, indicating that a
balance is achieved between dislocation generation and annihilation.

Wu et al [465] reported the formation of L-C locks and the resultant
increase in dislocation density in cryo-rolled nc Ni. Fig. 47 shows the
dislocation density values at different rolling stains, measured from
HRTEM images of individual grain and XRD analysis of a large sample,
as marked by blue open circles and red solid squares, respectively.
Numbers beside the blue open circles indicate the corresponding grain
sizes. The results indicated that dislocation density firstly increased and
then decreased with increasing rolling strain. The values of dislocation
density measured by XRD analysis are comparable with those measured
by HRTEM. A high density of L-C locks, as shown in Fig. 48, are pri-
marily responsible for the dislocation accumulation and the increase on
dislocation density. Dynamic recovery and the dissociation of the L-C
locks are responsible for the subsequent decrease on dislocation den-
sity.

5.2.2. The formation and dissociation of Lomer-Cottrell locks
Both the formation and the dissociation of L-C locks have been

predicted by MD simulations [467–470] and have been verified ex-
perimentally in various nc materials [236,465,471].

The formation and dissociation of L-C locks were observed in an HPT-
induced grain growth process in nc Ni-Fe alloys. During the grain growth
process, large grains containing a high fraction of low-angle sub-grain
boundaries formed via grain rotation. High densities of misfit dislocations
were located at these sub-grain boundaries to accommodate the mis-
orientation at two sides of the boundaries [437]. With further HPT pro-
cessing, the misorientation angles between neighbouring sub-grains

Fig. 43. Bright-field TEM images of (a) the as-deposited material, (b) the edge
part of the 10-revolution HPT disk, and (c) the edge part of the 20-revolution
HPT disk. Grains containing twins are indicated with white arrows [100].
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decreased gradually to zero and the misfit dislocations necessarily glided
away [437,471]. These three-dimensional sub-grain boundary dislocations
[155,437] slipping on different {111} planes may meet, interact and tangle
with each other, increasing the dislocation density in the material. The
existence of a high density of dislocations on two intersecting {111} planes
provides a high probability for the formation of L-C locks, each of which is
formed by the reaction of two leading partials from two dissociated lattice
dislocations on two intersecting slip planes.

Fig. 49 shows a typical [110] HRTEM image of an HPT-processed
specimen that provides evidence of L-C lock formation. The two plane

Fig. 44. The size distributions of all grains (light yellow bars) and grains containing twins (dark blue bars) with increasing HPT revolutions in an nc Ni–20 wt% Fe
alloy [100] (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.).

Fig. 45. Schematic representation of the grain size effect on the twinning and
de-twinning tendency [100].
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groups in the image can be indexed as (111) and (111), respectively. It
should be noted that a lattice dislocation in an FCC metal is normally
dissociated into two 〈 〉1121

6 type partial dislocations. For example, a

lattice dislocation with the Burgers vector of [011]1
2 on (111) is dis-

sociated into +[112] [121]1
6

1
6 and a lattice dislocation with the Burgers

vector of [101]1
2 on (111) is dissociated into +[211] [112]1

6
1
6 . When the

two lattice dislocations meet at an intersection of the (111) and (111),
the two leading partials interact, forming a stair-rod dislocation

+ →[121] [211] [110]1
6

1
6

1
6 . Together with the other two partial dis-

locations, this forms an L-C lock structure. The overall Burgers vector of
the L-C lock is [110]1

2 , which is clearly evident in Fig. 49.
Because the L-C lock structure is extended on two {111} planes, it

provides a strong barrier to dislocation glide [454] and leads to a sig-
nificant accumulation of dislocations in the nc Ni-Fe alloy. Note that re-
actions between different combinations of partials from two slip planes
can lead to various types of stair-rod dislocations. The formation of a high
density of L-C locks hinders severely the motion of dislocations, which
increases the dislocation density and may contribute significantly to both
strength and ductility. At very high stresses, the L-C locks may be dis-
sociated when the external force is large enough to pull apart the two
dislocations that formed the locks. The dislocations glide and annihilate at
GBs, leading to subsequent decrease in dislocation density.

The dissociation of L-C locks was also observed in a nc Pt ultrathin
film by in-situ deformation TEM [471]. Fig. 50(a–b) show two HRTEM
images taken 180 s apart during deformation. Fig. 50(c–d) present en-
larged HRTEM images of the framed areas in (a) and (b), respectively.
Fig. 50(e–f) display the inverse fast Fourier-filtered (IFFT) images of the
framed areas in (c) and (d), respectively. The formation of L-C locks is
seen in (c) and (d), and the dissociation of L-C locks in (e) and (f). With
continued straining, as shown in Fig. 50(g–h), an L-C lock reformed in
the same region.

Fig. 46. Typical HRTEM images of grains at different deformation stages and their corresponding Fourier-filtered images obtained from the areas marked by white
squares: dislocations are indicated with white “T”s. (a) and (b) are from the early stages of deformation, (c) and (d) are from deformation stages when the L-C lock
formed [236].

Fig. 47. Dislocation density as a function of rolling strain in nc Ni, measured
from HRTEM images (blue unfilled circles) and XRD analysis (red solid squares)
[465] (For interpretation of the references to colour in this figure legend, the
reader is referred to the web version of this article.).
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Fig. 51 illustrates the schematic view of the formation and dis-
sociation process of an L-C lock under applied stress. Fig. 51(a) shows
the Burgers vectors of the interacting dislocations BC and CD.
Fig. 51(b–c) show the schematic view of the L-C lock formation via the
interaction of the two full dislocations under applied stress. The Burgers
vector of the junction segment is the sum of the initial vectors. The L-C
lock can be unlocked if a critical stress is reached, as shown in
Fig. 51(d).

The formation and dissociation processes can be described below.
When two full dislocations meet under an applied stress on two inter-
secting slip planes, they react to reach a low energy configuration and
thereby form a stable junction such as an L-C lock [472]. The structure
of an L-C lock consists of a junction segment and four arms of the
junction. With increasing stress, the two dislocations forming the
junction segment are pulled apart, resulting in the decrease on the
length of the junction segment [469].

6. SPD-induced phase transformation

Besides grain refinement and grain growth, SPD can also induce
phase transformation. Both diffusive and non-diffusive (martensitic)
phase transformations have been reported.

6.1. SPD-induced diffusive phase transformation

Diffusive phase transformations are associated with the redistribu-
tion of alloy elements and, therefore, with mass transfer. SPD-induced
diffusive phase transformations include dissolution of precipitates in a
matrix [473–483], decomposition of solid solutions [484–486], amor-
phization of crystalline phases [473,487–491], nanocrystallization of
an amorphous matrix [492–498] and dissolution of multiple phases in
immiscible systems to form totally new structures [499–502].

The first type of SPD-induced diffusive phase transformation is the
dissolution of secondary phase/phases in alloys that results in the for-
mation of a supersaturated solid solution or a phase transformation. For
example, SPD resulted in up to 2.2 wt.% of Fe dissolved into the Al
matrix although the solubility of Fe in Al is 0.05 wt.% in the Al-Fe phase
diagram at room temperature [478]. Fig. 52 shows the XRD patterns for
both the as-cast and the as-deformed Al-16 wt.% Fe alloy. For the as-
cast alloy, peaks for Al and Al13Fe4 were detected and the positions of

Fig. 48. (a) An HRTEM image of a cryorolled nc Ni. L-C locks were marked by three white rectangular frames; (b) enlarged image of the areas in (a), which shows a
stair-rod dislocation of an L-C lock; (c) Burgers circuit enclosing a Shockley partial near an L-C lock [465].

Fig. 49. A typical Fourier-filtered HRTEM image showing the formation of L-C
locks: Burgers circuits are drawn in the image [236].
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the Al-phase peaks agree well with that of the commercial pure Al,
indicating virtually no Fe in solution in the Al matrix. After SPD, the
intensity of the Al13Fe4 peaks decreased and the peaks for both Al
matrix and Al13Fe4 phase broadened significantly, indicating the dis-
solution of Al13Fe4 and the formation of UFG structure in conjunction
with high internal stresses. Extensive TEM and energy dispersive
spectroscopy investigations revealed that deformation-induced dis-
solution of Al13Fe4 phase resulted in the formation of a supersaturated
solid solution of Fe in Al. SPD also produced a solid solution in the

immiscible Cu-Ag eutectic system [479]. Dissolution of cementite in
carbon steels during SPD leads to the formation of supersaturated solid
solutions of C in BCC ferrite [476,480] or a phase transformation from
the BCC ferrite to FCC austenite [474].

The second type of SPD-induced phase transformation is the dis-
sociation of supersaturated solid solutions into new structures/phases.
This phenomenon has been found in HPT-processed Zn- and Mg- rich
supersaturated (Al) solid solutions [484,485,503]. The supersaturated
solid solution in the as-cast Al–30wt.% Zn, Al–20wt.% Zn and

Fig. 50. In situ TEM observations of dislocation activities in a nano-grain [471].
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Al–10wt.% Zn alloys contained about 15 wt.%, 7 wt.% and 3wt.% Zn,
respectively, while the equilibrium solubility of Zn in Al at room tem-
perature is below 1wt.% [504]. All the three supersaturated solid so-
lutions decomposed completely after HPT, producing nano-grained Al
and Zn particles simultaneously [484,485,503]. As shown in Fig. 53,
the HPT process led to the formation of a phase structure that is closer
to the equilibrium state than the initial undeformed material [503]. The
homogenized one-phase solid solutions in the Cu–Ni alloys with 42 and
77 wt. % Ni also decomposed into Cu-rich and Ni-rich phases after HPT
at room temperature [486]. HPT also separated Al from originally
equilibrium single-phase Cu-Al solid solutions when the grain sizes of
the materials are refined to tens of nanometers [505]. Fig. 54(a) shows
a typical example of the separation, in which Al was separated from a
twinned Cu nano-grain, covering the whole GB area. Fig. 54(b) shows a
magnified image of the upper-right area of Fig. 54(a) [505]. The dif-
ferent lattice parameters and orientations measured within the grain
and at the layer surrounding the grain confirmed the Al separation from
the inner grain [505]. In addition, Zhang et al [506] found deforma-
tion-induced phase transformation from the BCC phase of a Co-Fe alloy
to the FCC Fe and Co phases, which generally occurs at high tem-
peratures above ∼ 1150 K [507].

Recently, it has been reported that SPD-induced decomposition of
(supersaturated) solid solution and SPD-induced dissociation of

precipitates are not independent. The precipitation of secondary-phase
particles from a solid solution and the dissolution of these secondary
phase particles always take place simultaneously and compete with
each other, reaching a balanced concentration of a second component
in a solid solution. B.B. Straumal et al. [508] carried out HPT on an as-
cast Cu-3.9 at.% Ag alloy that consists of a (Cu) solid solution with
diluted 1.9at.%Ag and another 2at.%Ag as fine silver precipitates.
Dissolution of precipitates occurred during deformation. HPT was also
applied on an almost homogeneous (Cu) solid solution with diluted
3.9 at.%Ag, causing partial decomposition of the solid solution.

As shown in Fig. 55, the solute concentration in the matrix in both
samples reached the same level (about 2.9–3.0 at.% Ag) after HPT. This
value does not depend on the initial state and is higher than the equi-
librium solubility limit at the HPT temperature. This concentration is
equal to the solubility limit at the effective temperature of Teff ≈680℃.
Similar phenomenon occurred in Cu–4.9 wt. % Co alloys [482]. Alloys
in two different states, Co fully dissolved in the Cu-rich matrix and Co
fully precipitated from the Cu matrix, were subjected to HPT. With
increasing number of rotations, the lattice parameter of the alloy in the
first state decreased and that of the alloy in the second state increased.
After 5 rotations, the lattice parameter in both samples becomes almost
the same and agrees well with that of the solid solution of Co in Cu with
2.5 wt.%. Therefore, the initial state of the alloy prior to HPT has no
relation to the composition of the solid solution after HPT.

The third type of SPD-induced diffusive phase transformation is
amorphization of crystalline phases. Huang et al. [509] reported the

Fig. 51. (a) Thompson tetrahedron showing the Burgers vectors of the inter-
acting dislocations. (b-d) Schematic views of the L-C lock formation and dis-
sociation [471].

Fig. 52. XRD patterns of an Al-16 wt%Fe at the (a) as-cast and (b) as-deformed states [478].

Fig. 53. The Al-Zn phase diagram. Vertical dotted line represents the compo-
sition of Al-30 wt.% Zn alloy. Filled square represents the composition of su-
persaturated (Al) solid solution in CG Al-30 wt.% Zn alloy before HPT. Filled
circles represents the composition of phases in ultra-fine-grained Al-30 wt.% Zn
alloy after HPT [503].
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HPT-induced crystalline to amorphous transformation in TiNi and
found that the deformation-induced amorphization initiated from dis-
location core regions in the interior of grains and from GBs, as shown in
Fig.56. It is believed that the energy stored in the dislocations and the
GBs contribute significantly to driving the crystalline to amorphous
transformation. Cepeda-Jiménez et al. [473] reported that an Fe–20wt.
% (Nd,Pr)–5 mass % B–1.5 wt.% Cu alloy containing crystalline phases
(Nd,Pr)2Fe14B and Pr-rich phase transformed into a mixture of the
amorphous phase and (Nd,Pr)2Fe14B nano-grains after HPT. In addition,
a CG as-cast Ni–20wt.% Nb–30 wt.% Y and Ni–18wt.% Nb–22wt.% Y
alloys containing the NiY, NbNi3, Ni2Y, Ni7Y2 and Ni3Y phases trans-
formed into a mixture of two nc NiY and Nb15Ni2 phases and two dif-
ferent amorphous phases with one in Y-rich and the other in Nb-rich
after HPT [487].

The fourth type of SPD-induced diffusive phase transformation is
nanocrystallization of amorphous matrix. Shear banding-induced crys-
tallization was reported in a Zr53Cu18.7Ni12Al16.3 bulk metallic glass
subjected to SPD [510]. By applying HPT on an amorphous
Cu60Zr30Ti10 alloy disk sample, a gradient microstructure was obtained
along the radial direction of the disk. Large and deformed grains were
observed in the interior of the disk, while homogeneously dispersed
nanocrystals embedded in the amorphous matrix was observed at the
edge part of the disk [494]. In addition, calorimetric analysis indicated
that the amorphous fraction decreased with increasing deformation.
HPT on an Al85Ce8Ni5Co2 amorphous ribbon also resulted in the for-
mation of primary α-Al nanocrystals at the edge part of the disk [495].

The fifth type of SPD-induced diffusive phase transformation is
dissolution of multiple phases in immiscible systems to form totally new
crystal structures, which occurred when SPD processing was applied on
immiscible multi-phase materials at extremely large strains [499–502].
Edalati et al. [499,500] reported the formation of new BCC, FCC and
HCP phases in Mg-Ti and Mg-Zr systems by applying HPT on Mg/Ti
powder mixtures for 100 revolutions and Mg/Zr powder mixtures for
100 and 1000 revolutions, although Mg is totally immiscible in Ti and
Zr even in the liquid form. Fig. 57 shows the XRD patterns for the Mg/Ti
powder mixtures and for the middle and edge parts of Mg/Ti disk
samples processed by HPT for 100 revolutions. It can be seen that some
new phases (BCC, FCC, HCP-I, HCP-II) formed after HPT processing.
Peaks for Mg and Ti were still visible at the middle part of the disk,
while they totally disappeared at the edge part of the disk, confirming
that the initial phases dissolved in each other under HPT processing and
new phases formed. Similar phenomena were also observed in other
immiscible systems, including a new BCC phase formed in Mg-V-based
systems [501], a new B2 phase in Mg-Ni-Pd system [502] and a new
amorphous phase in Mg-Ni-Sn system [501].

6.2. SPD-induced martensitic phase transformation

Stress-induced martensitic phase transformations are common in
metals and alloys, including Co [511,512], Ti [336,513,514], Zr
[339,381,515], Hf [516], Mo [517], Ti alloys [518–521], and shape
memory alloys [522–524]. No diffusion occurred during these phase
transformations. Wang et al. [518] reported HPT-induced β (BCC) to ω
(simple hexagonal) and ω to β phase transformations in a Ti alloy and
proposed that the reversible (ω to β) phase transformation was caused
primarily by nc grain size. Table 4 summarize the phase transformation
and microstructure at different HPT strain values. It can be seen from
the table that for grain sizes larger than the submicrometer range, the β
to ω transformation occurred, while under the same deformation con-
ditions when the grain sizes were less than 100 nm a reverse ω to β
phase transformation appeared. The reverse ω to β phase transforma-
tion generally occurred under extremely high pressure or high tem-
perature [340,518,525,526]. Reducing the grain size down to the
nanometer regime reduces significantly the pressure/temperature
needed for the transformation.

A shear induced HCP (α) to simple hexagonal (ω) plus BCC (β)

Fig. 54. (a) An HRTEM image showing Al separation surrounding the complete
GB of a nano-grain. White zig-zag lines trace the {111} planes forming the twin
relationship in different parts of the grain; and (b) an enlarged image of the
upper-right part of the grain in (a). The two parallel vertical lines have equal
length. The length of the lines at the grain interior roughly equals to the inter-
planar distance of nine Cu {111} planes; the length of the lines outside the grain
nearly matches the inter-planar distance of eight Al {111} planes [505].

Fig. 55. The Cu-rich part of the Cu-Ag phase diagram. The full left-triangle and
the full circle indicate the compositions of the as-cast alloy and the homo-
genized alloy, respectively, before HPT. The full right-triangle and the full
square indicate the compositions of the as-cast alloy and the homogenized
alloy, respectively, after HPT [508].
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transformation was reported in pure Zr under HPT [339]. The pure beta
Zr fabricated was stable at room temperature and atmospheric pressure.
The α→ω+β transformation in Zr usually occurs under a pressure of
30 GPa [525,526], but when HPT was applied on the material the
pressure required for the transformation was significantly reduced to
3 GPa. It’s proposed that not only compression but also shear induced
by HPT result in the pressure drop needed for transformations. This has
also been predicted by first-principles calculations that the pressure
needed for certain pressure-induced martensitic transformations de-
creases with increasing shear [527].

Recently, stress-induced HCP to FCC phase transformations have
been widely observed in Ti [336,513,514], Zr [515] and Hf [516]. The
HCP to FCC phase transformation typically produces two different or-
ientation relations between the two phases: (1) 〈 〉1210 HCP// 〈 〉110 FCC and

(0001)HCP// {111}FCC, and (2) [0001]HCP// 〈 〉001 FCC and {1010}HCP//
{110}FCC, as shown in Fig. 58(a–b), respectively. In the former case, the
longitudinal boundary between two phases is parallel to the (0001)
basal plane of the HCP matrix, thereby this phase transformation and
the resultant orientation relationship can be denoted as the B-type
phase transformation and the B-type orientation relationship. The B-
type phase transformation has been observed in Ti-based alloys
[528–530], Hf [516], Co [512,531], InAs nanowires [532], SiC [533]
and stainless steel [534,535].

In the latter one, the longitudinal boundary between the two phases
is parallel to the {1010} prism plane of the HCP matrix, thereby this
phase transformation and the resultant orientation relationship can be
denoted as P-type phase transformation and P-type orientation re-
lationship. The P-type phase transformation has been observed recently
in pure Ti after plastic deformation [513,514,536].

Both B-type and P-type HCP to FCC phase transformations were
observed in a cold-rolled Zr recently [515]. The as-received Zr is of
single HCP phase, FCC lamellas were observed after deformation. As
shown in Fig. 59(a and c), FCC lamellas were embedded in the HCP
matrix. The inserted SAED patterns show the orientation relationships
of the two phases, revealing the B-type and P-type transformations in
(a) and (c), respectively. The orientation relationships were further
proved from the HRTEM images, as shown in Fig. 59(b and d). The
successive gliding of Shockley partials on every other basal plane

Fig. 56. (a) Amorphization initiated from dislocation cores; (b) amorphization at GBs. The numbers indicate three different grains. The arrowheads indicate the
amorphous regions [509].

Fig. 57. XRD patterns for the Mg/Ti powder mixtures and for the middle and
edge part of Mg/Ti disk samples processed by HPT [499].

Table 4
Summary of phase transformation, microstructure at different HPT strain values
[518].

Sample position As-received 1/4-turn
center

1/4-turn
edge

1/2-turn
edge

1-turn
edge

Von Mises strain 0 ∼0.5 ∼4 ∼8 ∼15
Transition N/A β→ω β→ω β→ω

ω→β
ω→β

Phase/s present β + ω β + ω β + ω β + ω β
Area fraction of ω 7% 24% 37% 16% 0%
ω Particle length 4 nm 40 nm 60 nm 30 nm 0
Average grain size 1.8 μm 1.8 μm 190 nm 80 nm 50 nm

Fig. 58. Schematic diagrams show the orientation relationships of two types of
phase transformation.
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triggers the B-type transformation. Those transformation-related par-
tials are from the dissociation of 〈 〉a full dislocations (60° mixed-type 〈 〉a
and screw 〈 〉a dislocations) [515,516]. For the P-type transformation,
the formation of FCC lamellas is realized through the pure-shuffle and
shear-shuffle mechanisms by successive gliding of opposite–signed 2-
layer steps [515]. Interestingly, a reverse FCC to HCP phase transfor-
mation was observed in a cryogenic-deformed FeCoCrNi high-entropy
alloy recently [537]. The transformation was revealed to occur via the
glide of Shockley partials on every other {111} plane.

7. SPD-induced structural evolution in multi-phase alloys

Recently, multi-phase alloys composed of ultrafine-scale and nano-
scale structures have elicited strong interest due to their remarkable
enhancement of mechanical properties [9,10,538–542]. SPD, as one of
the most effective microstructural refinement techniques, has been
employed to tailor multi-phase alloys with nanostructures
[10,543–546]. In-depth understanding of the microstructural evolution
of multi-phase alloys processed by SPD is necessary. While the existence
of different phases rendering the bulk materials with combined out-
standing properties, it also complicates the microstructural evolution.

The major difference between single-phase alloys and multi-phase
alloys is attributed to the existence of interphase interfaces (also called
“phase boundaries”). Interphase interfaces are the physical linkage
between phase domains and are the media through which the micro-
structural changes of one phase are affecting the other [547,548]. The
fundamental role of interphase interfaces is very similar to GBs, i.e., an

interphase interface can act as a source, sink, and storage site of dis-
locations and a barrier to the motion of defects [548]. However, in-
terphase interfaces have some unique properties that GBs do not have:
(1) when a dislocation line passes through a precipitate/matrix inter-
phase interface, an Orowan loop, which is a dislocation loop sur-
rounding the precipitate, forms and is pinned to the interface (Orowan-
like strengthening effect) [547,549–551]; (2) when a dislocation in the
phase with a low elastic modulus moving towards an interphase in-
terface, it will experience an image force from the adjacent phase with a
high elastic modulus (Koehler strengthening effect) [552]; (3) disloca-
tions could be attracted to or repelled from an interphase interface by
the stresses associated with the tension or compression which sustains
the lattice coherency at the interface (coherency stress) [553]; and (4)
effects relate to thermodynamic properties such as heat of mixing and
interfacial energies. For example, as the heat of mixing decreases from a
high positive value to a low negative value, the CRSS increases and then
decreases [548,554–556]; A low interfacial energy may hinder the
emission of dislocations from the interface [557,558].) Consequently,
interphase interfaces play a crucial role in affecting the microstructural
evolution of each phase and in determining the mechanical properties
of the materials [547,553].

There are in general two types of multi-phase alloys: dual-phase
alloys and alloys with precipitates. Because of their distinct structural
features, SPD-induced structural evolution of the two types of alloys
will be discussed separately. Some representative microstructures ob-
served during the concurrent microstructural evolution of multiple
phases will be discussed to reveal the important deformation

Fig. 59. (a) A TEM image and a corresponding SAED pattern of cold-rolled Zr with a thickness reduction of 60%; (b) an HRTEM image of the red rectangular area in
(a), showing the longitudinal HCP-FCC phase interface is parallel to the (0001) basal plane; (c) another TEM image and a corresponding SAED pattern of the cold-
rolled Zr; (d) an HRTEM image of the red rectangular area in (c), showing the longitudinal HCP-FCC phase interface is parallel to a {1010} prism plane [515].

Y. Cao et al. Materials Science & Engineering R 133 (2018) 1–59

36



mechanisms that are operative during SPD. The role of interphase in-
terfaces played in the microstructural evolution at a broad length scale
from the micrometer regime to the nanometer regime will be discussed.

7.1. Dual-phase alloys

The dual-phase alloys reviewed in this section are alloys with a
comparatively large volume fraction of the secondary phase. The two
phases of the starting materials are in the polycrystalline bulk state
[228,544,545,559–562]. A good example of dual-phase materials is
commercial grade duplex stainless steels [228]. Their grain sizes are
normally a few tens micrometers or even much larger. Therefore, there
is plentiful space for deformation structures such as dislocation walls
and deformation twins to form in the grain interiors during deforma-
tion. In a dual-phase material, the plasticity of one phase is different
from the other due to the difference in crystal structure and/or che-
mical composition, i.e., the two phases are not equally easy to deform.
Plastic deformation starts in the soft phase while the hard phase could
still be in the elastic state [563–567]. As the plastic deformation pro-
ceeds further, the soft phase is strain hardened and internal stresses at
interphase interfaces drastically build up via dislocation accumulation
and pile up [568,569]. Thus, there exist a stress gradient and a strain
gradient from the interface to the interior of phase domains [547,554],
which lead to the buildup of back stress [570]. Eventually, co-de-
formation of the two phases begins.

Experimental evidence [556,565] and theoretical analysis
[547,554,571,572] suggested that dislocation transmission through
interphase interfaces is very unlikely at micrometer length scale, due to
insufficient stress and large dislocation accumulations at the interfaces.
Therefore, each phase deforms by its own preferred deformation me-
chanisms identical to those in single-phase materials [228,565,573].
For example, in a ferrite–austenite duplex steel processed by HPT,
dislocation activities were the major deformation mode in the ferritic
phase (evidenced by the dislocation structures in Fig. 60(a) and the
corresponding diffraction pattern in Fig. 60(b)), while deformation
twinning played a significant role in the deformation of the adjacent
austenitic phase with a low SFE (evidenced by a high density of twin
bands in Fig. 60(a) and the corresponding diffraction pattern in

Fig. 60(c)) [228,544]. The sharp change of microstructures at inter-
phase interfaces suggests no dislocation transmission across the inter-
face. It is anticipated that once both phases start to yield, the strain
gradient at the interface is reduced to the minimum by having char-
acteristic microstructures in each phase [569,574]. For example, in
Fig. 60, in order to achieve a similar strength with the ferritic phase the
originally soft austenitic phase was strengthened with a high density of
nano-twins, while the ferritic phase was only deformed to have some
scattered dislocations and low-angle dislocation walls [228].

The high shear strain imposed by SPD can refine the grains in dual-
phase materials down below the UFG regime. The phase domains can
also be refined significantly and redistributed more homogeneously
than in the unprocessed samples, as exemplified by an HPT processed
Zn–22% Al eutectoid alloy shown in Fig. 61. For some dual-phase
materials with outstanding plasticity such as Cu-Ag alloys, Cu-Au
composites and Cu-Nb composites, the width of the phase domains can
be refined down below 100 nm [538,560,575,576]. In many cases full
dislocations and/or twinning partials may not encounter any obstacle
when gliding from one side of the phase domain to the other side if the
two phases have a favorable orientation relationship. At this length
scale (interphase interface spacing<∼100 nm) the deformation me-
chanisms are mainly associated with the interphase interfaces. Con-
ventional Hall-Petch type dislocation pile-up mechanisms at GBs and at
interphase interfaces begin to loss dominance, meanwhile confined
layer slip (CLS), interfacial sliding and dislocation transmission through
interface become active [548,549,556,572,577,578].

When the sizes of phase domains reduce to the nanometer regime,
dislocation entanglement within grains are much less likely [547,580],
instead CLS of individual dislocations moving on closely packed glide
planes occurs frequently [565,578,581]. In the CLS deformation me-
chanism, the edge component of a dislocation is emitted from a dis-
location node which is pined on the interphase interface, and spreading
into an “Orowan type glide loop” to glide within the domain confined
by the interface. An example is shown in Fig. 62(a), the dislocations I
and II were emitted and pinned to the nodes marked by white arrows.
As the strain increases, the dislocation I glides to the left by the Orowan
bowing process parallel to the interface and depositing misfit-type
dislocations at the interface. Three new dislocations III, IV and V

Fig. 60. (a) A TEM image showing microstructures of the austenitic phase and ferritic phase, and the interphase interface in an HPT processed duplex steel at a low
strain; (b) and (c) corresponding diffraction patterns of the ferritic phase and the austenitic phase, respectively.
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nucleate and glide parallel to the interface in different directions. More
details about the CLS mechanism can be found in literatures [578,582].

Interfacial sliding and dislocation transmission through interface
are competing mechanisms in dual-phase materials and they are af-
fected by atomic misfit and both structural and chemical aspects of
interfacial bonding [555,572]. There are four types of interphase in-
terfaces: (1) coherent interfaces in which the two phases have a strict
orientation relationship and the lattices at the interface match very well
so that the slip planes and Burgers vectors are continuous at the in-
terface [553]; (2) semi-coherent interfaces in which interfacial lattice
parameters of the two phases have a small misfit (< 5%) [583]; (3)
incoherent interphase interface with a large lattice misfit (> 5%); and
(4) non-isostructural interface, e.g., an interface between a FCC and a
BCC phase [572]. For dislocation transmission through coherent and
semi-coherent interfaces, high stresses are required to overcome the
coherency stress due to lattice mismatch, the Koehler stress due to the
shear moduli mismatch and the stress associated with the changes in
core structure on passing from one layer to the other [553,584].

An example of dislocation transmission through semi-coherent in-
terface is shown in Fig. 63(a), some twinning dislocations initiated in
Ag transmitted into the Cu phase, leading to deformation twinning in
the Cu phase [575,585]. In fact, even partial dislocation transmission
through an interphase interface is not a very common phenomenon as
evidenced in Fig. 63(b) that most of the deformation twins and partial
dislocations are confined within each of the phase domains.

For dislocation transmission through incoherent interfaces, there is
no coherency stress, but interfacial shear strengths become another
important factor. For a weak interface, slip transmission could be
treated as nucleation from interfaces without preferred nucleation sites,
since the incoming dislocation can be smeared out or dissociated into
infinitesimal dislocations within the interface through glide and climb
[580]. For a strong interface, the interface shear becomes difficult and
the barrier for slip transmission will be determined by the Koehler force

Fig. 61. Micrographs of the Zn–22% Al alloy (a) in the as-annealed condition [559] and (b) after HPT processing to 4 revolutions [579].

Fig. 62. TEM images showing (a) dislocations I and II nucleated at Cu-Nb interfaces, and (b) dislocation I glided to the left and IV and V nucleated and glided in the
opposite direction by the CLS mechanism [578].

Fig. 63. (a) An HRTEM image showing the transmission of deformation twin
through a Cu-Ag interface.; (b) typical microstructures of an eutectic Ag-28 wt.
% Cu alloy processed by HPT to an equivalent strain of ∼60 (some deformation
twins are marked by arrows) [575].
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and the interaction between the residual dislocation and the emitted
dislocation [556,571,572]

Shear banding also plays an important role in the microstructural
evolution of dual phase materials processed by SPD [573,586,587]. For
example, in Fig. 64 shear banding can cause significant fragmentation
of phase domains by cutting though lamellar phase bands that refines
the grain structures of both phases in a localized region [573]. It is well-
known that shear bands are non-crystallographic and occur when dis-
location slip is strictly confined [223,241,587–590]. Therefore, it is
reasonable to anticipate that the initiation of shear banding in dual
phase alloys is affected by the shape and size of phase domains
[590–592], resistance to slip transmission at interphase interfaces
[589,593,594], the plastic strain magnitude [573,586] and the

microscopic deformation process [89,184,593,595]. In CG and UFG
dual phase alloys or composites, dislocations can pile-up at GBs and
interphase interfaces. The accumulation of defect structures can gen-
erate stress concentration that can potentially trigger shear banding
[596–598]. In contrast, in nanolayered dual phase alloys or composites,
in which the interface spacing is of the order of a few tens of nan-
ometers or less, there is no room within the crystals to accommodate
dislocation pile-ups or substructure [575,577,594]. Then the resistance
to slip transmission at interphase interfaces is a crucial factor to initiate
shear banding. The interface with low shear strength tends to absorb
incoming dislocations, but without dislocation transmission the inter-
face tilts gradually due to the accumulation of the non-planar compo-
nent of the dislocations. Tilting of the interface reduces the angle

Fig. 64. (a) A bright-field TEM image and (b) the corresponding dark-field image showing a shear band structure observed in a Cu-28 wt.% Ag alloy processed by
HPT for 20 revolutions [573].

Fig. 65. (a) A dark-field TEM image taken using the (110) ′θ precipitate reflection and (b) an HRTEM image of the ′θ precipitate in the Al–1.7 at% Cu alloy after a
single pass of ECAP [595].
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between the interface and the global applied stress, and gradually in-
creases the resolved shear stress parallel to the interface. Therefore,
dislocation slip parallel to the interface is intensified, which eventually
leads to shear banding [590,594].

7.2. Alloys with precipitates

Precipitates are dispersed fine particles of secondary phases within
the primary phase matrix. Precipitates can be intermetallic or ceramic
materials having various unique properties [9,554,599]. The type, size,
morphology and number density of precipitates significantly affect the
overall properties of bulk materials and are traditionally controlled by
ageing treatments and alloy composition engineering [600,601].
During ageing treatments, the precipitation process usually follows a
transformation sequence dominated by the precipitation kinetics and
thermodynamics: Guinier–Preston (GP) zones → Metastable phase →

Equilibrium phase [602,603]. As a result, precipitates generally have
simple orientation relationships with the matrix and a unique mor-
phology, such as rod or platelet shapes. In the last twenty years, there
has been a growing interest in controlling the microstructures of alloys
with precipitates by SPD processing [604–607]. Pronounced activities
of crystalline defects during SPD substantially alter the morphology of
the precipitate and structures of the matrix and significantly improve
the mechanical properties of the material to a new high level
[7,9,599,608].

The microstructural evolution of alloys containing precipitates is sig-
nificantly affected by the dislocation-precipitate interaction [609,610], GB-
precipitate interaction [611], dislocation slip [603,612] and atomic diffu-
sion [432,613,614]. Precipitates vary by their structures [615,616], che-
mical stability [617,618] and mechanical properties [619]. Even for the
same type of precipitates, their size, shape and density vary with thermal
processing histories [603,611,620]. All these characteristics of precipitates
lead to complex microstructural evolutions of precipitates and the matrix.

7.2.1. Evolution of precipitates during SPD processing
In practice, precipitates can form before, during or after SPD [621].

Under different circumstances, the resulting precipitation micro-
structures can be significantly different. Therefore, it is necessary to
discuss the three different cases separately.

Some research work showed that pre-existing brittle precipitates
with large aspect ratios can be fragmented and/or dissolved (i.e. in
Al–4.11Cu [622–624], Al–1.7Cu–0.7Mg–0.3Mn [625]) and solute atoms
can be redistributed and segregated to GBs/dislocations, e.g. in AA7075 (Al-
5.6Zn-2.5Mg-1.6Cu-0.4Si-0.5Fe-0.3Mn-0.23Cr-0.2Ti) [9,603], AA6060 (Al-
0.6Mg-0.6Si-0.5Cr-0.3Fe-0.1Mn-0.1Ti-0.15Zn) [626], AA6061 (Al-1.2Mg-
0.8Si-0.4Cu-0.35Cr-0.15Mn-0.7Fe-0.25Zn-0.15Ti) [627], AA7136 (Al-
9.4Zn-2.5Mg-0.12Si-0.15Fe-2.5Cu-0.2Zr-0.05Mn-0.05Cr-0.1Ti) [601,628])
under SPD processing. The fragmentation of the precipitates is exemplified
in Fig. 65(a), where the originally thin and flat ′θ (Al2Cu) platelets in an Al
alloy are bent and fragmented [595]. The HRTEM image in Fig. 65(b)
shows that significant dislocation accumulation at the interphase interface
severely distorted the coherency of the interface and caused massive cross
slip to shear the large ′θ platelets into pieces [595].

Distortion of the interface can change the orientation of the precipitate
and increase the interfacial energy between the precipitate and the matrix
due to the change in the atomic configuration. Fragmentation of the pre-
cipitates reduces their aspect ratios. These two conditions favor thermo-
dynamic processes such as dissolution or isotropic growth of precipitates
[595,601]. However, only metastable precipitates are prone to dissolution
[476,601], while stable/equilibrium precipitates tend to grow under SPD
processing by attracting atoms and fragments from the dissolved pre-
cipitates [476,601,629]. As a result, the metastable precipitates will shrink
in size or diminish while the stable precipitates will become more equiaxed
by fragmentation and subsequent isotropic growth.

The increase in flow stress and the pronounced dislocation activities
can alter the precipitation kinetics during SPD. For example, an Al-7136
alloy initially has a large amount of GP-zones and a minimal amount of

′η precipitates. Aging treatment of the alloy for 20mins results in the

Fig. 66. (a) A bright-field TEM image and (b) a corresponding SAED pattern for the sample thermally aged at 473 K for 20min; (c) a TEM image and (d) a
corresponding SAED pattern for the sample processed by four ECAP passes [601].
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formation of η and ′η platelet precipitates with high aspect ratios, as
shown in Fig. 66(a) [601]. The diffraction pattern in Fig. 66(b) verifies
the types of precipitates. (Note that the spherical Al3Zr particles exist
before ageing.) In contrast, the precipitates formed during the ECAP
processing are comparatively large and all have the spherical shape.
The precipitate number density in the ECAP processed sample is lower
than in the simply aged sample. The diffraction pattern in Fig. 66(d)
verifies that the precipitates are η phase (white circles), Cu-rich S-phase
(red circles) and Al3Zr phase (unmarked), but ′η precipitates are diffi-
cult to find. Because the experiment was designed that four ECAP passes
corresponds to an effective thermal duration time of 20min [601],
obviously the shear strain imposed by ECAP have changed the pre-
cipitation kinetics (significantly promote the formation of equilibrium
precipitates), the precipitates orientations, the precipitates shapes and
even the precipitate number density.

The underlying physics is explained as follows: (1) Dislocation lines
serve as fast diffusion paths for solute atoms in the matrix [630],
thereby permitting rapid diffusion to the stable precipitates to assist in
their growth [601]; (2) Severe local shear may bring two well-separated
precipitates closer together and promote their coalescence [631]; (3)
Metastable precipitates may merge with the neighboring stable pre-
cipitate, thus the stable precipitates can grow at the expense of the
small metastable precipitates.

There are also numerous researches on the precipitation kinetics after
SPD processing [7,595,603,608]. It is known that during SPD processing, a
large number of dislocations tangled and formed walls, or were absorbed by
GBs [57]. During the deformation of an alloy, a large amount of solute
atoms could be driven by dislocation slip to the dislocation walls and GBs,
causing solute segregation to the boundaries [432,614,628]. GBs can act as
heterogeneous nucleation sites for equilibrium precipitates (such as the θ
phase in Al-Cu alloys [595] and the η phase in the 7075 Al alloy [603]).
While a large number of heterogeneous nucleation sites is available in the
UFG and nc alloys processed by SPD; During a post-deformation ageing
treatment, equilibrium precipitates may heterogeneously nucleate at the
GBs, diffusion of solute atoms continuously occurs from the interior of
grains to the boundaries to further reduce the content of solute atoms in the
grain interior. As a result, precipitation of metastable phases at grain in-
teriors are significantly suppressed due to insufficient solute atoms, but
precipitation of equilibrium phases at solute-rich boundaries [595] and
nucleation of G–P zones at grain interiors are promoted [603,608]. More-
over, it was also proposed that there is a critical grain size below which the
nucleation of G–P zone can also be suppressed [595].

7.2.2. Evolution of the matrix during SPD processing
To date, there has been numerous research work on how the pre-

cipitates affect the grain refinement of the matrix during SPD proces-
sing. Extensive literature survey on relevant work revealed critical
controversy on if the existence of precipitates can speed-up or slow
down the grain refinement of the matrix.

On one side, a large amount of research work supports the hy-
pothesis that pre-existing precipitates promote matrix refinement.
Large-sized (micrometer size) precipitates have large interphase inter-
faces, therefore precipitates can block a large amount of dislocations.
Accumulation of dislocations causes stress concentration at the inter-
face. If the precipitate is non-deformable, a localized deformation zone
will be created surrounding the precipitate as a result of stress gradient
originated from the interface. Within the deformation zone the rate of
dislocation accumulation and GB formation increases [632]. The size of
the deformation zone surrounding the precipitate is not large, normally
less than the size of the precipitate [633,634]. Therefore, a sufficient
high density of large non-deformable precipitates is required to sig-
nificantly accelerate the grain refinement process of the matrix phase
[612,632,634,635].

Some non-deformable precipitates, such as eutectic Si precipitates in
the Al matrix, can be brittle [546,636–638]. They could fracture into
finer pieces under sufficiently high strain. Although fracture of the
particles can relax the stress concentration to a certain extent, the
overall grain refinement of the matrix phase is still promoted [639].
Moreover, nano-sized precipitates are also found to promote matrix
grain refinement, due to the nature that the precipitates facilitate re-
tention of high dislocation density by pinning dislocations and pro-
moting microband formation (please refer to section 3.1 for details
about microbands) [568,640]. In addition, the pinning effect of nano-
sized precipitates on GB migration can facilitate the creation of triple
junctions [432,611].

On the other hand, many researchers claimed that a large portion of
the energy imposed by SPD is used for the fracture, fragmentation and
eventual dissolution/growth of precipitates. Therefore, the energy
contributing to the grain refinement of the matrix of the alloys is sig-
nificantly lowered, resulting in a lower rate of grain refinement than in
single-phase materials [595,601,604,641,642]. In addition, nano-sized
precipitates may retard the grain refinement in two ways: (1) nano-
sized precipitates impose resistance forces on dynamic recovery (at cell
walls) to delay the development of GNBs [432,643] and (2) formation
of microbands are suppressed because nano-sized precipitates help to
homogenize slip [612].

Although a final conclusion has not been reached on whether the
pre-existing precipitates can promote matrix refinement. Some clues
can be found from comparing the work by Shen et al. [611]. and Apps
et al. [612]. In the work by Shen et al. [611], a precipitate-containing
Al–0.2Sc–0.1 Zr alloy and a commercial pure Al deformed by accumu-
lative continuous extrusion forming are compared. The grain size of the
Al matrix is increased from ∼0.8 μm to ∼1.8 μm as the precipitate size
is decreased from ∼100 nm to ∼50 nm under the same deformation
condition, but the grain size is still smaller than the single phase Al
[611].

In the work of Apps et al., the grain size of the Al matrix is larger
than a single phase Al alloy with similar composition, when the size of

Table 5
Some representative precipitates and corresponding characteristics.

Precipitate Precipitate size
(μm)

Precipitate density Precipitate boundary
coherency

Precipitate mechanical
property

Precipitate chemical
stability

Effect on matrix grain
refinement

SiC [645,646] ∼10 High Incoherent Hard & Brittle Stable Promote
Al2O3 [637,647] ∼7.5 High Incoherent Hard & Brittle Stable Promote
Al13Fe4 [632] ∼2 High Incoherent Hard Stable Promote
Al6Mn [648] > 0.1 High Incoherent Hard Stable Promote
Al3(Sc, Zr) [611,649] ∼0.05–0.1 High Semi-coherent

Or incoherent
Hard Stable Promote

Al3Sc [612,648,650] > 0.03 High Coherent Hard Stable Retard

Al2Cu
′θ [595] 0.01-0.6 High Coherent Soft Metastable Retard

MgZn2 [601,603,642] 1-40 or 100-500 High Semi-coherent ( ′η ) or
Incoherent (η)

Soft & Brittle Metastable ( ′η ) or
Stable (η)

Retard

Al3Zr [601,642] 0.01 High Coherent Hard Metastable Retard
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the precipitate is as small as ∼20 nm [612]. Two brief conclusions can
be drawn from these experimental results: firstly, the effect of pre-
cipitates on promoting grain refinement decreases with decreasing the
size of the precipitates; secondly, there may exist a critical precipitate
size below which the precipitates no longer promote grain refinement
but impede grain refinement. If the effect of precipitates on grain re-
finement is explored in more details, it can be noticed that the char-
acteristics of precipitates may have determinative effect on the micro-
structural evolution of the matrix during SPD. According to Table 5, a
high density of chemically stable precipitates with large sizes and in-
coherent interfaces will promote grain refinement of the matrix. The
chemically stable coherent precipitates with sizes below 50 nm will
impede grain refinement of the matrix. For these metastable pre-
cipitates, they tend to impede matrix grain refinement while the size of
the precipitates is less relevant (This might be because the concentra-
tion of alloying elements in the matrix plays a more dominant role
[432,626,644]). Each of the characteristics may promote or impede the
grain refinement to certain extent, but the apparent effect has to be a
combination of all.

8. Effect of SPD on mechanical properties

SPD can impose a shear strain far beyond the strain level attainable
by conventional shaping and forming methods such as rolling, drawing
and extrusion. As a result, bulk metallic materials can be processed to
achieve nanostructures that possess mechanical properties that expand
known performance boundaries [7,9,608,651,652], as exemplified in
Fig. 67 [653]. Despite of different crystalline structures, both ns Ti and
ns Cu possess combined tensile strength and ductility beyond the region
(the shadowed area in Fig. 67) of conventionally processed materials.
The mechanical properties of SPD processed materials are governed by
microstructures and the intriguing cooperation of deformation me-
chanisms, which are related to the intrinsic characteristic properties of
materials and processing conditions. However, materials are in-
trinsically different due to different crystal structures, solute contents,
phase contents, and starting grain structures, etc. These intrinsic dif-
ferences between materials have led to obviously different micro-
structural evolutions, as discussed earlier. The effects of SPD processing
on the mechanical properties are also expected to vary significantly
from one material to another. Therefore, it is easy to realize that the
outstanding combination of mechanical properties such as that ex-
emplified in Fig. 67 is not universal to all SPD processed materials. It is
therefore critical to understand the mechanisms that leads to out-
standing combination of strength and ductility in some SPD processed
materials. This section reviews the most important aspects of the me-
chanical properties of SPD processed materials in relation to materials’
intrinsic characteristics and strengthening mechanisms.

8.1. The effect of SPD processing on strength

Four major mechanisms are frequently used for strengthening me-
tallic materials: (1) strain hardening, which is also called work hard-
ening; (2) GB-strengthening, which is realized through grain size re-
duction; (3) solid solution strengthening; and (4) precipitation
strengthening [29,126,151,160,163,164,315,654]. The effects of var-
ious strengthening mechanisms are often treated additive
[23,655–657], as expressed by equation [658] (for readers’ con-
venience, the parameters used in Eqs. (4)–(12) for describing the
strengthening mechanisms are summarized in Table 6):

= + + + +σ σ σ σ σ σΔ Δ Δ Δy d HP ss p0 (4)

Nevertheless, factors including crystal structure and SFE of mate-
rials also have a significant impact on some of the strengthening effects.
In addition, these strengthening factors could mutually affect each
other, but this is not well studied and is generally ignored. Therefore,
Eq. (4) should be treated as an empirical equation. This section begins

with an in-depth review on the effect of SPD processing on the strength
of materials in relation to the four major mechanisms.

8.1.1. The effects of strain hardening and grain size reduction
All bulk metallic materials processed by SPD underwent tremendous

dislocation activities, which led to significant increase of dislocation
density and subsequent grain refinement [80,127,136,150,159,162].
Thus, strain hardening and GB-strengthening (grain size reduction) are
two fundamental strengthening mechanisms and are closely connected
throughout the microstructural evolution process. Strain hardening
from dislocation accumulation dominates at the early stages of SPD.
The strength increment caused by strain hardening can be related to the
total dislocation density (ρt) using the Bailey–Hirsch relationship
[160,162,460,664]:

=σ Mα bG ρΔ d T t (5)

It is worth to mention that as the grain size is reduced to the UFG
regime a dislocation source-limited hardening mechanism may be op-
erative, thus a higher stress is required to activate alternative disloca-
tion sources [657,665].

The strength increment caused by GB-strengthening and/or TB-
strengthening can be described using the famous empirical Hall-Petch
relationship [16,660,666–668]:

= +− −σ k D k λΔ HP GB B TB TB
1/2 1/2 (6)

The two terms in Eq. (6), −k DGB B
1/2 and −k λTB TB

1/2 are used to describe
strength contribution due to the resistance to dislocation motion caused
by the presence of GBs and TBs, respectively [16,666,669]. It has been
proposed that TBs are just as effective in blocking dislocation slip as
GBs are, so =k kGB TB is normally accepted. Thereby, if twins are not
present in the microstructure (in materials with high SFEs), the term

−k λTB TB
1/2 is then redundant. However, in materials with low SFEs where

deformation twinning takes an important part and the TB-spacing is
normally one order of magnitude smaller than that of GB-spacing, TB-
strengthening makes the major contribution to the strengthening effect
[233,668,669]. In addition, the obstacle nature of GBs increases with
impurity concentration along the GBs. Therefore, the Hall–Petch coef-
ficient kGB increases with the increasing content of alloying elements
[662,670].

For experimental convenience, the strengthening effect of SPD
processing is often evaluated by measuring the hardness of the pro-
cessed materials [126], because it is widely accepted that hardness is

Fig. 67. Extraordinary combination of high strength and high ductility of SPD-
processed ns Cu and Ti as compared with those of CG metals [653].
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proportional to strength [42,671]. Fig. 68(a) [126] presents the re-
lationship between flow stress and von Mises Strain (εVM) for Ni pro-
cessed by different plastic deformation methods. The flow stress was
estimated to be 1/3 of its hardness [671,672]. It is seen from Fig. 68(a)
that significant hardening took place at low to medium strains and
quickly leveled off at high strains where the strain hardening and GB-
strengthening effects diminished. Despite of different deformation
methods (cold rolling, torsion and HPT) conducted, the hardening rates
were very similar at low strains as shown in the insert in Fig. 68(a).
Fig. 68(b) presents an example showing the Hall-Petch type hardening
in the ferrite phase in an HPT processed austenite-ferrite duplex steel.
The hardness (measured by nano-indentation) increased linearly as a
function of d−1/2 from ∼3.4 GPa to ∼8 GPa. Therefore, one can

conclude that different strain paths have little influence on the strain
hardening and GB-strengthening effects [126].

8.1.1.1. The influence of crystal structure on the SPD-induced
strengthening. While both strain hardening and GB-strengthening are
fundamental and universal to all SPD processed metallic materials,
there are also noticeable differences in the responses of materials with
different crystal structures to the strain hardening and GB-
strengthening effects. It was found that GBs in BCC materials are
more efficient in blocking dislocation slip than that in the FCC and HCP
materials [673,674]. This phenomenon is thus reflected by higher
Hall–Petch coefficient (the slope of the trend line) in BCC metals (black
symbols) than in FCC (blue symbols) and HCP (red symbols) metals, as
shown in Fig. 69 [674]. Based on the relationship between the stress
concentration and the critical shear stress for the activation of
dislocation sources [666], the Hall–Petch coefficient is a function of
the Taylor factor (mf ), the shear modulus (G), Burgers vector (b), the
Sachs orientation factor (ms) and Poisson’s ratio (ν), as expressed by
equation:

=
− −

k m πm τ Gb
ν ν

3 (
4(1 )/(2 )

)f
s c

1
1/2

(7)

Most importantly, the Hall–Petch coefficient is governed by τc,
which is the CRSS for dislocation nucleation from GBs or the CRSS
necessary to propagate plastic flow across GBs. In general, τc for BCC

Table 6
Physical meaning and units of different symbols used in the strengthening
mechanisms [16,659–663].

Symbol Meaning Unit

σy Yield strength (overall strength) MPa
σ0 The lattice friction stress MPa

σΔ d Dislocation strengthening MPa
σΔ HP GB and/or TB strengthening MPa
σΔ ss Solid solution strengthening MPa
σΔ p Precipitate strengthening MPa

M Mean orientation factor Dimensionless
αT A constant in the range of 0.3–0.5 depending on

temperature
Dimensionless

b Burgers vector nm
G Shear modulus GPa
ρt Total dislocation density m−2

kGB Hall–Petch coefficient for GB strengthening mMPa/
kTB Hall–Petch coefficient for TB strengthening mMPa/
DB Average grain size nm
λTB Average TB spacing nm
εss Interaction parameter that accounts for the local

resistance to dislocation propagation
Dimensionless

c Concentration of solute atoms wt.%
υ Poisson ratio Dimensionless
r Mean radius of a cross-section in a random plane for a

precipitate
nm

r Mean radius of the precipitates nm
λp Mean edge-to-edge inter-precipitate spacing nm

αε A constant between 2 and 3 Dimensionless
εc Constrained lattice parameter misfit Dimensionless
m An exponent estimated to be 0.85 Dimensionless
f Volume fraction of the precipitates Vol.%
γapb Antiphase boundary free energy of the precipitate

phase
J/m2

Fig. 68. (a) The estimated stress–strain relationship for a pure Ni deformed by HPT, cold-rolling and torsion [126]; (b) hardness vs. the inverse square root of grain
size of ferrite [228].

Fig. 69. Comparison of the Hall–Petch relationship in BCC, FCC and HCP ma-
terials [674].
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metals is significantly larger than that for FCC and HCP metals
[674–677]. Therefore, BCC materials tend to have larger Hall–Petch
coefficients than FCC and HCP materials.

Due to the low level of symmetry of HCP structures, the strain
hardening and GB-strengthening effects in HCP materials differ sig-
nificantly with respect to different textures. When the majority of re-
fined grains are oriented for hard slip (grains with basal planes nearly
perpendicular to the stress direction), HCP materials would exhibit a
high GB-strengthening effect (i.e., a high Hall–Petch coefficient)
[383,674,678]. The significant texture effect on the strength of HCP
materials leads to significant flow stress anisotropy. Although SPD
processing can effectively reduce the grain size to the lower bound of
the UFG regime, texture and microstructural inhomogeneity may still
present due to the unique deformation mechanisms of HCP materials
under shear stress [323,347,374]. Therefore, the flow stress anisotropy
is still evident [372,679–681]. In addition, Meredith and Khan con-
ducted a systematic research on the flow stress anisotropy of UFG Ti.
They found that the flow stress anisotropy of HCP Ti (perhaps many
other HCP materials as well) is insensitive to deformation temperature,
when homologous temperature is below ∼0.33 [65,316,355].

The low symmetry of the hexagonal crystal structures and the
consequent lack of an adequate number of independent slip systems
significantly deteriorate the plasticity of HCP materials [64,75,76].
Even for a CG HCP material in which sufficient space seems available
for dislocation accumulation, it may still quickly fail under a conven-
tional plastic deformation process. For example, in CG Mg and Mg al-
loys, basal slip facilitates microscopic yielding at very low stresses.
Meanwhile, strong yield anisotropy in Mg and Mg alloys prevents a
large number of basal dislocations from slipping, and rapidly increases
stress concentration at GBs and triple junctions to a high level
[343,682]. In order to accommodate further deformation, other slip
systems and deformation mechanisms have to be activated especially at
GBs and triple junctions, such as {1012} tension twins, which are very
common in CG Mg alloys at low strain [683,684]. When a large number
of propagating twins interact with GBs, high stress concentration may
develop in the nearby regions of the adjacent grains. Subsequently
cracks initiate at the stress concentration sites [64,353,683]. As a result,
at room temperature a CG Mg only has a very limited plasticity and
quickly fail after reaching a low UTS value.

Fig. 70 shows the compressive stress–strain curves for Mg samples
with different grain sizes. The Mg samples were processed by ECAP for
four passes at room temperature, 100 °C, 150 °C, and 200 °C, leading to
average grain sizes of 0.8 μm, 2 μm, 4 μm, and 7 μm, respectively. The
as-cast Mg sample with an average grain size of ∼980 μm had a very
low yield strength of 13MPa and failed at a compressive strain of∼7%.
When the average grain size was reduced to ∼7 μm, both the strength
and plasticity of Mg were improved significantly. As the grain size of
Mg was reduced further to an average of∼4 μm and∼2 μm, the UTS of
samples were about three times higher than that of the as-received
sample but with poor ductility. Further reducing the average grain sizes
to 0.8 μm resulted in a very high yield strength, short-lived strain
hardening and prolonged constant compression true stress
[652,685–687].

Overall, the observed improvement of mechanical properties of the
commercial purity Mg with decreasing grain size can be summarized as
follows: (1) grain size reduction leads to GB-strengthening. (2) Grain
size reduction leads to the increase of the number of randomly oriented
grains, which helps to reduce the flow stress anisotropy. (3) Grain size
reduction increases the number of GBs to help dissipate stress con-
centration [343,368,369,688]. (4) Grain size reduction to the UFG re-
gime may significantly suppress deformation twinning, meanwhile the
density of dislocations with c-component increases to meet the von
Mises criterion [343,390,395,399,401,403,685]. (5) Mg has a low
homologous temperature. As the grain size is reduced to the UFG re-
gime, temperature sensitive deformation mechanisms such as GB
sliding, GB diffusion and dynamic recrystallization can be conspicuous

even at room temperature. Thus, the combined effect of many de-
formation mechanisms can cause significant changes to the rate of
strain hardening and the plastic instability [404,689–691].

8.1.1.2. The influence of stacking fault energy on the SPD-induced
strengthening. SFE is a major intrinsic materials property that poses a
strong effect on the deformation mechanism, SPD-induced microstructural
evolution [90,95,96,102,184], and thus the mechanical properties
[90,154]. Dislocation slip is the major deformation mechanism in
materials with medium to high SFEs. Thus, SPD-induced microstructural
evolutions follow the general pattern of grain subdivision by dislocation
activities on a finer and finer scale [125–127]. Lowering SFE changes the
deformation mode from full dislocation activities to extended dislocation (a
stacking fault bounded by two partial dislocations) activities and
deformation twinning. This leads to an increased defect (dislocation and
twin) density, accelerated grain refinement and thus a higher work
hardening rate than materials with high SFEs, because the deformation
induced twins are normally very thin and effective in trapping dislocations
[95,105,184].

As shown in Fig. 71 [418], a series of materials with different SFEs
(the estimated SFEs of Al, AA 6061 (Al-1.2Mg-0.8Si-0.4Cu-0.35Cr-
0.15Mn-0.7Fe-0.25Zn-0.15Ti), Cu, Cu4.6Al, Cu9Al and Cu15Al are
166mJ/m2, 150mJ/m2, 55mJ/m2, 25mJ/m2, 13mJ/m2, and 6mJ/
m2, respectively) were plastically deformed by rolling at room tem-
perature and cryogenic temperature. The increase in hardness with
increasing strain reflects the hardening effect in the tested materials. It
is noticed that the hardness and the work hardening rate of the mate-
rials increase with decreasing SFE. For the same material, if the
dominant deformation mechanism changes from dislocation slip
(Cu4.6Al at room temperature) to twinning (Cu4.6Al at cryogenic
temperature) (low temperature promotes twinning [59,73]), the hard-
ness and the work hardening rate increase. This indicates the important
role of deformation mechanisms in affecting the mechanical properties
of materials [92,169,186].

Despite of different deformation mechanisms operating during SPD
processes, the hardness/strength of materials increases and eventually
saturates [29,150]. Materials with low SFEs tend to have prolonged
hardening stage and higher saturation hardness than materials with
high SFEs, as shown in Fig. 72 [184]. It is believed that increased
twinning activities are the major reason for the improved strength/
hardness of FCC materials with low SFEs, because (1) TBs are effective
in blocking dislocations [668]; (2) the low energy nature of coherent
TBs provides a high dislocation storage capacity [91,458]; and (3)
nano-twins can transform into nano-crystallites of sizes that are not
achievable by sole dislocation activities [87].

Fig. 70. Compressive true stress–true strain curves for Mg samples with dif-
ferent grain sizes [403].
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8.1.2. The effects of solid solution and precipitation on the strength of SPD
processed materials

In alloys, the variation between the atomic radius of different ele-
ments introduces local strain fields that provide additional resistance to
dislocation slip on top of the lattice friction, leading to solid solution
strengthening. The solid solution strengthening effect is governed by
the Fleischer equation [692,693]:

=σ MGbε cΔ ss ss
3/2 (8)

Some studies suggested change the power of c from 1
2
to 1 for ns

materials with an average grain size< 30 nm [663]. Thereby, care shall
be taken when using the Fleischer equation to estimate the solid solu-
tion strengthening effect of materials with extremely small grains.

Precipitates can effectively block dislocation slip by providing ad-
ditional boundaries in the metal matrix. Precipitates can form in su-
persaturated solid solution through aging treatment. Therefore, some
alloys can be further strengthened by the precipitation strengthening
effect on top of the solid solution strengthening effect. Precipitation
strengthening is one of the most important materials strengthening ef-
fect, and has been extensively investigated and practiced in the last 100
years. Readers are referred to the review papers on precipitation
strengthening by Kelly and Nicholson [694] and by Ardell [659]. As
mentioned in Section 7, dislocations may interact with precipitates in
different ways depending on the atomic mismatch between precipitates
and the matrix. For precipitates, e.g. the η phase precipitates that are
incoherent with their Al matrix [601], the Orowan dislocation by-
passing mechanism might govern the precipitation strengthening effect
[695–697]. Thus, the strength increment ( σΔ orowan, governed by the
Orowan dislocation bypassing mechanism) added by precipitation
strengthening is expressed as [661]:

= =
−

σ σ M Gb
π υ λ

Δ Δ 0.4
1

ln( )
p orowan

r
b

p

2

(9)

On the other hand, for precipitates, e.g. coherent GP zones [601]
and semi-coherent ′θ (Al2Cu) precipitates in Al alloys [595], a pre-
cipitate shearing mechanism might govern the interactions between
dislocations and precipitates. The precipitation strengthening effect
governed by the dislocation shearing mechanism is determined by the
choice of three specific strengthening effects: (1) coherency

Fig. 71. A plot of hardness vs. rolling strain in Cu, Cu–Al. Al and AA-6061
alloys processed by rolling at room and cryogenic temperatures [418].

Fig. 72. A plot of microhardness vs. equivalent strain in Cu, Cu-2.3Al, Cu-5Al,
Cu-8Al and Cu-16Al alloys processed by HPT [184].

Fig. 73. (a) Tensile engineering stress-strain curves for Al-7034 in the as-received condition, after 8 ECAP passes and after 8 ECAP passes followed by a solution
treatment for 1 h at 673 K with water quenching and an ageing treatment for 1 h at 353 K and 1 h at 398 K [642]; (b) tensile engineering stress-strain curves for UFG
and CG Al-7075 (Both samples were naturally aged at room temperature for one month) [603].
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strengthening ( σΔ cs), (2) modulus mismatch strengthening ( σΔ ms) and
(3) order strengthening ( σΔ os).

=σ Mα Gε
rf
Gb

Δ ( ) (
0.5

)cs ε c
3/2 1/2

(10)

= −σ M G
f

G
r
b

Δ 0.0055(Δ ) (
2

) ( )ms
m3/2 1/2 3
2 1

(11)

=σ M
γ

b
πf

Δ 0.81
2

(
3

8
)os

apb 1/2
(12)

The larger of +σ σΔ Δcs ms or σΔ os is responsible for the strength in-
crement from precipitation strengthening governed by the dislocation
shearing mechanism [658].

Once the strength increments are evaluated by Eqs. (9)–(12), a
comparison between the estimated values has to be made to determine
the actual governing mechanism. When choosing between the Orowan
dislocation bypassing mechanism [568,698,699] and dislocation
shearing mechanism [700], the one causing a smaller strength incre-
ment is thought to be the operative mechanism [658,661].

The high shear strain and stress imposed by SPD processing can alter
the solubility of alloying elements and thus change the state of solid
solution of an alloy [478]. The SPD-induced variation of the solubility of
impurities combined with extensive defect activities may result in the
dissolution of preexisting precipitates [476,508,622,623] and segrega-
tion [475,613,614,628] or redistribution of solute atoms [476,701,702].
The increased solute content within the base materials may cause addi-
tional elastic interactions between dislocations and solute atoms, thus
improve the overall solid solution strengthening effect [432,478,630].
However, the increased solid solution strengthening effect might be
achieved at the expenses of preexisting precipitates [478]. Thus for alloys
containing precipitates, SPD processing may or may not benefit the
mechanical properties of the materials, depending on the resulting mi-
crostructures [603,642,703]. As shown in Fig. 73(a), ECAP processing of
an Al-7034 alloy at 473 K reduces both the strength and ductility [642].
When the ECAP-processed sample is aged to increase the number of
precipitates, both the strength and ductility can be improved. The re-
duction in strength by SPD processing is due to the strain induced dis-
solution of the hardening η, -phase precipitates and a transformation of η,

into η under subsequent coalescence process [601]. The number of
precipitates available to impede the motion of intragranular dislocations
is significantly reduced and thus there is an inherent weakening of the
material. Although additional solid solution strengthening and grain size
reduction of the matrix can increase the strength, it is not enough to
compensate for the strength reduction due to the reduction in the density
of precipitates.

For another example shown in Fig. 73(b), the tensile yield strength
and UTS of the UFG Al-7075 alloy are 650 and 720MPa, respectively,
which are ∼103% and ∼35% higher, respectively, than those of their
CG counterparts. The elongation to failure of the UFG sample is
∼8.39%, which is still adequate for many potential industrial appli-
cations. Different from the Al-7034 case in Fig. 73(a), the UFG Al-7075
alloy in Fig. 73(b) was aged to have a higher density of precipitates than
the CG Al-7075 alloy. Therefore, the UFG sample has a higher strength

than the CG sample. Overall, the improved strength of the UFG 7075 Al
alloy can be attributed to: (i) GB-strengthening, (ii) strain hardening
(dislocation strengthening) (iii) solid solution strengthening and (iv)
precipitation strengthening.

A straight forward illustration of the combined effect of the four
strengthening mechanisms is exemplified in Table 7 [661]. UFG-7075-E
represents a consolidated 7075 Al alloy made from as-cryomilled 7075
Al alloy powder, which went through degassing plus hot isostatically
press plus extrusion. UFG7075-E-T6 represents a UFG7075-E sample
subsequently treated by solution heat treatment and quenched in ice
water, and then treated by artificial ageing at 120 °C in air for 24 h.
CG7075-E represents a consolidated CG 7075 Al alloy made from as-
received gas atomized powder, which went through degassing plus hot
isostatically press plus extrusion. CG7075-E-T6 represents CG7075-E
sample subsequently treated by solution heat treatment and quenched
in ice water, and then treated by artificial ageing at 120 °C in air for
24 h. All four samples possess yield strengths which were attributed to
the abovementioned four strengthening mechanisms. The estimated
yield strength by summation of the calculated strength increments is
very close to the experimental values, verifying the reliability of Eqs.
(4)–(12).

It is worth to emphasize that among the four strengthening me-
chanisms, precipitation strengthening is unique compared to single
phase alloys, because precipitates can significantly hinder dynamic
recovery and block dislocation slip to provide additional strengthening
effect on top of the grain refinement of the matrix [7,603].

8.1.3. The effect of different stages of SPD processing on the strength/
hardness of nanocrystalline materials

The SPD-induced grain refinement has a limit in the achievable
minimum average grain size at the steady state. This is determined by
both intrinsic materials properties and extrinsic processing parameters
[211,298]. The intrinsic materials properties include SFE, bulk mod-
ulus, melting temperature, and activation energy for recovery. If the
starting material has an average grain size smaller than the steady state
grain size, SPD can induce grain growth [437,439,440,442,443]. The
SPD-induced grain growth process is accompanied with the evolutions
of grain size, dislocation density and twin density, which play im-
portant roles on the mechanical properties of the materials
[197,199,428,438,457,704–706] (readers can refer to section 4).

A unique hardness evolution process was revealed during the HPT-
induced grain growth process of an nc Ni-Fe alloy as shown in Fig. 74
[456,707]: strain hardening occurred at the initial stages of deforma-
tion (under the increasing strain from 0 to ∼20 as shown in Fig. 74(a)),
followed by a strain softening (within the strain range between ∼20
and ∼35 as shown in Fig. 74(b)), a subsequent further strain hardening
(within the strain range between ∼35 and ∼45 as shown in Fig. 74(b))
before a plateau was reached, and a strain softening again (as the shear
strain is further increased from ∼45 to ∼340 as shown in Fig. 74(c)).
The two strain hardening stages are accompanied by an increase in the
dislocation density. The strain softening stage between the two hard-
ening stages is associated with a decrease in the dislocation density. The
effect of HPT-induced grain growth and twin density evolution on the

Table 7
Yield strength and estimated strength increments contributed by different strengthening mechanisms, for 7075 Al alloys processed under
different conditions [661].

Strength (MPa) UFG-7075-E UFG-7075-E-T6 CG-7075-E CG-7075-E-T6

+σ σΔ HP0 242 185 127 120
σΔ d 99 95 61 35
σΔ ss <82 ≪82 <82 ≪82
σΔ p 45 414 102 472

Total estimated yield strength <468 ≪776 <372 ≪709
Total experimental yield strength 583 734 283 613

Y. Cao et al. Materials Science & Engineering R 133 (2018) 1–59

46



hardness is overwhelmed by the stronger role of the dislocation density
at these stages [707]. However, the second strain softening stage is
primarily controlled by the grain growth, while other structural evo-
lutions play minor role on the hardness evolution [442]. Finally, a
stable hardness stage is achieved, which is associated both with an
average grain size at or close to the steady state grain size of an HPT-
induced grain growth process and with a constant dislocation density. It
is therefore proposed that the steady state achieved in this stage is the
result of balance between deformation-induced grain growth and grain
refinement, and between deformation-induced dislocation generation
and dislocation annihilation. During the SPD-induced grain growth
process, the grain size increased monotonously from ∼20 nm to
∼120 nm, while the hardness changed in an undulating manner. This
indicates that the conventional Hall-Petch type strengthening effect
loses dominance in the nc regime [218,667,668,708].

8.1.4. The strain softening effect of SPD-processed BCC materials
The strain rate sensitivity of ns BCC materials decreases with de-

creasing grain size, which is opposite to the behavior of ns FCC and HCP
materials [295,360,709–715]. The strain rate sensitivity Ms can be ex-
pressed using the following equation [295]:

=
∂ +

∂M
ρ υ ρ υ

τ
1 ln( )

lns

s s e e

(13)

where τ is the flow stress; ρs and vs are the density and speed of screw
dislocations, respectively; ρe and ve are the density and speed of dis-
locations with edge components (edge and mixed dislocations), re-
spectively. Due to the non-planar nature of the core of screw disloca-
tions in BCC materials, screw dislocations experience very high lattice
friction [269]. Thus, screw dislocations have much lower mobility than
edge dislocations ( ≪v vs e) [63]. As the grain size decreases from the CG
regime to the nc regime, the deformation mechanism changes from
screw dislocation dominance to edge and mixed dislocation dominance.
Consequently, the strain rate sensitivity of BCC materials decreases
with decreasing grain size.

It is well-known that CG BCC materials are notoriously resistant to
shear banding because of the dominance of screw dislocations and the
unique screw dislocation core structure. However, UFG and nc BCC
materials are prone to shear banding [241,246,262], due to the lack of
strain hardening and effective strain rate hardening [685]. Thus all
SPD-processed BCC materials show strain softening when deformed by
dynamic compression. As shown in Fig. 75, the stress–strain curves of
UFG W deformed by dynamic compression revealed obvious strain
softening soon after yielding. It is worth to note that CG W exhibited
brittle failure. However, as shown in Fig. 75, UFG W can deform plas-
tically without strain hardening under quasistatic loading, resulting in
nearly flat true stress–strain curves after yielding [240,360].

8.2. The effect of SPD processing on ductility

Most SPD-processed materials have very high strength but

unsatisfactory ductility [29,30]. Only a few materials processed by SPD
are observed to have both high strength and decent ductility
[7,9,608,651–653]. An increasing number of work showed that com-
bining SPD and other processing, e.g. subsequent heat treatment of
materials could lead to both high strength and good ductility
[6,651,716–719]. The outstanding mechanical properties of these re-
ported materials are attributed to some specific microstructural archi-
tectures. Therefore, it is crucial to discuss the micro/nanostructures
that are beneficial to ductility.

Ductility, which is the plastic tensile strain of materials at failure, is
significantly affected by microstructure. Ovid’ko et al. recently pub-
lished an extensive review on the ductility of ns materials [404]. The
primary reason for the low ductility is low strain hardening capability,
which leads to localized plastic strain instability (necking). Thus,
micro/nanostructures that provide additional strain hardening cap-
ability to delay localized plastic strain instability is critical for ductility.
Another approach for improving ductility is to increase the strain rate
sensitivity, but this is often negligible for most materials because their
strain rate sensitivity is often very small at room temperature [404].
However, this may change for materials with low melting temperatures,
where room temperature represents relatively high homologous tem-
perature.

Thoughtful design and careful SPD processing of materials to gain
hierarchical nanostructures is one way to achieve outstanding combi-
nation of strength and ductility. HPT processing of a commercial 7075
Al alloy led to a record breaking yield strength of above 1 GPa, which is
about twice the strength of a standard T6 ageing treated 7075 Al alloy
(note: T6 aging treatment is achieved by homogenizing the cast 7075 Al
alloy at 450 °C for a designated period of time, quenching, and then
aging at 120 °C for 24 h [720]), while maintaining a decent uniform
elongation of ∼5% and ductility of ∼9% (Fig. 76(a)) [9]. The out-
standing mechanical properties of the HPT-processed 7075 Al alloy are

Fig. 74. Vickers hardness plotted against von Mises equivalent strain for disks processed by HPT for (a) 1/4 revolutions [456], (b) 2, 3, 5, and 10 revolutions [707],
and (c) for 20 and 30 revolutions [707].

Fig. 75. True stress–strain curves of UFG W under compression. The loading
rates are provided in the figure [245].
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attributed to the resultant hierarchical nanostructure featuring (i) grain
sizes of tens of nanometres (Fig. 76(b)), (ii) a high density of disloca-
tions (Fig. 76(c)), (iii) subnanometre intragranular solute clusters
(Fig. 76(d)), and (iv) two geometries of nanometre-scale intergranular
solute structures [9]. It is noteworthy that in this case the high density
of intragranular solute clusters were introduced to increase the dis-
location storage capability of the material, and thus expand the strain
hardening capacity [9,630]. Meanwhile, the intergranular solute na-
nostructures at GBs providing additional resistance to embrittlement
and defect generation, may help the material against brittle failure [9].

Zhao et al. processed a ns 7075 Al alloy through following proce-
dures [608]: (1) a commercial T6-treated 7075 Al alloy was solution-
treated at 500 °C for 5 h then quenched into liquid nitrogen; (2) re-
petitive rolling of the solution-treated 7075 Al alloy at liquid nitrogen
temperature was conducted to achieve nanostructures; and (3) the re-
petitively rolled sample was immediately aged, first at 50 °C for 5 h and
then at 80 °C for 9 h in an argon atmosphere, to introduce nano-pre-
cipitates. As shown in Fig. 77(a), the ns 7075 Al alloy before age
treatment (labelled NS in the figure) had a yield strength of 550MPa
which is about more than three times higher than that of the CG 7075
Al alloy (145MPa), but the uniform elongation of the ns 7075 Al alloy
is only 3.3%. However, after a series of age treatment firstly at 50 °C for
5 h and then at 80 °C for 9 h in an argon atmosphere, the yield strength
further increased to 615MPa and surprisingly the ductility also in-
creased to 7.4% uniform elongation. SPD-processing introduced a very
high density of defects/dislocations into the 7075 Al alloy, which acted
as the heterogeneous nucleation cites for precipitates during subsequent
ageing process. It was also found that SPD processing can accelerate the
precipitation process and significantly increase the density of the nano-
precipitates [603]. The improvement in ductility is attributed to the
introduction of a very high density of nano-precipitates (second-phase
particles) as shown in Fig. 77(b). The high density of nano-sized second-
phase particles significantly hinders dynamic recovery and increases
the dislocation storage capability, thus increases the strain-hardening
rate [404,608].

ECAP processing of CG pure Cu (99.99%) at room temperature for
12 passes produced UFG structures with a high density of dislocations
that dramatically increased the yield strength from<50MPa to
∼410MPa (Fig. 78(a) [7]) but significantly reduced the ductility from
∼43% to ∼6%. The ECAP processing led to an UFG structure
(Fig. 78(b)) with the steady state grain size [172,173] and the steady
state dislocation density [16,150,174]. The strain hardening capability
of the UFG Cu sample was almost depleted at the equilibrium stage.
Similar to most other SPD materials, although the UFG Cu sample has a
very high strength, its ductility is reduced to a very low value as a trade-
off. However, subsequent drawing and rolling at cryogenic temperature
introduced a high density of nano-twins in the UFG structure
(Fig. 78(c)), leading to both improved yield strength and ductility to
500MPa and>10%, respectively, compared to the ECAP-processed
sample [7]. The simultaneous improvements of strength and ductility
are attributed to the novel combination of an UFG structure and a high
density of nano-twins [29,30,721,722]. There has been many literature
reports showing that coherent TBs are very effective in blocking and
storing dislocations to give an improvement in the strain-hardening
rate, thus benefit both the strength and ductility of the materials
[7,91,233,235,723].

Recent researches have led to a new renaissance of materials with
heterostructures [11,718,719,724,725]. A heterostructured material
normally possess large deviation of grain sizes from coarse grains to
nano-grains. The intuitive idea is that the coarse grains mainly provide
ductility and the nano-grains mainly provide strength. However, careful
architecture of the heterogeneous nanostructures is necessary and can
be achieved by partial SPD processing or combining SPD with a sub-
sequent heat treatment. Inconsistent results have been reported, some
of which are not repeatable.

A typical technique for partial SPD processing is the surface me-
chanical grinding treatment (SMGT) technique. Fang et al. [716]. used
the technique to process a gradient nano-grained Cu rod which ex-
hibited tensile yield strength of ∼129MPa (twice that of the CG
sample) and ductility nearly identical to its CG counterpart, as shown in

Fig. 76. (a) Engineering stress – strain plots for
the HPT-7075 (red curve) and T6-7075 (blue
curve) alloys; (b) a TEM image showing nano-
grains in the HPT-7075 alloy; (c) HRTEM
images showing a high density of dislocations
at the interior of a nano-grain. Two magnified
inverse Fourier transformation images are
provided for better illustration of the disloca-
tions marked by “T”. The diffraction pattern
indicates the absence of precipitate. (d) The
upper image is an atom probe tomography map
of a specimen of the 7075 Al alloy with na-
nostructure hierarchies; The lower image re-
veals solute aggregation along GBs [9] (For
interpretation of the references to colour in this
figure legend, the reader is referred to the web
version of this article.).
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Fig. 79 [716]. The SMGT processed Cu rod sample has a gradient grain-
size structure with a ns layer on the sidewall of the rod (Fig. 79(b–c))
and coarse grains at the interior of the rod. In this particular case, while
the CG core deforms by conventional dislocation slip during the tensile
test, the ns layer deforms by mechanically driven GB migration process
[726–729]. It was later discovered by Wu et al. [719]. in a gradient
structured IF steel that the mutual constraint between the unstable ns
surface layers and stable central core changes the stress state that helps
with dislocation interaction and accumulation to produce extra strain

hardening. In addition, the mechanical incompatibility among the
gradient layers produced a strong back-stress strengthening and back-
stress strain hardening [570].

Wang et al. conducted severe cold rolling under liquid-nitrogen-
temperature to deform a high purity Cu to 93% thickness reduction,
and subsequently annealed the sample at 200 °C for 3min [651,730].
The resulting material possesses a bimodal grain size distribution that
approximately 25% volume fraction of the material is coarse grains and
the rest of the material is nano-grains and ultrafine grains. The bimodal
ns Cu produced a yield strength above 400MPa and retained 30%
uniform elongation. Wu et al. produced heterogeneous Ti samples with
a mixture of nano-lamellar grains and equiaxed coarse grains by re-
petitive asymmetrical rolling and subsequent annealing at 475 °C for
5min [718]. The Ti samples were two times or even three times
stronger than conventional CG Ti while sustaining the same ductility.
Both the bi-modal structured Cu and the heterogeneous lamella Ti are
special types of heterostructured materials with soft domains embedded
in strong matrix. During the tensile test, the strain partitioning
[564,731–735] between strong matrix of nano-grains and soft coarse
grains induces significant back-stress work hardening which can help
prevent necking and thus improve the ductility of the material [718].
The definition and fundamental mechanisms of heterogeneous (het-
erostructured) materials can be found in a recent perspective paper
[725].

In summary, the ductility of metallic materials can be enhanced by:
(1) granting materials with additional strain hardening capability and
(2) delaying localized plastic strain instability (necking). The micro/
nanostructures that are beneficial to ductility include:

(1) High density of intragranular solute clusters [9,630] and/or a high
density of nano-sized second-phase particles [404,608] which can
significantly hinder dynamic recovery and increase the dislocation
storage capability.

(2) A large number of coherent TBs, which possess a comparatively low
energy state and are very effective in blocking and storing dis-
locations [7,91,233,235,723].

(3) Gradient nanostructure with ns surface layers and CG central core
[716,717,727,736,737]. The mutual constraint between the un-
stable ns surface layers and stable central core leads to multiaxial
stress state to enhance dislocation hardening and the mechanical
incompatibility leads to high back-stress work hardening during
tensile deformation [719].

(4) Heterostructure with agglomerated coarse grain domains embedded
within ns or ncmatrix. During the tensile test, the strain gradient near the
domain boundaries need to be accommodated by geometrically neces-
sary dislocations (GNDs), which produces strong back stress

Fig. 77. (a) Tensile engineering stress–strain curves of the CG, cryogenically
rolled ns, and aged ns 7075 Al alloy samples. Open circles and squares mark
yield strength and uniform elongation, respectively. (b) An HRTEM image
showing spherical G-P zones, plate-shaped η' phase, and equiaxed η phase in the
aged ns 7075 Al alloy sample [608].

Fig. 78. (a) Stress – strain plots for the samples processed by ECAP for 12 passes (UFGECAP) and ECAP+ cryogenic drawing+ cryogenic rolling (UFGECAP+D+R),
and for CG Cu samples; (b) a TEM image showing ultrafine grains in the UFGECAP+D+R Cu sample; (c) a TEM image showing a high density of nano-twins found in an
ultrafine grain [7].
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Fig. 79. (a) Tensile engineering stress–strain curves for a CG Cu sample (CG bar with a gauge diameter of 4.5 mm), the sample with a gradient nano-grained layer and
a CG core (GNG/CG bar), and a free-standing gradient nano-grained foil sample (GNG foil); (b) a SEM image showing the gradient grain-size structure of a SMGT Cu
sample; (c) a TEM image showing nanostructures at the location that is ∼3mm below the SMGT processed surface [716].

Fig. 80. Temperature and grain size compensated strain rate versus normalized stress for a serious of superplastic (a) Al alloys and (b) Mg alloys processed by SPD,
respectively. A solid straight line represents a prediction of superplastic flow made by using Eq. (14). The datum points from ECAP and HPT are encircled by blue and
pink ovals, respectively [742].
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strengthening to improve strength and back-stress work hardening to
retain/improve ductility [564,725,731–735].

8.3. Superplastic properties of SPD processed materials

8.3.1. Achieving superplastic properties in SPD materials at elevated
temperatures

Superplasticity is defined as the capacity of a material to plastically
deform under tension by over 400% [738,739]. There are two funda-
mental requirements for achieving superplasticity in conventional
polycrystalline materials: (1) a grain size smaller than 10 μm, and (2) a
homologous temperature above 0.5 Tm [740,741]. The effects of grain
size and temperatures on superplasticity are correlated in the famous
stress-creep rate relationship :

= −ε AD Gb
kT

b
d

σ
G

e˙ ( ) ( )p t n Q RT0 ( / )GB
(14)

where ε̇ is the strain rate, A is a constant, D0 is a frequency factor, G is
the shear modulus, b is the Burgers vector, k is Boltzmann’s constant, T
is the absolute temperature, d is the grain size, p is the exponent of the
inverse grain size, σt is the tensile stress, n is the exponent of the stress,
QGB is the activation energy for GB diffusion and R is gas constant.

The validity of Eq. (14) for SPD processed materials has been tes-
tified in a large number of SPD processed materials, and some results
are provided in Fig. 80 [742]. It is clearly seen from Fig. 80 that the
prediction of the strain rates by Eq. (14) for superplastic flow in SPD
processed Al alloys and Mg alloys fits very well with the experimental
results. Thus, it is confirmed that the superplastic flow behavior in
conventional alloys can be reasonably applied to describe the super-
plastic flow of UFG materials processed by SPD. Most importantly, Eq.
(14) indicates that reducing grain size can expand the optimal strain
rate regime for superplasticity to a faster strain rate region, and this is
actually attested by extensive experiments [743,744]. This expansion in
the range of strain rate implies a potential application of SPD processed
materials in the field of high strain rate plastic forming, where UFG and
nc materials without any contamination and/or porosity may be used to
replace corresponding metal powders. For detailed reviews on the high
temperature superplasticity of SPD processed materials, readers can
refer to the literatures [742,744].

8.3.2. Achieving superplastic properties in SPD materials at room
temperature

Superplasticity typically occurs only at high homologous tempera-
tures (> 0.5 Tm), where the thermally activated GB sliding mechanism
dominates over conventional dislocation activities [742,743]. Since Eq.
(14) has been validated for UFG and nc materials, it thus implies en-
hanced ductility in UFG and nc materials at lower temperatures and
higher strain rates than those in their microcrystalline counterparts
[404]. Although it has been well documented that grain size reduction
to the UFG and nc regimes can significantly enhance GB mediated de-
formation mechanisms [3,42,43,201,202,218,705] including GB sliding
[200,219,691] and can lower the temperature for superplasticity by
100–200 K [6]. It is still unlikely for materials with medium to high
melting temperatures to deform superplastically at room temperature.

Close examination of Eq. (14) reveals that low-temperature super-
plasticity can be possibly achieved by enhancing GB diffusion. Apart
from high temperatures, GB diffusion can also be enhanced by en-
gineering the compositions at GBs through strain induced segregation
[414,745]. It is widely known that the energy and mobility of GBs can
be altered through segregation of solute atoms, and segregation of se-
lected types of atoms in certain alloys can enhance GB diffusion
[628,644,746].

Recently, the hypothesis of achieving room-temperature super-
plasticity by segregation at GBs has been experimentally proved with
SPD processed Mg-8 wt.% Li [747] and Al-30at.%Zn alloys [748]. For
the SPD processed Mg-8 wt.% Li alloy, it was found that the combined

effect of segregation of Li atoms to the GBs and the increase in the
fraction of Li-rich α/β interphase boundaries led to strongly enhanced
GB diffusion. Hence, the SPD processed UFG Mg-8 wt.%Li alloy could
demonstrate 440% elongation at room temperature that corresponds
0.35 Tm [747]. For the SPD processed Al-30at.%Zn alloy, it was found
that segregation of Zn atoms to Al/Al GBs significantly increased the
diffusivity along the Al/Al GBs, making it comparable to the GB dif-
fusivity in Zn metal. The presence of Al-rich α and Zn-rich η phases
together with significantly enhanced GB diffusion at Al/Al GBs in SPD
processed ns Al-30at.%Zn alloy led to the superplasticity of 400%
tensile elongation at room temperature, corresponding to a homologous
temperature of 0.36 Tm [748].

It can be concluded that engineering the GB composition through
SPD induced solute segregation can be an effective method for
achieving room-temperature superplasticity in alloys with medium
melting temperatures. This opens up a new path to enhance the de-
formability of structural materials at low homologous temperatures.

9. Concluding remarks and outstanding issues

9.1. Concluding remarks

We have presented a systematic review on SPD-induced grain re-
finement and other microstructural evolutions of metallic materials
with FCC, BCC, and HCP crystalline structures and metallic materials
with multiple phases, and the structural effect on mechanical proper-
ties. These are summarized below:

(1) SFE plays a critical role in the deformation and microstructural
evolution of FCC materials. For FCC materials with high SFEs, SPD-
induced grain refinement occurs mainly via lattice dislocation ac-
tivities including dislocation multiplication, accumulation, and
annihilation via the formation of low-angle and then high-angle
GBs. For FCC materials with medium SFEs, their deformation me-
chanisms and microstructural evolutions are sensitive to deforma-
tion condition. For SPD processing at low temperatures, under high
hydrostatic pressures and/or high strain rates, deformation twin-
ning plays an important role in the deformation. Otherwise, the
microstructural evolution of materials with medium SFEs is similar
to that of the materials with high SFEs. For FCC materials with low
SFEs, deformation twinning is a major deformation mechanism. The
grain refinement process is a combined effect of deformation
twinning and the interactions between dislocations and TBs. The
resulting final grain sizes are usually smaller than the grain sizes
refined only by full dislocation activities and are comparable to the
twin thicknesses. Depending on deformation conditions, deforma-
tion twinning may be accompanied by significant de-twinning
processes and this leads to final refined grain sizes larger than the
thicknesses of the primary deformation twins.

(2) Although the SPD-induced grain refinement processes in BCC ma-
terials are similar to those of FCC materials with high SFEs, they
also present some unique features. For example, slip of screw dis-
locations controls the mechanical behavior of CG BCC materials.
Screw dislocations in BCC materials possess non-planar cores,
strong lattice friction and consequently the mobility of screw dis-
locations is sensitive to strain rate, temperature and shear stress.
When the grain size is reduced to the nc regime, edge and mixed
dislocations tend to dominate the deformation, thus the strain rate
sensitivity of the deformation behavior of nc BCC metals decreases
with smaller grains, which is opposite to the behavior nc FCC me-
tals.

(3) The easiest deformation mechanism in HCP materials is either 〈 〉a
basal slip or 〈 〉a prismatic slip, depending on whether the c/a ratio
is above or below 1.6. There are not enough slip systems to meet the
von Mises criterion for strain accommodation and to accommodate
strain along the c-axis in HCP materials. Therefore, dislocations
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with 〈 〉c components and/or deformation twinning are necessary
during deformation of HCP materials. However, both deformation
mechanisms requires significantly higher stress than 〈 〉a slip. Thus,
flow stress anisotropy in HCP materials is very significant and this
leads to considerably inhomogeneous grain refinement during the
early stages of SPD-processing of HCP materials.

(4) Deformation twinning is critical in HCP materials to meet the von
Mises criterion for the plastic deformation of the materials. Similar
to other materials, deformation twinning in HCP materials is also
sensitive to temperature, stress and grain size. In addition, twinning
systems in HCP materials are also material-dependent. The dom-
inance of a single twinning mode in some HCP materials leads to
high stress concentration and thus fast failure, which has been
observed in Mg and many of its alloys. In contrast, cooperation of
multiple twinning modes may benefit homogeneous deformation
and allow HCP materials, such as Ti and Zr, to deform to a large
strain without failure.

(5) The final steady-state grain size achieved by SPD processing is af-
fected by many factors including SFE, atomic bond energy, specific
heat capacity, self-diffusion activation energy, temperature, the
SPD strain path, applied pressure, and strain rate. When the starting
grain size is smaller than the steady state grain size, SPD processing
results in grain growth through mechanisms such as GB sliding,
grain rotation, GB migration, and GB diffusion. During the SPD-
induced continuous grain growth process from a much smaller
grain size to the steady state grain size, formation and dissociation
of L-C locks may continuously occur, leading to an obvious un-
dulation of materials’ strength.

(6) SPD processing leads to pronounced dislocation activities and in-
creases significantly the density of point defects including va-
cancies. Dislocation slip may drag and redistribute solute atoms to
cause diffusive phase transformations such as dissolution of pre-
cipitates and/or decomposition of solid solutions, thus change the
solubility of materials. Significant accumulation and multiplication
of dislocations may cause localized amorphization in certain ma-
terials such as TiNi, Fe-B-Cu and Ni-Nb-Y alloys. On the other hand,
the high energy imposed by SPD may also lead to nanocrystalliza-
tion in amorphous metallic materials. High shear stress imposed by
SPD may cause non-diffusive (martensitic) phase transformation in
many materials including Co, Ti, Zr, Hf, Mo, Ti alloys.

(7) Dual phase alloys have two phases of similar volume fractions.
During SPD processing, each phase domain deforms by its own
preferred deformation mechanisms. As the size of the phase do-
mains reduces to the nc regime, deformation mechanisms in one
phase may affect the deformation of the adjacent phase that dis-
location slip or deformation twins may transmit through the in-
terphase interface of two neighboring grains/phases that are of
some specific orientation relationships. If the lattice misfit between
the two phases is large, interfacial sliding occurs instead of the
transmission of slip across phase boundaries.

(8) SPD processing leads to significant increase in dislocation density
and grain refinement thus strengthens materials. In many situa-
tions, SPD processing improves strength but deteriorates ductility.
Other subsequent processing treatments would be necessary to ac-
quire structures that promote ductility. Producing heterogeneous ns
materials containing both nano-grains and coarse grains is a good
strategy for combined high yield strength and decent ductility

9.2. Outstanding issues

While SPD processing of metallic materials for improved mechanical
properties has been extensively investigated, there are still some out-
standing issues to be explored. Details of dislocation activities in and
microstructural evolution of FCC, BCC and HCP materials during plastic
deformation are still not fully understood due to the lack of structural
characterization capabilities. Encouragingly, recent advancement in

materials characterisation techniques may provide significant help for
the task. The transmission Kikuchi diffraction (TKD) technique in the
scanning electron microscope enables fast, automated orientation
mapping of crystalline materials with a dramatically improved spatial
resolution compared to the conventional electron backscatter diffrac-
tion technique [48,49,749]. The highest achievable spatial resolution of
the TKD technique is about 2 nm. Combination of the TKD technique
and in-situ straining microscopy techniques makes it possible to study
the collaborative deformation processes including the evolution of the
crystallographic orientations of neighbouring grains in relatively large
areas, the development of dislocation substructures in individual grains
during deformation processes, and the relationships between these
structural evolutions with mechanical properties of UFG and nc mate-
rials. Spherical aberration (Cs)-corrected TEM with a point-to-point
image resolution of smaller than 0.1 nm enables the investigation of the
dislocation core structure in BCC materials. The development of in-situ
straining TEM enables observation of real-time dislocation activities
such as nucleation, slip, accumulation and multiplications in FCC, BCC
and HCP materials [278,471,750–754].

The SFE of materials can be changed by changing the composition of
the materials. This leads to the difficulty of differentiation of the con-
tribution of SFE and alloy elements to SPD-induced structural evolution
and the mechanical properties of UFG and nc materials. This issue may
be more critical in materials with significant alloying elemental content
such as high entropy alloys. State-of-the-art materials characterization
techniques including 3D atom probe tomography, in-situ straining ex-
periments and HRTEM imaging using Cs-corrected TEM/STEM are ideal
for tackling this issue.

As mentioned in Section 3.6, the model to explain the physics be-
hind the steady-state grain size obtainable by SPD is not complete yet,
although Mohamed’s dislocation model [298,406,412] could predict
the minimum average grain size with some degree of accuracy. Many
important factors, such deformation twinning, martensitic phase
transformation, dynamic recrystallization, GB migration and grain ro-
tation, are strongly suggested to be incorporated into the model for
improving the accuracy.

The effect of precipitates on the grain refinement of matrix is af-
fected by the characteristics of the precipitates such as the size, density,
precipitate/matrix boundary coherency, chemical stability, and me-
chanical properties of the precipitates [611,632]. In addition, there
seems to be a critical size of precipitates above which the matrix grain
refinement can be promoted. Unfortunately, to date all relevant in-
formation are randomly scattered, there isn’t a systematic research to
correlate all these characteristics of precipitates and deformation con-
ditions with the rate of matrix grain refinement. It is crucially important
to understand the effect of precipitates on the grain refinement of the
matrix, in order to manipulate the microstructures of the materials for
optimum mechanical properties.

Recently, heterostructured materials are emerging as a fast-growing
hot research topic. Heterostructured materials consist of domains with
dramatically different strengths [725]. The domain sizes can vary from
micrometers to millimeters and domain geometries can vary from
equiaxed to layered. From this definition, some of the aforementioned
structures can be classified as special types of heterostructured mate-
rials, including the bi-modal structure [8,651,755,756], the hetero-
geneous lamella structure [684], and the gradient structure
[716,719,736,757,758]. A common feature of these structures is that
they all have a mixture of CG domains/grains and ns/nc domains. It
was noticed in many literatures that heterostructured materials can be
processed through SPD processing [349,353,759] or SPD with sub-
sequent heat treatment [8,651,755,756]. While the research in het-
erostructured materials is expanding its popularity, research on using
SPD to manipulate the structural heterogeneity is also an interesting
topic.

The ultimate goal of materials processing is to acquire structures
that lead to superior mechanical properties. It is critical to have
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complete understanding of the relationships between structure and
mechanical properties of UFG and nc materials, and ways to achieve the
optimum structures. There is still a long way to go for the ultimate goal.
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