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ABSTRACT

The microstructural evolution of twinning-induced plasticity steel during high-pressure torsion (HPT)
processing at 573 K was systematically evaluated. Due to the high processing temperature, the formation
of a homogeneous nanostructure was primarily dominated by complicated dislocation and grain
boundary activities in lieu of deformation twinning. Apart from the grain refinement process, phase
transformation took place at late stages of deformation, resulting in the microstructural fingerprint of
equaxied nanograins with multiple phases in the steel. On account of remarkable elemental redistri-
bution, the diffusion-controlled nature of the transformation was convincingly identified. During the
transformation, although the cementite also initially formed, austenite eventually decomposed into
ferrite and Mn-riched M,3Cg carbide, implying that Mn is the pivotal alloying element for the trans-
formation kinetics. Owing to the sluggish bulk diffusivity of Mn, it is proposed that a high density of
defects, nanostructures and the HPT processing play a crucial role in promoting the elemental diffusion
and segregation and in stimulating the phase transformation.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Bulk ultrafine-grained (UFG, < 1000 nm) and nanocrystalline
(NG, < 100 nm) materials have been extensively explored over the
last two decades due to their superior mechanical properties,
including exceptionally high strength and hardness, excellent fa-
tigue resistance and low-temperature superplasticity [1-5]. Severe
plastic deformation (SPD) is among the most effective methods that
can produce fully dense and contamination-free bulk UFG and NC
materials [3—5]. By recourse to the SPD techniques, originally
coarse-grained structures can be substantially refined to UFG or NC
structures through a series of sophisticated grain refinement pro-
cesses [3—5]. Comprehensive understanding of the fundamental
mechanisms of SPD-induced microstructural evolution is crucial for
achieving optimal mechanical properties of these materials via
fine-tuning their microstructures.

It is well documented that dislocation activities and
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deformation twinning are the two primary SPD-induced grain
refinement mechanisms [3]. For materials in which dislocation slip
is the dominant deformation mechanism, the SPD-induced micro-
structural evolution is mainly controlled by complicated dislocation
activities that subdivide a large grain into many smaller volume
elements through the formation of dislocation cells. With
increasing plastic strain, the cell boundaries gradually evolve into
low-angle and then high-angle grain boundaries (LAGBs and
HAGBs, whose misorientation angles are below and above 15°,
respectively) [6,7]. In contrast, refinement via deformation twin-
ning involves the formation of a high-density of nanoscale twins in
coarse grains and the subsequent transformation of two-
dimensional twin lamellae structures into three-dimensional
nanograins through extensive interactions between twin bound-
aries (TBs) and other defects (mainly dislocations) [8]. The final
grain sizes after the refinement by the two mechanisms are
generally in the range of submicrometer and nanometer, respec-
tively [8,9]. In these bulk UFG and NC materials, there are a
considerable fraction of LAGBs and a high density of dislocations
resided in or near non-equilibrium HAGBs, which remarkably in-
fluence the thermal stability and mechanical properties of the
materials [10—12].
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In addition to grain refinement, SPD processing can also lead to
the formation of non-equilibrium solid solutions, disordering,
amorphization, and phase transformations under high stress levels
in various alloys [13—16]. For example, SPD can dissolve cementite
in pearlitic steels through extensive C-dislocation interactions [13],
promoting a reverse phase transformation from ferrite to austenite
[14]. Although the reverted austenitic phase is unstable at room
temperature, the long-distance diffusion of C atoms, stemmed from
the decomposition of cementite, stabilizes to some extent the
austenitic phase [14]. Therefore, alloying elements dissolved in the
matrix phase play a significant role in SPD-induced microstructural
evolution of engineering materials.

As a promising candidate for numerous industrial applications,
twinning-induced plasticity (TWIP) steels with the austenitic phase
have been extensively investigated since they possess excellent
combination of high tensile strength and good ductility, which
originates from their exceptionally large work-hardening rate
[17—20]. It is generally recognized that the high work-hardening
rate is closely related to the formation of deformation twins
[19,20]. TBs act as effective barriers for dislocation motion to
strengthen the materials and the increasing density of TBs with
further straining results in a “dynamic Hall-Petch effect”. Addi-
tionally, the extensive interaction between the interstitial C atoms
of C—Mn dipoles and dislocations produces a dynamic strain aging
effects, also leading to high work-hardening rate [21]. Based on the
traditional crystal plasticity theory, the activation of predominant
deformation mechanism is mainly controlled by the stacking fault
energy (SFE) [22], which is highly dependent on the chemical
composition of TWIP steels. Until now, most researches concerning
TWIP steels focused on the dependence of deformation mecha-
nisms on their alloying elements and SFE [23—26], and the prop-
erties associated with microstructures [27—30]. Compared to other
advanced steels [13,31—35], investigation on the microstructural
response of TWIP steels to SPD processing is still limited [37,38].
However, fundamental exploration of the SPD-induced micro-
structural evolution of TWIP steels is important both scientifically,
for the comprehensive understanding of the grain refinement
processes in the engineering metallic materials, and technologi-
cally with respect to their energy absorption applications where
high strain will be imposed on the steels.

In present work, high-pressure torsion (HPT), which is one of
the most popular SPD techniques [39], was applied to process a
TWIP steel at 573 K. The HPT-induced microstructural evolution
was systematically studied in virtue of various advanced charac-
terization methods, including X-ray diffraction (XRD), conventional
electron backscatter diffraction (EBSD), scanning electron
microscope-transmission Kikuchi diffraction (SEM-TKD) and
transmission electron microscopy (TEM). During HPT processing,
diffusional phase transformation surprisingly occurred via the
decomposition of austenite into ferrite and carbides. To link the
phase transformation and elemental diffusion, atom probe to-
mography (APT) was employed to analyze the elemental distribu-
tions before and after HPT processing.

2. Experimental procedure
2.1. Materials and processing

The original TWIP steel used in this investigation is a commer-
cial product produced by Ansteel Co. Ltd. in China. The nominal
chemical composition of the TWIP steel is Fe-17.37Mn-3.31C-
3.34A1-0.94Si in at.% or Fe—18Mn-0.75C-1.7AI-0.5Si in wt.%.
Detailed information about the material is available in Refs. [40,41].
For HPT processing, the fully recrystallized steel was cut into disc
samples with a diameter of 20 mm and a thickness of 1.5 mm. The

disks were HPT processed through 1, 5, 10, and 12 revolutions
(thereafter referred to as 1R, 5R, 10R and 12R samples, respectively)
under a quasi-constrained condition [39] with an imposed pressure
of 4.0 GPa at 573 K. Before HPT processing, the anvils were pre-
heated to 573 K and then held for 5 min to warm the samples.
The temperature was kept at 573 + 10 K during the process. The
samples were quenched into water immediately after HPT pro-
cessing. One or two revolutions of HPT were carried out for one
time and abovementioned procedure was repeated to reach the
designed revolution numbers.

2.2. Materials characterization techniques

After HPT, disks with a diameter of 3 mm for microstructural
characterization were taken near the edge of the HPT samples and
were mechanically polished using 1200—4000 grit SiC papers
sequentially to acquire a flat and smooth surface. All structural
characterization experiments were undertaken at positions of
~1—2 mm away from the edge of disks and all micrographs were
taken from plan-view. For XRD and conventional EBSD experi-
ments, electro-polishing was conducted to remove the strained
layer caused by mechanical polishing using a Struers LectroPol-5
unit and an electrolyte of 23% perchloric acid and 77% acetic acid
under the voltage of 20 V at the ambient temperature for 50 s. XRD
measurements of all specimens were performed using a Siemens
D5000 diffractometer to identify the phase information of the steel
before and after HPT. EBSD analysis of the original, 1R and 5R
samples were carried out using a Carl Zeiss Ultra Plus field emission
gun SEM with the operating voltage of 12 kV and the step sizes of
200 nm, 100 nm and 60 nm, respectively.

For the 10R and 12R samples with much finer microstructures,
SEM-TKD and TEM were applied to characterize the microstruc-
tures and phase transformation. The samples were electropolished
using a Struers TenuPol-5 jet electropolishing unit and a solution of
23% perchloric acid and 77% acetic acid under an operating voltage
of 20V and at a temperature of —20 °C. SEM-TKD experiments were
performed in the Zeiss Ultra SEM with operating voltage of 20 kV
and the step size of 10 nm. The detailed experimental set-up of
SEM-TKD follows that presented in Ref. 42. The chemistry infor-
mation of the samples was simultaneously collected using an Ox-
ford Instruments AZtec EDS system with an X-Max 20 mm? silicon
drift detector during the SEM-TKD mapping. TEM characterization
was performed using a JEOL 2200F operating at 200 kV and a JEOL
3000F at 300 kV.

A local electrode atom probe was employed to acquire high-
resolution compositional data of the coarse-grained sample and a
12R sample. Tip samples for APT analysis were prepared using a
two-step electropolishing procedure with thin bars having cross-
sections of 0.5 x 0.5 mm?. The first step used an electrolyte of
25% perchloric acid in acetic acid at 15 V and the second step used
an electrolyte of 4% perchloric acid in 2-butoxethynal at 20 V. APT
characterization was performed in a atom probe, CAMECA LEAP
4000X Si at a specimen temperature of 20 K under a laser pulse at
an energy of 40 pJ and with a target evaporation rate of 1%.
Reconstruction and quantitative analysis of atom probe data were
performed by using IVAS 3.6.6 software.

3. Experimental results
3.1. XRD results before and after HPT

XRD patterns of the original steel and HPT samples are pre-
sented in Fig. 1. Within the XRD detection limit, only peaks from the

austenitic phase were identified in the initial TWIP steel and the 1R
and 5R samples. Although significant HPT-induced martensitic
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transformation at room temperature has been reported in a TWIP
steel [37], no martensite formed in the present study, which may be
attributed to the high processing temperature suppressing the
martensitic transformation. With further deformation, the (110)
peak of ferrite (thereafter referred to as (110),,) is clearly detected in
the 10R sample, signaling the phase transformation from austenite
to ferrite. The (110),, peak is more remarkable and the (211), peak is
also notably identified in the 12R sample. Based on the XRD results,
the volume fraction of ferrite is ~5.6% and ~20% in the 10R and 12R
samples, respectively. It is well known that stress-induced
martensitic transformation can be activated by mechanical
loading, since austenite in the TWIP steel is metastable [25,28,37].
However, there was no report concerning deformation-induced
phase transformation from austenite to ferrite. To comprehen-
sively understand the HPT-induced microstructural evolution and
phase transformation of the TWIP steel, in-depth microstructural
investigations were performed by recourse of extensive EBSD and
TKD characterization.

3.2. EBSD and TKD investigations of HPT-induced microstructural
evolution

The original TWIP steel is of a recrystallized microstructure with
an average grain size of ~4 um and only a few LAGBs, as shown in
Fig. 2 (a). In line with the XRD result, the phase map in Fig. 2(b)
further confirms that the original TWIP steel contains only
austenite. After HPT for 1 revolution, the original grain features
including their shape and GBs were still traceable although there is
gradual variation in the crystallographic orientations within indi-
vidual grains, while a high density of LAGB with a fraction of ~68%
formed within the grains, as exhibited in Fig. 3 (a—c). Larger
changes in orientation are adjacent to GBs and near triple junctions,
which stemmed from abundant dislocation activities, leading to the
formation of LAGBs [7,43]. Fig. 3 (a) also reveals a few deformation
twins, with TBs presented with red lines, in several grains whose
orientations may favor deformation twinning [44,45]. No phase
transformation was observed and only austenite existed in the
sample (Fig. 3(b)). Usually, profuse twinning activities play a crucial
role in accommodating the plastic strain imposed on the TWIP
[23—30]. In the present investigation, dislocation slip rather than
twinning was the dominant mechanism for the large shear defor-
mation because of the high processing temperature, which will be
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Fig. 1. XRD patterns of the original TWIP steel and those after different numbers of
revolutions of HPT processing.

discussed in detail later.

HPT processing for 5 revolutions led to significant change in the
microstructure. As exhibited in the orientation map in Fig. 3 (d),
grains were strongly elongated with roughly parallel lamellar
boundaries, interweaved with some nearly equiaxed ultrafine
grains. The average width of the lamellar structure is ~1 um. The
phase map of Fig. 3 (e) shows only the austenitic phase in the
sample. Compared to the 1R sample shown in Fig. 3 (c), the fraction
of LAGB in the 5R sample was slightly reduced but was still as high
as ~60%, while the density of deformation twins decreased as well
based on the volume fraction of TBs, as illustrated in Fig. 3 (f). This
could be ascribed to the detwinning behavior due to the extensive
interaction between dislocations [35] and TBs and the twinning
activation becomes increasingly difficult with the grain refinement
in the micrometer range [44].

Owing to the limited spatial resolution of the conventional EBSD
method, the microstructure characterization of the 10R and 12R
samples was carried out by recourse of the SEM-TKD technique
[42]. After HPT for 10 revolutions, although many grains are still
elongated, the aspect ratios of grain length to width were promi-
nently reduced, while the number of equiaxed ultrafine and
nanoscale grains increased remarkably, as exhibited in Fig. 4 (a—c).
In parallel with the XRD results, new phases with small grain sizes
are detected in some “band-like” narrow local regions, as revealed
in the phase map in Fig. 4 (c). Based on the Kikuchi patterns, the
new phases are determined as ferrite and two types of carbides —
cementite and M33Cg — with volume fractions of ~5.2%, 1.2% and
1.5%, respectively. Because of their small volume fractions, carbides
were not identified by XRD. Although the experimental set-up of
TKD and the nature of thin foil specimens make it difficult to collect
compositional information with high accuracy [42], the inhomo-
geneous elemental distributions of Fe and Mn at places where the
new phases formed were still identified, as shown in Fig. 4 (d) and
(e), indicating clearly the diffusional nature of the phase trans-
formation. Thus, elemental diffusion and redistribution play a
crucial role in the phase transformation, which is significantly
different from the martensitic transformation in TWIP steels
[25,28,37].

The grain size distributions of austenite and ferrite in the 10R
sample are shown in Fig. 5 (a) and (b), respectively. The average
grains size of austenite and ferrite was ~130 nm and ~65 nm,
respectively, and the latter had a narrower grain size distribution
range. The grain sizes of two carbides were ~50 nm Fig. 5 (c) and (d)
present the misorientation angle distribution of austenite and
ferrite, respectively. Compared to 1R and 5R samples, the volume
fraction of LAGBs in austenitic grains is remarkably decreased to
~26%, while there are only a few LAGBs with a fraction of ~10% in
ferrite phase. In fact, although plenty of ultrafine and nanoscale
grains were formed in many regions, combined with the significant
reduction of LAGBs and the occurrence of the phase transformation,
the microstructure of the steel was quite inhomogeneous even after
HPT for 10 revolutions.

After HPT for 12 revolutions, the representative microstruc-
tural trait of the steel was uniformly distributed equiaxed nano-
grains, as detected in Fig. 6 (a—c). Meanwhile, the phase
transformation proceeded, resulting in the formation of more
ferrite and My3Cg carbide. However, the cementite phase was
barely noticeable as shown in Fig. 6 (c). Based on the TKD result,
the volume fractions of ferrite and M23Cg increased remarkably to
23% and 3.2%, respectively. Accompanied with the occurrence of
extensive phase transformation, the distributions of Fe and Mn
became increasingly inhomogeneous owing to the significant
elemental redistribution, as exhibited in Fig. 6 (d) and (e). Quali-
tatively, the Mn-enriched and -depleted regions roughly corre-
spond to the M;3Cg carbide and ferrite, respectively, in which Fe is
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Fig. 2. (a) The orientation map of the CG TWIP steel and inserted image is the inverse pole figure (the black and white lines means the HAGB and LAGB, respectively); (b) The EBSD

phase map of CG TWIP showing the fully austenite microstructure.
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Fig. 3. After 1-revolution HPT: (a) EBSD orientation map (the red lines mean TBs); (b) the phase map; (c) misorientation angle distribution of the TWIP steel; After 5-revolutions
HPT: (d) EBSD orientation map; (e) the phase map; (f) misorientation angle distribution of the TWIP steel. (For interpretation of the references to colour in this figure legend, the

reader is referred to the web version of this article.)

reversely lean and enriched. Moreover, the average austenite
grain size of ~135 nm was almost the same as that in the 10R
sample, while the grain size of ferrite phase remarkably increased
to ~115 nm, as revealed in Fig. 7 (a) and (b). The average grain size
of M33Cg carbide increased slightly to ~60 nm. Thus, instead of
grain refinement, grain growth occurred for ferrite and M33Cg and
the total amounts of the new phases increased with deformation.
In addition, the volume fraction of LAGBs in austenite further
decreased to ~21%, as illustrated in Fig. 7 (c). Differently, Fig. 7 (d)
shows that the volume fraction of LAGBs in ferrite phase was ~11%,
which is about the same as that of the 10R sample.

3.3. TEM investigation on the microstructures of the 10R and 12R
samples

Various dislocation configurations including dislocation cells
and elongated subgrain boundaries are the characteristics of the
inhomogeneous microstructures in many regions of 10R sample,
interspersed with several isolated nanograins, as marked by arrows
in Fig. 8 (a). Corresponding selected area electron diffraction (SAED)
patterns confirm that only austenite exists in these areas. In
contrast, many equiaxed ultrafine and nanoscale grains can be
found in some local places, as exhibited in Fig. 8(b), while there are
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Fig. 4. (a) TKD pattern quality map of the TWIP steel after 10-revolutions HPT; (b) TKD orientation map; (c) TKD phase map with austenite in blue, ferrite in red, cementite in green
and M3Cg carbide in yellow, implying the occurrence of phase transformation; (d) and (e) EDS element maps showing Fe and Mn Ka X-ray counts, respectively. (For interpretation

of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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Fig. 5. (a) and (b) Grain size distributions of austenite and ferrites in the TWIP steel after 10-revolutions HPT, respectively; (c) and (d) misorientation angle distributions austenite

and ferrites in the TWIP steel after 10-revolutions HPT, respectively.

still apparent dislocation substructures in the ultrafine grains, most
of which are the austenitic phase. SAED patterns obtained from
these zones, as inserted in Fig. 8 (b), validate the existence of
multiple phases, indicating that the phase transformation took
place. According to the SAED patterns, besides the austenite phase,
the ferrite phase can be readily recognized as well, while several
isolated spots, originated from carbides, are difficult to be

accurately indexed. Nevertheless, through indexing the SAED pat-
terns of many individual grains, apart from the austenite and the
ferrite, cementite and M33Cg carbide were efficaciously identified.
Fig. 8 (c—e) presents typical morphologies and SAED patterns of
ferrites, cementite and M;3Cg, respectively.

After HPT for 12 revolutions, NC grains with equiaxed
morphology are the predominant microstructural signature of
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Fig. 6. (a) TKD pattern quality map of the TWIP steel after 12-revolutions HPT; (b) TKD orientation map; (c) TKD phase map with austenite in blue, ferrite in red and M,3Cg carbide
in yellow; (d) and (e) EDS element maps showing Fe and Mn Ko X-ray counts, respectively. (For interpretation of the references to colour in this figure legend, the reader is referred

to the web version of this article.)
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Fig. 7. (a) and (b) Grain size distributions of austenite and ferrites in the TWIP steel after 12-revolutions HPT, respectively; (c) and (d) misorientation angle distributions austenite

and ferrites in the TWIP steel after 12-revolutions HPT, respectively.

the steel in most regions, as shown in Fig. 9 (a) and (b). The
corresponding SAED pattern inserted in Fig. 9 (a) identifies three
phases, i.e., austenite, ferrite and M,3Cg carbide. No cementite
was found. Typical atomic-scale TEM images and their corre-
sponding fast Fourier transformation (FFT) patterns of austenite,
ferrite and M»3Cg carbides are shown in Fig. 9 (c)—(e). While the
GBs in SPD materials processed at the ambient temperature are

usually blurred due to the significant internal stress and limited
dynamic recovery [8,35,46], most GBs in present study are quite
clear, as exhibited in Fig. 9 (a) and (b), implying that dynamic
recovery or recrystallization caused by the high processing
temperature, play an essential role in shaping the morphology of
these fine grains. A few deformation twins were occasionally
found in austenitic nanograins and Mj,3Cg carbides. Some
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Fig. 8. (a) and (b) Typical TEM images of the TWIP steel after 10-revolutions HPT, showing the only austenite and multiple phase microstructures, respectively and the inserted
images are corresponding SEAD patterns; (c—e) typical morphology of ferrite, cementite and M,3Cg carbide with their SEAD patterns, respectively.

Fig. 9. (a) and (b) Characteristic TEM images and the SEAD patterns of the TWIP steel microstructures after 12-revolutions HPT and the deformation twins are marked by the arrows
in (b); (c—e) HRTEM images and corresponding FFT of austenite, ferrite and M,3Cg carbide, respectively.

twinned grains are marked by arrows in Fig. 9 (b). These twins 3.4. APT investigations of elemental distribution in the original steel
are expected to form via partial dislocation emissions from GBs and the 12R sample

[47,48]. In a whole, the microstructure in the 12R sample is quite

homogeneous in comparison to that in the 10R sample. Based on the SEM-TKD results, the phase transformation in the



X.H. An et al. / Acta Materialia 109 (2016) 300—313

present investigation is diffusion controlled. Therefore, information
on the elemental distributions before and after transformation is
crucial for comprehensive understanding of the phase trans-
formation. Fig. 10 exhibits the typical APT results of the original
TWIP steel. Detailed elemental concentrations are summarized in
Table 1. The concentrations of Mn and Si are slightly higher, while
the contents of C and Al are lower than the nominal compositions.
All elements are uniformly distributed without apparent segrega-
tion, validating a single-phase with randomly distributed solutes in
the original steel. In contrast, as revealed in the APT maps in Fig. 11,
inhomogeneous elemental distribution existed after HPT for 12
revolutions. The segregation of the Mn and C atoms is more severe
than that of Si and Al. This further substantiates the diffusional
nature of the phase transformation.

Referring to the EDS results, the C and Mn-enriched regions
identified by iso-concentration surfaces is My3Cg carbide, while the
Mn-depleted zone is recognized as ferrite, as shown in Fig. 12 (a)
and (b). One-dimensional compositional profiles across ferrite,
carbide and austenite, as illustrated in Fig. 12 (c—e), are used to
quantify the elemental distribution in these phases. The apparent
compositional variation in ferrite, carbide and austenite is clearly
discernable. The compositions of the three phases are listed in
Table 1. As revealed in Fig. 12 (d) and (e), Mn partitioned more
strongly into the austenitic phase, but Fe partitioned more strongly
into the ferrite while Si and Al showed no clear partitioning be-
tween the two phases. The C concentration in ferrite is ~0.56 at.%,
which is higher than that in conventional a-Fe (<0.1 at.%) [14]. In
fact, the C content in austenite is also decreased to ~1.0 at.%, lower
than that in the original TWIP steel, while Fe and Mn contents in
austenite slightly increased and decreased, respectively, after HPT
processing. In the M33Cg carbide, the enrichment of Mn and C and
the leanness of Fe and Si are remarkable. The minimum of Si at the
center of the My3Cg carbide is attributed to the diminishing equi-
librium solubility of Si in carbides [49]. However, the C content of
~11.5 at.% is lower than the typical stoichiometric value of 20.6 at.%
in M33Cg carbide. Both Mn and C are well-known austenite stabi-
lizers and Mn is also a carbide-forming element [23,49]. In asso-
ciation with the prominent segregation of Mn and C atoms, the
phase transformation should be intimately correlated to the diffu-
sion of these two elements, resulting in the decomposition of
austenite to ferrites and carbides.

4. Discussion

After HPT processing, the original coarse grains of the TWIP

= ]
@ (b)
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steel were substantially refined, leading to the formation of ho-
mogeneously distributed equaxied nanograins, while the phase
transformation at later stages of deformation endues the nano-
structure with multiple phases in lieu of the initially single
austenitic phase. Different from early studies about the
deformation-induced martensitic transformation in TWIP steels
[25,28,37], herein, phase transformation involves significant
elemental redistribution via diffusion, which was promoted by the
nanostructures and HPT processing. In this section, the micro-
structural evolution and phase transformation of the TWIP steel
will be discussed in detail.

4.1. HPT-induced microstructural evolution

As mentioned above, SPD-induced microstructural evolution is
highly dependent on the dominant deformation mechanism, which
is controlled by the SFE [3,45]. Deformation twinning is the favor-
able deformation mechanism for TWIP steels with SFE in the range
of 18—45 m] m~2 [23]. The SFE of steels can be finely manipulated
through appropriate adjustment of the types and concentrations of
alloying elements [18,24—26]. However, processing temperature is
another factor that affects significantly the deformation behavior of
materials [23,30]. While low temperature favors deformation
twinning, high temperature promotes dislocation slip [23,30]. It has
been shown that the plastic deformation was mainly accommo-
dated by the dislocations rather than twinning during warm rolling
at 573 Kin the same TWIP [41]. Therefore, different from the early
studies on the twinning structure evolution of TWIP steels during
SPD [35—37], dislocation activities dominate the formation of HPT-
induced nanostructures in the present study due to the high pro-
cessing temperature [23,30].

The microstructure evolution during HPT can be roughly divided
into four steps, which are outlined schematically in Fig. 13. During
early stages of deformation (step 1), the original grain morphology
is still detectable and grain interior accommodates the major shear
strain since the GB regions are relatively “strong”. Profuse LAGBs
with high-density dislocations accumulate drastically within the
grains and near the GBs, causing gradual variation of crystal
orientation within the original individual grains, as detected in
Fig. 3(a). It has to be mentioned that the characterized regions in
Fig. 3 (a) were subjected to the von Mises strain e of about 40
(e = 2xNr/+/3h, where r and h are the radius and thickness of the
disk, respectively, and N is the number of revolutions), while areas
with strain smaller than 40 present not much difference in
morphology but do show lower dislocation densities and lower

] —=
(d)
g e

Fig. 10. 3D atom map of alloying elements of the original TWIP steel: (a) Si, (b) Mn, (c) C, (d) Al, exhibiting the homogeneous distribution of these elements (Box dimension:

58 nm x 58 nm x 110 nm).
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Table 1
APT results of the chemical compositions of the original TWIP steel and the austenite, ferrite and M,3Cg carbide obtained after 12-revolutions HPT.

Materials Phases

Fe (at%) Mn (at%) C (at%) Si (at%) Al (at%)
Original TWIP steel Austenite 77.65 18.26 295 0.98 0.16
TWIP steel after 12-revolutions HPT Austenite 80.51 17.53 1.03 0.85 0.08
Ferrite 95.21 3.18 0.56 0.95 0.10
M23C6 Carbide 48.56 39.66 11.53 0.18 0.07

Fig. 11. 3D atom map of alloying elements of the TWIP steel after 12-revolutions HPT: (a) Si, (b) Mn, (c) C, (d) Al revealing the segregations of these elements (Box dimension:

105 nm x 105 nm x 100 nm).
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Fig. 12. (a) and (b) 3D maps of C and Mn with isosurfaces of a C-rich region and Mn-lean region, defined at 8 at% C and 10 at% Mn, respectively for the TWIP steel after 12-
revolutions HPT; (c) 3D maps of C and Mn with isosurfaces defined at 8 at% C and 10 at% Mn and 1D concentration files are drawn along the bar; (d) the corresponding 1D
concentration profiles of Fe, Mn and C, which helps distinguish the austenite, ferrite and M,3Cs carbide; (e) the corresponding 1D concentration profiles of Al an Si.

volume fractions of LAGBs. Generally, such high strain readily in-
duces the severe deformation of the GBs [7,43,46]. In the present
study, large amounts of alloying elements in the TWIP steel,
especially the C—Mn dipoles, could decrease GB energy and moving
velocity, and drag or suppress the GB motion [22,50]. With further
deformation, various defects are increasingly stored within grains,
making the grain interior and GB comparably “strong”. Accordingly,
GBs begin to play crucial roles in carrying the plastic strain during
step 2 of the deformation, while the grains are prominently elon-
gated and the grain thickness is apparently reduced. However, the
thickness of elongated grains cannot be continuously decreased [7].

During the deformation in step 3, some microscale shear bands
formed in several regions due to the large strain or stress locali-
zation. These bands penetrate GBs and cut the elongated grains,
leading to formation of roughly equaxied nanograins within the
bands. Besides, LAGBs evolve gradually into HAGBs via generation,
deposition and recombination of more dislocations [6], which
causes the notable reduction of grain length and the remarkable
decrease in the volume fraction of LAGBs. During step 4, these
processes are progressively proceeded, while HAGBs are signifi-
cantly sharpened so that they are clearly recognizable through
boundary migration and dynamic recovery favored by the high
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Fig. 13. A schematic diagram of the HPT-induced microstructure evolution of the TWIP steel.

processing temperature. Finally, the equiaxed nanoscale grains
with uniform distribution become the representative trait of mi-
crostructures in TWIP steel.

It is referred above that alloying elements redistributed exten-
sively during HPT that led to diffusional phase transformation,
which also affected remarkably the nanostructural evolution.
Compared to those imposed on various materials to achieve uni-
formly distributed nanograins [7,42,45], ultra-high von Mises strain
of ~500 is herein required. The dramatic segregation of elements in
or near dislocations and GBs essentially slows down the dislocation
recovery and subgrain boundary migration, which are crucial for
the formation of nanograins [7,46,51]. In contrast, the occurrence of
the phase transformation actually benefits the grain refinement.
Firstly, the nanoscale ferritic grains and carbides directly formed via
the decomposition of the austenite phase. Secondly, owing to the
variations of the microstructures and properties among these
phases, large strain or stress incompatibility exists near their inter-
phase boundaries, leading to additional accumulation of disloca-
tions to accelerate the formation of nanostructures [3—5,35]. As
shown in Fig. 4 (b) and (c), equiaxed austenitic nanograins are
readily detected in the regions near ferrite and carbides, while
austenitic grains elsewhere were still elongated. Therefore, the
mutual interaction of the grain refinement and phase trans-
formation during SPD promotes a homogeneous nanostructure
with multiple phases.

4.2. HPT-induced phase transformation

Although the metastable austenite in the TWIP steel can
transform into martensite through a stress-induced transformation
process [17,18,25,28,37], diffusional phase transformation is herein
preferred, on account of the significant diffusion of alloying ele-
ments as shown in Figs. 11 and 12. In principle, the diffusional
transformation is primarily activated by the thermally activated
atomic diffusion at sufficiently high temperatures [52]. A recent
investigation uncovered that isothermal aging at 773—873 K for
tens of hours led to a partial phase transformation from austenite to
pearlite in a TWIP steel with 14% Mn content and that Mn parti-
tioning is the key for the transformation [53]. Our HPT processing
temperature was only 573 K and the duration of HPT samples
staying at the temperature was less than an hour, which is not
enough to stimulate the diffusional phase transformation without

deformation due to the sluggish bulk diffusivity of Mn atoms [52].
Therefore, it is expected that a high density of defects, including
vacancies, dislocations and GBs introduced by HPT processing,
played an essential role in promoting the elemental diffusion and
triggering the decomposition of austenite into ferrite and carbides.

Figs. 11 and 12 indicate the inhomogeneous distribution of Mn
and C atoms after HPT, substantiating the diffusional trans-
formation nature. As an interstitial solute in iron lattice, C can easily
diffuse for a long distance even at room temperature [14,50]. In
contrast, Mn is a substitutional solute with very low bulk diffusivity.
For example, the diffusion distance of Mn is only ~0.5 nm in ferrite
at 673 K for 30 min [50] and ~5 nm in austenite at 823 K °C for 10 h
[53]. Accordingly, the diffusion of Mn at 573 K for ~35—42 min
should usually be negligible. However, the introduction of a high
density of defects, including vacancies, dislocations and LAGBs, by
HPT provides rapid diffusion channels for solute atoms, which in-
creases their diffusion coefficients [14,49,50,52]. Besides, disloca-
tions and GBs provide preferred nucleation sites for the formation
of new phases, leading to their apparent segregation [54,55]. Sig-
nificant segregation at defects changes the local chemical equilib-
rium and then the difference in the Gibbs free energies of parent
and new phases, offering the chemical driving force for the phase
transformation [52]. Meanwhile, the large external stress and strain
localization facilitate the nucleation of ferrites and carbides [14,55].
As shown in Fig. 14 (a), the decomposition of austenite occurred in a
highly localized shear band, evidenced by the formation of the
M,3Cg carbide in Fig. 14 (b) and (c). This explains why most of the
newly formed ferrite and carbides present the “band-like” distri-
bution at the early stages of phase transformation, as revealed in
Fig. 4 (c). It is well known that Mn is a carbide-forming element and
its solubility in carbides is much higher than that in ferrite [50,54].
After the nucleation of new phases, the significantly different sol-
ubility yields a thermodynamic driving force that promotes diffu-
sion of Mn along the subgrain boundaries or triple junction into
carbide nuclei [50]. With further deformation, the segregation and
partitioning of Mn and C atoms are more remarkable, while the
formation of nanograins also benefits the diffusion process due to
the reduced length scale, both of which increase the kinetics of the
transformation and the growth of ferrite and carbides. Therefore,
the grain sizes of ferrites and carbides increased during HPT in lieu
of the grain refinement.

In the recent investigation, no new phases formed during warm
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Fig. 14. (a) The phase transformation occurred with a shear band when the TWIP steel is processed by 10-revolutions HPT, evidenced by the formation of M,3Cg carbide marked in a
square. The edge of the shear band, where GBs aligned, is indicated by arrows; (b) enlarged TEM images of the square in (a); (¢) HRTEM image and FFT of the M,3Cg carbide, showing

the formation of twins.

rolling at 573 K in the same TWIP steel although high density of
dislocation was introduced [41]. Hence, the hydrostatic pressure,
large shear stress and the formation of nanostructures provided by
HPT crucially promote the phase transformation as well. It has been
proposed that the application of high external pressure could
remarkably influence the phase equilibrium by reducing the gap of
the Gibbs free energies between parent and new phases, while
HPT-induced nanostructures significantly increase the overall free
energy of the matrix [14,37,51], both of which may make the phase
transformation thermodynamically easier. Moreover, the high
shear stress is generally prone to stimulate the transformation by
providing additional energy for the nucleation and propagation of
new phases [14,37]. These factors may not only prefer the emer-
gence of the phase transformation, but also affect the trans-
formation processes.

It was revealed that the metastable austenite of a TWIP steel
could be partially transformed into the typical pearlite during the
long-term isothermal aging [53]. However, the austenite finally

decomposed into ferrite and M,3Cg carbide rather than cementite
in present study, although there was some cementite at early stages
of the phase transformation. To further identify the nature of the
carbide, its atomic structure was analyzed. Fig. 15 (a) shows a
typical <110> high-resolution TEM image of the carbide, and the
inset low magnification image exhibits the morphology of the
whole carbide particle. Through the FFT [Fig. 15 (b)] and Inverse FFT
(IFFT) [Fig. 15 (c)], the atomic scale structure of the carbide outlined
in Fig. 15 (d) is consistent with the theoretically calculated lattice
structure of Mny3Cg carbide [56], which substantially validates the
identification of the carbide. Due to the similar sizes of Fe and Mn
atoms, it is difficult to distinguish them in the My3Cg carbide. The
APT study revealed that the C content of the carbide is lower than
the stoichiometric value of the M33Cg. This may be attributed to the
partitioning of C from carbide into ferrites during deformation [54],
while the C atoms could be readily attracted by the vacancies and
dislocations in ferrite resulting in the higher C concentration in
severely deformed ferrite than in conventional ferrite [14,54].
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()

linelresolution)point

Fig. 15. (a) The low magnification and HRTEM images of the M,3Cg carbide; (b) the FFT of (a); (c) the enlarged IFFT image of the rectangle area in (a); (d) the enlarged image the
rectangle area in (c) and the theoretical atomic structure of Mn,3Cs with Mn atoms in cyan and C atoms in red, which further confirm the identification of M,3Cs carbide. (For
interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

Concerning that the detailed transformation processes were rather
complicated, the reason of low C content in the carbide need
further exploration in future.

M>3Cg carbides are common in Mo and W-containing steels, low
alloy steels, and stainless steels [57—59], while Mn-enriched M»3Cg
carbides are also detected in high-Mn steels, which involves the
extensive diffusion of Mn atoms [60,61]. At the early stages of the
phase transformation in present study, since C diffuses much faster
than Mn, it is expected that cementite formed in regions where Mn
segregation is relatively inconspicuous and Mj3Cg carbides also
nucleated in areas where Mn atoms are substantially segregated.
However, cementite disappeared with further deformation and
transformation, which may be attributed to the transformation of
cementite to M»3Cg carbide [57,62]. Both experimental and theo-
retical studies revealed that the cementite could be evolved into
M;3Cg through the reaction of M3C + v = My3Cs + « [56,62].
Cementite could also be dissolved through C—dislocation in-
teractions during HPT since cementite is unstable when subjected
to severe shear deformation [13,14,54]. Accordingly, more M23Cg
carbides precipitated owing to the increasingly remarkable segre-
gation of Mn atoms, also accelerated by the plastic deformation
[58]. The formation of M33Cg significantly denudes the Mn in the
matrix and destabilizes the austenite, leading to simultaneous
transformation of austenite to ferrite. Therefore, the diffusion and

segregation of Mn atoms dominantly affect the phase trans-
formation of the TWIP steel during HPT. Similar to the effect of SPD
on the precipitation process in Al alloys [63], HPT processing not
only stimulates the diffusional phase transformation of the TWIP
steel, but also influences the transformation kinetics. In addition,
such diffusional phase transformation may be employed to hier-
archically manipulate the microstructures through adjusting the
processing conditions to design advanced steels with superior
mechanical properties.

5. Conclusions

The microstructural evolution and phase transformation of a
TWIP steel processed by HPT at 573 K have been systematically
studied by recourse to various advanced characterization tech-
niques including XRD, EBSD, TKD, TEM and APT. The results are
summarized as follows.

(1) Because the high processing temperature of 573 K does not
favor deformation twinning, the grain refinement process of
the TWIP steel was dominated by complex dislocation and
GB activities.

(2) The HPT-induced microstructural evolution and grain
refinement of the TWIP steel during HPT can be divided into
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four stages: the accumulation of high-density defects within
the grains, shear deformation of the GBs, fragmentation of
elongated grains, and eventual formation of uniform
equaxied nanograins.

(3) Diffusional phase transformation, which leads to inhomo-
geneous compositional distribution, took place at the later
stages of deformation. A high density of defects, nano-
structures and the HPT processing play crucial roles in pro-
moting the elemental diffusion and transformation.

(4) During the phase transformation, austenite decomposed
finally into ferrite and Mn-riched M33Cg carbides, although
cementite formed at the early stages of the transformation.
Mn was the dominant element for the transformation
kinetics.
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