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Interfaces play a crucial role in mechanical behaviors of both laminated and gradient structured mate-
rials. In this work, copper/bronze laminates with varying interface spacing were fabricated by accu-
mulative roll bonding and subsequent annealing to systematically study the interface effect on
mechanical properties. Heterogeneities exist in chemical composition, grain size, hardness and texture
across the interfaces. Simultaneous improvement of strength and ductility with decreasing interface
spacing is found in tensile tests. Extra geometrically necessary dislocations (GNDs) are found to accu-
mulate in the vicinity of interfaces, which is due to mechanical incompatibility across the interfaces.
Importantly, an interface-affected zone spanning a few micrometers was found, which is not affected by
interface spacing. These observations suggest the existence of an optimum spacing, which may produce
the highest hardening capacity and ductility without sacrificing strength.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Laminate and gradient structuredmetals have recently attracted
extensive interests in the materials community for their potential
in achieving outstanding mechanical properties [1e6]. Fang et al.
and Wu et al. reported that gradient structures with nanocrystal-
line surface layers and coarse-grained interior produced a superior
combination of strength and ductility [1,5,7]. Wu et al. reported
that heterogeneous lamella-structured pure Ti possessed both the
high strength of ultrafine grains and the decent ductility of the
coarse grains [8]. Both laminate and gradient structures contain
interfaces, across which there are differences in chemical compo-
sitions and/or microstructures, such as grain sizes and crystallo-
graphic orientations (texture) [9e11]. Interfaces were believed to
significantly contribute to the observed high strain hardening and
ductility in both laminate and gradient materials [3,12e15].
Kümmel et al. [16] attributed this to an additional grain refinement
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caused by an increasing number of interface, which, however, is not
an intrinsic effect from interfaces. Some researchers proposed that
gradient distribution of stress near the interface enhances working
hardening in multi-layered and gradient structured metals
[3,17e19]. Wu and Zhu found that strain gradient and the associ-
ated back-stress strengthening near the interfaces played a critical
role in the high strength and high strain hardening rate [5,8,20,21].

Early literatures have linked microstructural heterogeneity with
strain gradient evolution and subsequent generation of geometri-
cally necessary dislocations (GNDs) during plastic deformation
[22e25]. Applying this general theory to laminates, Ashby et al.
developed a reciprocal relationship between the average GND
density and interface spacing in an idealized laminate structure
with a single crystal matrix and equally spaced rigid plate-like
particles [22]. However, this theory was based on simple assump-
tions, which does not represent real complexmaterials very well. In
fact, laminate components are mostly engineered from poly-
crystalline matrix and none of them are absolutely rigid [26,27].
Additionally, the details of GND density configuration and their
dependence on interface spacing are not well described in the
conventional theory and have been rarely investigated experi-
mentally. These issues are critical to understanding the funda-
mental mechanisms and imperative to practical material design.
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For example, to what extent and distance does an interface exerts
influence during deformation? Does the width of the interface-
affected zone depend on the interface spacing/layer thickness?
Very few systematic studies have been reported to explore these
issues.

It has been a grand challenge to investigate the aforementioned
issues through direct experimental observations. First, in gradient
structures, the microstructural interfaces also act as elastic/plastic
and necking/stable interfaces during tensile testing. Thus, rather
than being stationary, those interfaces migrate dynamically across
the samples during deformation due to the strength/ductility
gradient, which makes it difficult to identify or track them exper-
imentally [1,5,7]. Second, even for laminate structures with sta-
tionary interfaces, it is not trivial to fabricate samples with varying
interface spacing and also with similar microstructure across the
interface in terms of the grain size and texture. For example, the
majority of laminate metallic structures fabricated by accumulative
roll bonding (ARB) always have finer microstructures with
increasing rolling cycles [28,29]. Furthermore, even atomic struc-
ture of interface might change with decreasing interface spacing
[4,30]. To effectively probe the effect of interfaces on mechanical
performance, identical or very similar interfaces and interfacial
structures with varying interface spacing are needed. Third, it is
technically difficult to determine the deformation characteristics,
such as dislocation density and their evolutions, near the interface
using conventional approaches such as transmission electron mi-
croscopy (TEM) because of the inhomogeneous nature of disloca-
tion slips [31].

In the present study, copper and bronze (Cu-10 wt%Zn) lami-
nates with varying interfacial spacing were fabricated using ARB
processing and post-annealing. These samples have maintained
almost the same level of microstructural difference across their
interfaces. Using ex-situ electron back-scattering diffraction (EBSD)
technique, the deformation history of interface regions under ten-
sion were successfully recorded, which revealed how and to what
extent do these interfaces affect GND activities [32e34]. Unloading-
reloading tension tests were performed to further confirm the role
of the interfaces in back stress evolution.
2. Experimental methods

Commercial pure copper (ASM-C11000) and bronze (ASM-
C22000) were selected for this work. The chemical compositions
and general mechanical properties of these rawmaterials are listed
in Table 1 [35,36]. The advantage of these two materials is their
similar elastic constants so that we don’t have to consider the effect
of elastic mismatch. 1 mm-thick raw copper and bronze sheets
were ARB-processed with 2, 3 and 5 cycles to achieve 4, 8 and 32
layers, respectively. Prior to each ARB cycle, the sample surfaces
were cleaned by acetone and thenwire brushed in order to remove
oxide layer and to ensure a well-defined surface roughness and
Table 1
Chemical compositions and general material properties of raw materials [35,36].

Chemical compositions (wt.%)

Cu Pb Fe O Zn Others

Copper �99.90 e e 0.04 e �0.06
Bronze 89.0e91.0 �0.05 �0.05 e 10.0 e

Material parameters

a (Å) gSF (mJ/m2) Е (GPa) y G (GPa)

Copper 3.61 45 115 0.324 44
Bronze 3.64 35 115 0.307 44
sufficient bonding strength. Subsequently, the two treated surfaces
were stacked with an alternate sequence of copper and bronze, and
roll-bonded at room temperature using a four high rolling mill (BW
200, CarlWezel, Mühlacker, Germany) at a nominal thickness
reduction of 50% per cycle. The bonded sheets were air cooled and
halved before performing the next cycle. The edge regions where
sheets tend to tear from each other were cut away and the central
part with good initial bonding strength was used for following
processing. Details of ARB processing can be found in early works
[26,37]. The as-ARB processed samples were annealed together at
250 �C for 2 h in a vacuum tube furnace under argon atmosphere
and thereafter labeled as N2, N3 and N5, respectively.

Samples for Ion Channeling Contrast Microscopy (ICCM), micro-
hardness testing and EBSD observation were first cut from the
annealed samples and then mechanically polished to achieve a
mirror-like surface. Electrochemical polishing was then performed
for <30 s to remove the strained top-surface layer that may affect
following tests. The electrolyte consisted of a phosphoric acid
(concentration of 85%), ethanol and deionized water with a volume
ratio of 1:1:2. ICCM and EBSD were conducted under an FEI Quanta
3D FEG dual-beam instrument. Texture analysis was based on EBSD
maps with a view area of 30 � 100 mm2 to capture the global
characteristic. For local misorientation mapping, each EBSD scan
was performed under 30 kV and 16 nA electron beam and with a
bin size of 2� 2 to achieve a decent angular resolution [38,39]. Scan
step sizewas set at 100 nm to ensure appropriate spatial resolution.

TEM foils were prepared by mechanically polishing specimen to
a thickness of ~30 mm, followed by ion milling to perforation. The
milling process was performed at �50 �C to avoid potential grain
growth. TEM observation was performed in a JEM-2010F micro-
scope operating at 200 kV at room temperature. Dog-bone shaped
tensile samples with a gauge dimension of 10 � 2 � 1 mm3 were
machined from the annealed sheets and tested under uniaxial
tension on a Shimadzu AGS machine. Both normal and unloading-
reloading tension tests were carried out at room temperature at a
strain rate of 9 � 10�4 s�1 and each test was repeated for at least 3
samples to ensure data reproducibility. Ex-situ EBSD mapping in
the interfacial regionwas carried out on the same specimen at three
strain levels: 0%, 3% and uniform elongation strain. The interfacial
region of interest was carefully marked by a milling feature.
3. Results

3.1. Microstructures

Fig. 1aec are the optical microscopy images of all sample, which
show clearly well-defined laminate structure with uniform layer
thickness and varying interface spacing. The red color indicates the
copper layers. The layer thickness for N2, N3 and N5 samples are
250, 125 and 31 mm, respectively. ICCM micrographs (Fig. 1def)
reveal similar microstructures in all samples subjected to different
ARB cycles. Coarse copper grains with considerable annealing twins
are observed in all N2, N3 and N5 samples. The annealing twins
were formed by recrystallization during annealing, which is further
confirmed by texture analysis later. In contrast, the bronze layer
maintained largely the rolling structure in all samples due to its
higher thermal stability. Fig. 1 shows slightly larger grain size in the
bronze layer of the N2 sample than in the N3 and N5 samples. This
is probably resulted from the relatively low rolling strain in the N2
sample. However, as shown later, the differences in their hardness
and texture are not significant. Small quantities of nanocrystalline
bronze grains were locally dispersed in the vicinity of the in-
terfaces, which is observed in all samples under ICCM.



Fig. 1. Optical microscopy of (a) N2, (b) N3, (c) N5 samples, respectively. It clearly shows the inter-layer contrast and the interface spacing. Ion channeling contrast microscopy
images of microstructures at copper/bronze interfaces in (d) N2, (e) N3 and (f) N5 samples.

Fig. 2. (a) TEM micrograph of a copper/bronze interface in the ARB N5 sample shows well-bonded interface and big grain size difference across it. (b) Retained rolling micro-
structure in the bronze layer. The arrow indicates the rolling direction. (c) Grain size distribution in the copper layers based on ICCM images. (d) Transverse grain size distribution in
bronze layers based on TEM micrographs.
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3.2. Heterogeneity across interfaces

A representative copper/bronze interface in the N5 sample is
shown in Fig. 2a, which reveals a transition from coarse-grained
copper to nanostructured bronze across the interface. Clearly, the
recrystallized coarse-grained Cu grains are much larger and exhibit
less dislocation contrast than the bronze layer. The latter still
exhibit a deformed microstructure. Fig. 2b shows more micro-
structural details in the bronze layer, which reveals elongated
grains along the rolling direction as well as dislocation cells and
areas with high dislocation density. The statistical distributions of
(transverse) grain sizes in the copper and bronze layers are shown
in Fig. 2c and d, respectively. As shown, the bronze layer has an
average feature size of ~100 nm, while the copper layer has an
average grain size of ~5 mm. Such grain size and composition dif-
ference are expected to produce a significant mechanical in-
compatibility across the interface.

The microstructural and compositional difference across the
interface led to sharp difference in hardness. As shown in Fig. 3a,
the nanostructured bronze layer has a hardness of ~1500 MPa,
which is more than twice that in microcrystalline copper layer
(~700 MPa). It is noted that the micro-hardness of both copper and
bronze layers are very close in all samples, given the measurement
errors, despite varying interface spacing. Crystallographic orienta-
tion (texture) was also found to differ remarkably across the in-
terfaces. As shown in Fig. 3b, copper exhibits a strong cube texture
component {001}〈100〉, which is resulted from both recrystalliza-
tion and grain growth [40]. In contrast, bronze shows {110}〈112〉
Fig. 3. (a) Micro-hardness (with a 15 g load) in both the copper and bronze layers in N2, N
bronze layers in N3 sample after annealing, showing a strong cube texture and a bras
characteristics.
texture with slight variation [40,41], which is consistent with pre-
vious reports of brass-type rolling texture in FCC alloys with low
stacking-fault energy [42]. Post-annealing after ARB did not change
the rolling texture of the bronze layer much, which is consistent
with the TEM observation of rolling microstructure in Fig. 2. Note
that the present pole figures are scanned from the N3 sample, but
N2 and N5 exhibit similar textures in the copper and bronze layers.

The above observations indicate that the ARB processing and
appropriate annealing produced interfaces with varying spacing
but similar microstructure, micro-hardness and texture. This allows
us to study the interface effect on the mechanical properties
without complications from other structural factors.

3.3. Uniaxial tensile tests

Fig. 4a shows the tensile stress-strain curves for N2, N3 and N5
samples. Inset is a photograph of a sample. As shown, both the
strength and uniform tensile elongation (ductility) increased with
decreasing interface spacing. Interestingly, the yield strength did
not increase as much as the ultimate strength, indicating that
decreasing the interface spacing is more effective in enhancing the
strain-hardening rate than yield strength. Fig. 4b summarizes the
variation of ultimate strength and ductility, which confirms their
reproducibility. It’s worth noting that some earlier ARB studies also
reported similar simultaneous improvements in strength and
ductility with increasing rolling cycles, but most of these studies
attributed this phenomenon to microstructure change instead of
the interface spacing [29,43,44].
3, N5 samples after annealing. (b) {100}, {110}, {111} Pole figures in both copper and
s-type texture with slight deviation, respectively. N2 and N5 have similar texture



Fig. 4. (a) Tensile curves of N2, N3 and N5 samples show simultaneous increase of strength and elongation with increasing number of layers. (b) Summary of tensile results. Error
bars represents standard deviation from at least 3 data sets.
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3.4. Ex-situ EBSD mapping and GND characterization

Fig. 5 shows EBSD inverse pole figure mappings of the copper
layers along the transverse direction, at zero strain, 3% tensile strain
and uniform elongation strain for each sample. Arrows indicate
interfaces. Generally, the indexing rate is more than 97% even for
copper grains near interfaces, making following interfacial analysis
reliable. For the N5 sample, the whole copper layer is captured
because it is thin. For each sample, the local crystal orientation in a
region near an interface was measured at the above selected tensile
strains to study the GND evolution. In this study, we used the kernel
average misorientation (KAM) method to determine the local
Fig. 5. Transverse-direction (TD) inverse pole figure mapping of the regions around interfac
3% and maximum uniform elongation.
misorientation from the EBSD orientation data [34]. First, we
defined the limit of the general grain boundary misorientation as
3�. Any misorientation greater than this value was excluded in local
misorientation calculation since it is caused by a grain boundary,
not by GND accumulation. The local misorientation of every single
point (100� 100 nm2) was then determined by the 24 surrounding
points:

q0 ¼
X24
i¼1

qi$Iðqi<aÞ

,X24
i¼1

Iðqi<aÞ (1)

where q0 represents the resulted local misorientation for the
es in (aec) N2, (def) N3 and (gei) N5 samples under different tensile strain levels: 0%,
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corresponding point and qi is the misorientation between this point
and its neighbor point i. I(qi< a) is an indicator function and a is the
predefined grain boundary misorientation threshold (3� here). To
extrapolate the GND density information, we use a simple method
from the strain gradient theory by Gao and Kubin [25,45]:

rGND ¼ 2q
ub

(2)

where rGND is the GND density at points of interest, q represents the
local misorientation, b is the Burger’s vector (0.255 nm for copper)
and u is the unit length (100 nm) of the point. The resulted GND
density maps are shown in Fig. 6 for all samples under corre-
sponding tensile strains. Clearly, the overall level of GND density is
elevated with increasing tensile strain. This is expected from the
deformation of polycrystalline materials, which is inhomogeneous
[22,31,32]. It is also noted that the GND density is not uniform
across the whole mapping region, which is not considered in the
conventional theory [22,24]. Fig. 7 shows the histogram distribu-
tion of GND density for each map. The GND distributions in the
three samples are very similar at each tensile strain. Here, we need
to mention the measurement error in the study. Previous re-
searches on EBSD technique indicated that the measurement error
might dominate when the misorientation to measure is very small
and the relative error decreases when increasing real misorienta-
tion [39,46]. Taking the extreme case by assuming that the
misorientation under zero strain is caused by measurement error,
the resulted upper limit of measurement error of GND density is
less than 1.73� 1014 m�2, which is reasonable compared to an early
report [47].

Fig. 7 also shows that the variation of GND density increases
with tensile strain. This is definitely a true deformation phenom-
enon, rather than measurement error, because the latter has an
inverse trend [46]. Since the GND density is related to the strain
Fig. 6. GND density mapping based on local misorientation results in (aec) N2, (def) N3
elongation.
gradient [22,25], these results indicate that the strain gradient is
not uniform and this becomes more severe with increasing plastic
strain. One source for the non-uniform strain gradient and GND
density is the randomly distributed polycrystalline grain bound-
aries. They serve as barriers to dislocation motion and therefore
locally generate GNDs [32,34]. The GND density is also affected by
the crystallographic orientation, which varies from grain to grain.
Another important source would be the macroscopic interfaces,
which is the central interest in this study. To extract the effect of
interfaces, the mapped regions in Fig. 5 were sliced parallel to the
interface and the average GND density in each slice was randomly
sampled [48] to minimize the interference from grain boundaries,
crystallographic orientation and other irrelevant factors. The
resulted GND densities versus their equivalent distance from in-
terfaces are shown in Fig. 8, which reveals the development of a
gradient in GND density near the interface. In other words, there is
an interface-affected zone where the GNDs were accumulated dur-
ing the tensile deformation. This zone spans only a few microme-
ters, and is observed in all three samples and becomes more
pronounced with increasing applied tensile strain. It is also noted
that the GND density in the layer interior becomes rather lower and
uniform across all samples, i.e. the interface effect declined quickly
with increasing distance from the interface.
4. Discussions

4.1. Dislocation pile-up model for the GND density close to
interfaces

The heterogeneity in grain size, strength, stacking fault energy
and texture between the copper and bronze layers makes them
mechanically incompatible during deformation. However, the two
different layers are forced to deform together, which generates
and (gei) N5 samples under different tensile strains: 0%, 3% and maximum uniform



Fig. 7. Global GND density distribution on corresponding mapping results in Fig. 6. The mean value of GND density and the standard deviation are labeled in each histogram.

Fig. 8. Averaged GND density in copper layer versus the equivalent distance from the interfaces at different strain levels of (a) N2 sample, (b) N3 sample, (c) N5 sample. Dashed
green lines represent pile-up model fitting results. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

Fig. 9. Micro-hardness in layer interior at uniformly elongated sample region after
tension. Dashed lines represent the base level before tensile tests.
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strain gradient near the interface to fit the different strains across
the interface. The strain gradient needs to be accommodated by
GND, in the form of dislocation pile-up near the interface [49e51].
GND distributions were derived based on the conventional pile-up
model [50], where the GND density rGNDðxÞ is inversely propor-
tional to k=

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xða� xÞp

. Here, x is the distance from the interface, k
and a are constants [50]. Defining the averaged GNDs arose from
the grain boundary and orientation effects as rGND0 , the fitting
function can be modified as

rGNDðxÞ ¼ kffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
xða� xÞp þ rGND0 (3)

Data sets from the uniform elongation strain level are used to fit
the model because they are least affected by measurement noise.
The fitting results (dashed green lines) of GND density are super-
imposed on the measured data in Fig. 8, which demonstrate that
the dislocation pile-up model can well describe the GND accumu-
lation at interfaces in laminate structures. The fitting results also
reveal that the rGND0 values are very close for three samples with
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different interface spacing: rGND0 ¼ 5.1, 4.8 and 4.9� 1014 m�2 in N2,
N3 and N5 samples, respectively. Fig. 8 also shows that GND density
close to interface is ~10 � 1014 m�2, indicating that interfaces
doubled GND density locally.

Consistent with fitted rGND0 in Fig. 8, Fig. 9 shows that the
microhardness values in the copper and bronze layers after tensile
testing to uniform elongation are almost the same in three samples.
This indicates that the hardening capacities of the layer interior are
approximately the same regardless of different interface density in
samples. Therefore, the improved mechanical properties in Fig. 4
are largely caused by the interface effect.
4.2. Role of interface in deformation of nanostructured bronze

The average transverse grain size in the bronze layers is about
100 nm, which makes it difficult to characterize the deformation
history by the current EBSD technique due to its resolution limit.
But the extra accumulation of GNDs is still expected to occur in the
bronze side as well. Although the hardening in the bronze layer
interior during tension is not as high as in the Cu layer (see Fig. 9),
extra hardening by GND accumulation could be generated in the
nanostructured layer close to interfaces, which has been observed
in gradient structures [5,14].

In addition, interfaces are also expected to facilitate other
deformation mechanisms in the nanostructured bronze, such as
deformation twinning [52], to promote strain hardening and
ductility. Such mechanisms could be activated in grains near the
interface for the following reasons. First, the aforementioned
dislocation pile-up will produce a shear stress field near the
interface and this stress field is expected higher than that from
ordinary pile-ups at conventional grain boundaries because the
plastic incompatibility across such interface is higher [49,50]. Sec-
ond, bi-metal interfaces could act as dislocation sources and sinks
to facilitate plastic deformation [30]. Fig. 10a shows a TEM micro-
graph of the copper/bronze interface after tensile deformation.
Fig. 10b is the corresponding high-resolution micrograph. On the
right side of the interface is a large copper grain with an annealing
twin and the left is a bronze grain with only 30 nm grain size. A
deformation twin in the bronze grain is probably nucleated at the
interface by the transmission of the Shockley partial from the
annealing Cu twin [30,53].
4.3. Effect of interface spacing on back stress hardening

Dislocation pile-up will produce back stress, which is a long-
Fig. 10. (a) A TEM micrograph of copper/bronze interface in the N5 sample after tensile test.
which shows the zone axis of copper side is 〈110〉. The symmetric diffraction spots reveal th
twin in bronze side is highlighted as well. Nucleation site for the deformation twin is mark
range stress field that prohibits further dislocation emission from
the dislocation source [50,54]. In other words, higher plastic flow
stress is needed to overcome this field to sustain further defor-
mation. This mechanism is highlighted in a recent work on Ti
lamella microstructures [8]. The macroscopic interfaces here are
expected to have similar effect. We calculated the back stress from
unloading-reloading test curves at different tensile strains (see
Fig. 11a) using an equation recently proposed by Yang et al. [21]. As
shown in Fig. 11b, the resulted back stress is higher in samples with
smaller interface spacing (higher interface density). This can be
rationalized with the help of Fig. 8, which reveals that each inter-
face produces an interface-affected zone by considerable GND pile-
ups. Consequently, higher interface density amounts to more GND
pile-ups in a certain sample volume, leading to a higher observed
back stress at the present spacing scale.

However, further enhancement of back stress hardening and
ductility may be limited when the interface spacing is smaller than
a critical value since the transition of deformationmechanismsmay
occur [55]. This hypothesis is supported by reports that nano-
laminates usually exhibit very high strength but disappointing
tensile ductility [56e58]. In other words, there should be an opti-
mum interface spacing that generates the extra GND pile-ups
across the whole layer and yields the highest back stress hard-
ening and ductility while maintaining high strength. We propose
that this optimum spacing is comparable to the observed width of
interface-affected zone, i.e. a few micrometers, which is consistent
with recent report of aluminum alloy laminate composites [16] but
still needs further investigations.

It should be also noted that further reducing interface spacing
via ARB method will probably give rise to the preferred crystallo-
graphic orientations (textures) at bi-metal interfaces [2,4,59]. Such
local and stable texture affects deformation and mechanical prop-
erties in its own way. When each layer is much thicker than the
grain size dimension, its influence is trivial and the general inter-
face effect governs the case [60], like in this work. The effect of
interfacial texture is expected to interact with the general interface
effect, which needs to be further studied.
5. Conclusion

In summary, we have systematically studied the effect of the
copper/bronze interface on the deformation behavior and me-
chanical properties of laminate structures. The main conclusions
are:
(b) The high-resolution image of the marked square in (a). Inset is a diffraction pattern,
e annealing twin in the copper grain, which is also marked in the image. A deformation
ed by an arrow.



Fig. 11. (a) Unloading-reloading tensile curves of N2, N3, N5 samples. (b) The calculated back stress at corresponding strain levels.
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(1) The copper/bronze laminates were produced by means of
ARB and post-annealing with varying interface spacing but
similar heterogeneity across the interfaces including chem-
ical composition, grain size, micro-hardness and texture.

(2) Both ultimate strength and ductility in uniaxial tension are
improved with decreasing interface spacing, which can be
primarily attributed to the effect of interfaces since other
variables are kept almost the same.

(3) An interface-affected zone during deformation was experi-
mentally observed. It spans a few micrometers regardless of
varying interface spacing. Within this zone, non-uniform
strain gradient and GND accumulation were generated via
dislocation pile-up. In contrast, hardening capacity in the
layer interior is about the same across samples.

(4) Interfaces affect adjacent layers during deformation and
promotes back stress hardening by producing more GND
pile-ups. It’s our hypothesis that there exists an optimum
interface spacing, comparable to the width of interface-
affected zone, for the highest ductility without sacrifice of
strength.
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