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Nanostructured metallic materials having nanocrystalline and ultrafine-grained structures
show exceptional mechanical properties, e.g. superior strength, that are very attractive for
various applications. However, superstrong metallic nanomaterials typically have low duc-
tility at ambient temperatures, which significantly limits their applications. Nevertheless,
several examples of nanostructured metals and alloys with concurrent high strength and
good ductility have been reported. Such strong and ductile materials are ideal for a broad
range of structural applications in transportation, medicine, energy, etc. Strong and ductile
metallic nanomaterials are also important for functional applications where these proper-
ties are critical for the lifetime of nanomaterial-based devices. This article presents an over-
view of experimental data and theoretical concepts addressing the unique combination of
superior strength and enhanced ductility of metallic nanomaterials. We consider the basic
approaches and methods for simultaneously optimizing their strength and ductility,
employing principal deformation mechanisms, crystallographic texture, chemical compo-
sition as well as second-phase nano-precipitates, carbon nanotubes and graphene.
Examples of achieving such superior properties in industrial materials are reviewed and
discussed.
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1. Introduction

Nanostructured metallic materials with nanocrystalline (NC) and ultrafine-grained (UFG) structures demonstrate unique
mechanical, chemical and physical properties that are of utmost interest for a wide range of applications; see, e.g., reviews
[1–18] and books [19–23]. These properties occur in nanostructured metallic materials (hereinafter called metallic nanoma-
terials) owing to their specific structural features such as nanoscale and ultrafine grains as well as exceptionally large
amounts of grain boundaries (GBs). In particular, metallic nanomaterials typically show superior strength, superior hardness
and enhanced wear resistance due to the nanoscale and interface effects [1–14,20–23]. Superstrong metallic nanomaterials
are very promising for structural and functional applications. First of all, high strength is always desired for structural mate-
rials for transportation vehicles and other engineering applications where light weight improves their energy efficiency.
Besides, superstrong metallic nanomaterials with outstanding physical and chemical properties have the potential to signif-
icantly enhance the lifetime and performance of nanomaterial-based devices in diverse functional applications.

In addition to high strength, good ductility and toughness are also required for engineering materials to prevent catas-
trophic failure during service. However, most metallic nanomaterials possess superior strength but low ductility, which
severely limits their practical utility. Thus, despite of their high strength, low ductility poses a bottleneck that limits the
application of metallic nanomaterials in many advanced technologies.

In general, the trade-off between strength and ductility is a traditional problem in materials science and engineering.
These two properties are generally mutually exclusive. For centuries, engineers have been forced to choose either strong
or ductile material, not both as desired.

Nevertheless, several research groups reported on metallic nanomaterials with good ductility and high-strength at ambi-
ent temperatures and superplasticity at high temperatures; see, e.g., reviews [24–29]. The unique combination of high
strength and good ductility exhibited by nanostructured metals make them ‘‘dream engineering materials” for structural
and functional applications in transportation, medicine, energy, etc. To develop the field of nanostructured metals, it is crit-
ically important to reveal the underlying mechanisms that can produce high ductility and to analyze the approaches to
obtain excellent ductility.

This article presents an overview of experimental and theoretical studies addressing the outstanding combination of
superior strength and ductility of metallic nanomaterials. Special attention is paid to the basic strategies for simultaneously
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optimizing their strength and ductility, employing fundamental deformation mechanisms, structural architecture on single
or multiple length scales, texture, chemical composition as well as second-phase precipitates, carbon nanotubes and gra-
phene. We will focus on general effective strategies that can be widely used in material nanotechnologies. In addition, we
will present the examples of achieving superior properties in industrial materials using the discussed strategies.

It should be noted that several short reviews [24–29] on similar topics have been published previously. However, all these
reviews report only on certain experimental data and focus on partial problems in the areas under discussion. This paper
presents a comprehensive review addressing all key problems related to optimizing strength and ductility of metallic nano-
materials. Both experimental data and theoretical concepts will be thoroughly overviewed.

In this paper, we consider deformation behaviors exhibited by metallic nanomaterials with NC and UFG structures.
Here, NC materials are defined as metals and alloys consisting of grains with sizes d below 100 nm. UFG metallic materials
are conventionally defined as metals and alloys that consist of submicron grains - crystallites with size d ranging from
100 nm to 1 lm. UFG metals and alloys usually contain nanoscale structural elements with sizes below 100 nm, such as
dislocation cells, subgrains, nanoscale twins, nanoparticles and nanoscale compositional non-homogeneities, see, e.g.,
[21,23,30]. Therefore, both NC and UFG metals and alloys are typically called referred to as nanostructured (NS) metallic
materials or, in short, metallic nanomaterials. With nanoscale and ultrafine grains inherent in the structure of metallic
nanomaterials, they demonstrate unique mechanical properties that are very different from those of coarse-grained
polycrystalline metals.

It should be noted that ductility is measured by tensile test only, and can be considered as tensile plasticity. In the liter-
ature and practice, ductility has been defined in two ways: uniform elongation or elongation to failure. Uniform elongation is
defined as the strain at the maximal loading, or at the highest stress in the engineering stress-strain curve, after which neck-
ing occurs. This value denotes the deformation stage related to the onset of plastic flow localization. Elongation to failure
stands for total elongation during tensile tests. It includes both the uniform elongation and the necking segment. For con-
ventional materials tested using large standard specimens, the uniform and total elongations are quite close, but they can
be significantly different for small specimens, which is often the case for nanomaterials. It is found that the uniform elon-
gation is not affected much by the sample geometry and size [28,31,32], and therefore is more suitable for use as a measure
of ductility for nanostructured materials where small samples with various geometries are often used. Therefore, the data on
both uniform and total elongation measurements are presented herein with the corresponding comments.

In conclusion of the introductory section we also consider the processing of NS materials. It is known that the approaches
to process bulk NS materials have been classified into two categories: «top - down» and «bottom - up» [21,23]. The ‘‘bottom-
up” approach produces NS materials by building up from individual atoms or nanoparticles. The ‘‘top-down” approach pro-
duces ultrafine grains through grain refinement with the application of severe plastic deformation (SPD). In this article spe-
cial attention is paid to NS materials produced by SPD techniques.
2. Plastic deformation and fracture processes in metals: grain size effects

In search for strategies to enhance the ductility of metallic nanomaterials without dramatic loss of their strength, it is
critical to understand how plastic deformation and fracture processes are related to their structure. The basic (generic) struc-
tural features of metallic nanomaterials are the presence of nanoscale/ultrafine grains and extremely high density of GBs. In
the first approximation, these features can be quantified by the mean grain size d. In addition to the basic structural features,
there are special structural features that can vary in different nanomaterials with the same mean grain size and are sensitive
to both materials characteristics and synthesis/processing history. Examples of the special features include grain shapes,
grain size distribution, dominant types and structures of GBs, single-phase/composite structure, second-phase geometry,
fabrication-induced flaws, nano-twins, and compositional inhomogeneity.

Before discussing the deformation mechanisms of metallic nanomaterials and their relationships with structural features
and properties, we present in this section the general observations of plastic deformation and fracture processes in metallic
materials as a function of grain size. In particular, metallic materials are classified into coarse-grained (CG), UFG and NC cat-
egories according to their grain sizes (Section 1). In this section, we will discuss the general structural features of CG, UFG
and NC metallic materials as well as effect of grain size on mechanical properties. The specific structural features and their
effects on strength and ductility of nanometals will be considered in following sections.

Let us begin by briefly describing some definitions and approaches underlying the basis of this review. First, it is well
known that in addition to grains, grain boundaries (GBs) and triple junctions of GBs represent essential structural elements
for metallic materials. Each grain has a specific crystal orientation and neighboring grains share a GB area with a thickness of
�0.5 nm, which can be considered as a layer accommodating orientation mismatch between them (Fig. 1) [33,34]. GBs in
nanomaterials have atomic structures and properties that can be different from those of CG materials; see, e.g., [2,4,20–
23,33,35]. In particular, the structure of GBs in nanomaterials fabricated by severe plastic deformation and other nonequi-
librium methods is strained with high densities of disorderedly arranged GB dislocations [20,23]. These extrinsic defects
change the structure of GBs and can considerably increase the rate of GB diffusion; see, e.g., [36,37].

GBs triple junctions have a tube-like geometry with diameters of 1–2 nm. Structures and properties of triple junctions
differ from those of GBs [38–43]. Grain interiors, GBs and their triple junctions play different roles in plastic deformation
and fracture processes, and this difference provides basis for the grain size effects on their mechanical properties.



Fig. 1. (a) TEM image and (b) HRTEM image of a high angle grain boundary close to R19 ATGB in 2cARB-Cu, (c) the FFT image of the dotted square region in
(b) and (d) the atomic structure of the {3 3 1} R19 STGB obtained by MD simulation [34].
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To understand the grain size effects on plastic deformation and underlying mechanisms, it is important to note that GBs
serve as effective obstacles for dislocations, the basic carriers of plastic flow in most metals. This role of GBs manifests itself
in the relationship of yield stress sy with grain size d in NC, UFG and coarse-grained metals, for a review, see [10]. For d above
a critical value dc � 10–30 nm, depending on the material and its microstructure, it follows the classic Hall–Petch
relationship:
sy � s0 þ kd�1=2 ð1Þ

where s0 and k are material parameters that related to the friction resistance for dislocation glide in grain interiors and trans-
mission of plastic flow across GBs, respectively.

The Hall-Petch relationship and its interpretation based on the role of GBs as obstacles of dislocation slip explains well the
fundamental origin of superior strength and hardness exhibited by nanomaterials. Indeed, the yield stress, strength and
hardness increases with decreasing grain size, reaching ultrahigh values at very small grain sizes, mostly due to suppression
of dislocation slip by GBs.

In the range of ultra-small grain sizes, d < dc, the GB area per unit volume is so large (Fig. 2) [44] that dislocation gener-
ation in the grain interior is severely or even completely suppressed, and GBs become structural elements that can mediate
or at least effectively assist plastic flow. This is demonstrated by significant deviation from the Hall-Petch relationship at d <
dc. Specifically, in this grain size range, NS metals after heat treatment typically show an inverse Hall-Petch relationship,
while the as-fabricated NS metals often show a reduced Hall–Petch slope or a constant strength with decreasing grain size
d; see, e.g., [10,45,46]. These behaviors are influenced by GB deformation mechanisms that effectively contribute to plastic
flow or even dominate plastic flow at grain sizes below dc at room temperature [10]. Hereinafter such NS materials will be
called (NC) metals with finest grains in order to differentiate them frommetallic nanomaterials with fine grains (having sizes
from dc to 1 lm) where the lattice dislocation slip typically dominates.

Grain size dramatically influences the ductility of metallic materials. In order to understand this phenomenon better, let
us consider the mechanics of uniform tensile deformation in metals as well as plastic flow and fracture instabilities suppress-
ing ductility in metallic nanomaterials. As well known, ductility is tensile plasticity [30,47], which is governed by the



Fig. 2. Evolution of volume fractions of interface, grain boundaries, triple junctions, and grain cores with the grain size in nm [44].
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interplay between plastic flow and failure as well as by the ability to suppress strain instability associated with macroscopic
necking. Plastic deformation in most metallic materials is commonly mediated by the dislocation slip [48,49].

Fracturing is a multi-stage process involving nucleation, propagation and convergence of cracks and/or voids, which cause
the disintegration of a solid into separate pieces. Fracture can be classified into ductile facture and brittle fracture. Ductile
fracture is typically associated with necking and mediated by dislocation activities. It involves relatively slow nucleation,
growth and coalescence of voids (Fig. 3a–d), where dimples are observed on fracture surfaces.

Brittle fracture is characterized with fast nucleation of cracks, followed by their convergence and/or growth to form a
large catastrophic crack without perceptible plastic deformation (Fig. 3e and f). These processes are also called crack nucle-
ation and propagation instabilities. The brittle behavior is due to low plasticity and results in low ductility, which is generally
undesired in materials for structural and other applications.
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Fig. 3. (a–d) Ductile fracture occurs through a relatively slow nucleation, growth and coalescence of voids. Neck formation, after extended homogeneous
deformation, may accompany growth and coalescence of voids. (e–h) Brittle fracture in nanocrystalline specimen occurs through fast nucleation of
nanoscale flat cracks, their convergence and/or growth along grain boundaries.
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In general, the intrinsic brittle versus ductile behavior of a single crystal is controlled by competition between cleavage
fracture by atomic decohesion and plastic deformation by dislocation generation and motion at stress sources and concen-
trators, first of all, crack tips; for details, see [50–52]. In single crystalline metals, dislocations are easily generated and emit-
ted from crack tips and other stress sources/concentrators, because metals have comparatively low energy barriers for glide
and nucleation of dislocations [48–52]. Consequently, crack tips are rapidly blunted, weakening the stress concentration.
Therefore, crack growth and generation are effectively suppressed. The same is true in CG metals where GBs occupy negli-
gibly small volume fractions and thus weakly influence dislocation nucleation at crack tips (Fig. 4a).

Below we discuss another factor influencing ductility, namely the resistance to deformation localization, i.e. necking. In
contrast with the slow ductile fracture (Fig. 3a–d), fast ductile fracture processes associated with plastic flow localization can
occur in solids under tensile load. In this situation, uniform deformation is unstable, leading to local reduction in cross-
sectional area (necking) of a plastically deforming specimen (Fig. 5) [53,54]. The necking is followed by both stress concen-
tration and fast ductile fracture through fast nucleation, growth and coalescence of voids within the neck region. When neck-
ing occurs at an early stage of deformation, a solid exhibits low ductility characterized by low uniform elongation, although
local plastic strain in the neck region is comparatively large, and dimpled structures are observed at fracture surfaces. Unfor-
tunately, this is often the mechanical behavior of metallic nanomaterials.

The resistance to necking is determined by strain hardening h and strain rate sensitivity m [24,26,53,54]. These param-
eters are defined as
Fig. 4.
bluntin
emissio
specim
h ¼ r�1ð@r=@eÞ _e ð2Þ
m ¼ ð@ lnr=@ ln _eÞe ð3Þ
where r denotes flow stress, e true strain, and _e strain rate. Higher strain hardening h and/or higher strain rate sensitivity m
produces larger uniform elongation. Note that h is the slope of the true stress-strain curve normalized by the flow stress.
According to Hart criterion, under a constant extension rate, uniform tensile deformation is stable if [24,26,53,54]
σ0 

σ0 

(a)

σ0 

σ0 

(b)

(a) Crack blunting in coarse-grained metals effectively occurs through emission of lattice dislocations from crack tip (schematically). (b) Crack
g in nanocrystalline metals. Dislocation emitted from crack tip stops at the nearest grain boundary. Its stress field hinders subsequent dislocation
n owing to dislocation repulsion. As a result, the dislocation emission from crack tip and thereby crack blunting are suppressed in nanocrystalline
en.
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Fig. 5. Necking in metallic specimen under tensile load (schematically).
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hþm > 1: ð4Þ

In CG metals under tensile load at room temperature, strain hardening provides the main contribution to the stability of

uniform plastic deformation, while the effect of strain rate sensitivity is negligible because m � 1. In this case, the Hart cri-
terion is reduced to the Considère criterion [55], which has the form h > 1.

At room temperature, high strain hardening in CG metals is associated with deformation-induced generation and accu-
mulation of dislocations with increasing plastic strain [48,49]. At high homologous temperatures, strain rate sensitivity could
become high, e.g. m > 0.33, which is typical for diffusion-controlled GB sliding. This could significantly improve stability of
uniform deformation, leading to superplasticity [56–59].

Early necking is responsible for low ductility in metallic nanomaterials. Since their strain rate sensitivity m is typically
low (m� 1) at room temperature, strain hardening h is the primary factor that determines uniform elongation [60,61]. In
general, strain hardening is produced by the accumulation of crystalline defects such as dislocations, twins, etc. during plas-
tic deformation. In CG metals, dislocations are generated at conventional dislocation sources such as Frank-Read sources
[48,49]. With increasing plastic strain, these dislocations are effectively accumulated in the form of dislocation cells and sub-
boundaries in large grains [35,62]. Annihilation of lattice dislocations conventionally involves their climb with rate governed
by slow bulk diffusion. This provides a pronounced strain hardening and thereby suppresses deformation instability in CG
metals up to large plastic strains.

In metallic nanomaterials, dislocation sources are reduced or may longer exist in grain interior when the grain sizes are
very small [13,63–65] (see also Section 3.1). Dislocations often are generated at GBs, glide across the grain and then disap-
pear at GBs without accumulation in grain interior. Also, the recovery process is enhanced due to the size and GB effects [24]
(see also the Section 3.1). Therefore, strain hardening h in nanomaterials is usually low or even approaches 0. As a conse-
quence, mechanical instability (necking) usually occurs at a low strain, leading to low uniform elongation (ductility) (Fig. 5).

In NC metals with finest grains (d < dc), the strain rate sensitivity will become higher at finest grains [60,61], which helps
with improving ductility, but this is usually not enough to offset the effect of the reduction in strain hardening. In addition,
there are two additional grain size effects that reduce ductility. The first is associated with extremely high flow stress. As
shown in Eq. (2), higher flow stress leads to lower normalized strain hardening h. In addition, the high applied stress could
reach values close to the threshold stress for initiating cracks near stress concentrations and sustain crack growth. These
stress concentrations can occur at flaws formed during fabrication. The second effect of finest grains on ductility is related
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to the fact that standard toughening mechanisms, such as emission of dislocations by cracks, are suppressed in nanoscopic
grains and thereby are not effective in hindering crack propagation [66,67]. More specifically, GBs effectively prevent dislo-
cations from emitting from a crack tip and thus prevent crack blunting, especially in NC metals with finest grains (Fig. 4b). As
a result, crack growth is enhanced in NCmetals with finest grains, as observed in numerous experiments; see a review article
[68] and references therein.

Both of the aforementioned factors operate in NS metals with fine grains in the range of dc to around 1 lm. However, their
flow stresses are lower, and their reduction of fracture toughness (due to the suppression of dislocation emission from crack
tips) is less pronounced than that in NC metals with finest grains.

Therefore, grain size is a key structural parameter that renders the high strength and typically low ductility of metallic
nanomaterials. As mentioned earlier, there are also special structural features that can be different in different NS materials
with the same mean grain size and are caused by both intrinsic material properties and extrinsic processing parameters. In
general, it is possible to manipulate the structural features to enhance ductility of superstrong metallic nanomaterials
[26,28,29,69,70]. Within the discussed approaches, it is crucially important to identify and describe plastic deformation
mechanisms that operate in NS materials and reveal the critical parameters for their activation. This will be done in next
section.
3. Dominant deformation mechanisms in metallic nanomaterials

As discussed in previous sections, deformation mechanisms in NS metals are significantly influenced by GBs, which con-
stitute a large volume fraction in such metals. In general, GB-mediated deformation mechanisms can be divided into two
basic categories: (1) ‘‘pure” GB mechanisms by the motion of GBs themselves, and (2) GB-mediated mechanisms associated
with dislocation emission from GBs [1–14,20–23]. The ‘‘pure” GB mechanisms include GB sliding, stress-driven GB migra-
tion, grain rotations mediated by GB dislocations, GB and triple junction diffusional creep. These mechanisms can signifi-
cantly contribute to plastic deformation in NC metallic materials having finest grains. GB-mediated mechanisms include
twinning, perfect and partial dislocations emitted at GBs. GB-mediated mechanisms are typically dominant in metallic nano-
materials with fine grains. Below we will consider GB-mediated mechanisms (Sections 3.1,3.2,3.3) and ”pure” GB mecha-
nisms (Sections 3.4,3.5,3.6,3.7), along with their synergies (Section 3.8), in metallic nanomaterials.
3.1. Deformation by perfect dislocations

In conventional CG metals, the dominant deformation mechanism is usually the slip of dislocations in grain interior. The
dislocations are generated and stored mostly in the grain interior during plastic deformation. We now discuss conventional
processes of the dislocation generation and storage in CG metals as well as their specific features in metallic nanomaterials.

Dislocations in CG metals are believed to be generated at Frank-Read sources (Fig. 6), especially those formed due to dou-
ble cross slip [48,49]. A Frank-Read source (Fig. 6) operates at the shear stress sF-R � Gb/L, where G denotes the shear mod-
ulus, b the magnitude of Burgers vector, and L the source size, that is, the distance between two pinning points for the initial
gliding dislocation segment [48,49] (Fig. 6).

For geometric reasons, the maximum size Lmax of a conventional Frank-Read source that can operate in a grain of size d is
estimated as Lmax � d/3 [71]. Therefore, in order to activate a Frank-Read source, one needs to apply a critical minimum shear
stress of
sF-R P 3Gb=d ð5Þ

This stress rapidly increases with decreasing grain size d. According to Eq. (5), the critical stress for activating a Frank-

Read source can be increased to unrealistically huge values of G/40-G/10 in NC metals with grains sizes of 10–30 nm or smal-
ler. Therefore, dislocation generation via Frank-Read sources in metallic nanomaterials is significantly hampered, or even
completely suppressed when the grain size decreases to the order of 10 nm.

Dislocations are effectively accumulated in the interiors of coarse grains as plastic deformation progresses, which is
responsible for the pronounced strain hardening and consequent high ductility. Strain hardening in pure metals is related
L
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Fig. 6. Schematics of Frank-Read source of size L operating in a grain.



Fig. 7. (a–c) Intragranular dislocation activity at above 2% total strain during in situ TEM straining. The sequence shows a source S, located in the grain
boundary GB12 (marked by a dashed line) emitting intragranular dislocations d1_3 in the plane delimited by its trace tr towards the interface GB23 [77]. (d)
A bright field TEM image of nc-Ni following cold-rolling, showing slip traces indicated by downward-pointing arrows, a triple junction nanovoid, and
semicircular strain contrast at grain boundaries indicated by upward-pointing arrows that suggest dislocation emission [75].
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to the interactions among dislocations whose density q increases due to the generation of dislocations by conventional dis-
location sources.

Dislocation-dislocation interactions significantly affect the flow stress and thereby strain hardening in CG metals at the
main extended stage of its plastic deformation, which largely corresponds to the deformation stage III in single crystalline
metals [72]. To a good approximation, the flow stress r of a polycrystalline metal usually has the following relationship with
dislocation density q [72]:
r ¼ aGbq1=2 ð6Þ
where a is a constant related to material, temperature, strain rate and dislocation arrangement. Eq. (6) holds for pure fcc
metals, where the lattice friction to dislocation motion is negligibly small. It is also valid for hcp and bcc metals at relatively
high temperatures where the Peierls barrier is weak in resisting dislocation slip [72].

According to the Eq. (6), the strain hardening is controlled by the evolution of dislocation density qwith increasing plastic
strain e. In a first approximation, the dislocation density evolution can be represented in its simplest, yet rather general, form
[72,73]:
dq=de ¼ k1=bK� k2q ð7Þ
where K denotes the dislocation mean free path, k1 is a constant or a slowly varying quantity, and k2 is a positive parameter
determined by strain rate and temperature. The term k1/bK in Eq. (7) represents the rate of athermal accumulation of dis-
locations generated at dislocation sources during plastic deformation, and the term – k2q represents dynamic recovery that
depends strongly on temperature and to a less extent on strain rate [72]. Both of these processes are active in the entire
extended deformation stage. The first term dominates at low strains, providing high strain hardening. The contribution of
the secondmechanism gradually increases with plastic strain, leading to decreases in strain hardening. Nevertheless, in most
cases, the strain hardening is high enough to maintain uniform tensile deformation at the main extended deformation stage
[72]. The strain hardening from the first process is offset by that from the second at large strains, leading to the end of the
extended deformation stage.
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Fig. 8. (a–f) Schematics of evolution of lattice and grain boundary dislocation structures in NS materials with fine grains during plastic deformation.
Generation of lattice dislocations concurrently occurs at grain boundaries and at Frank-Read Sources in grain interiors. The generated lattice dislocations
move across grain interiors and are absorbed by grain boundaries where they are trapped and split into grain boundary dislocations. In turn, grain boundary
dislocations either annihilate with grain boundary dislocations of opposite Burgers vectors or undergo other transformation to generate lattice dislocations
at grain boundaries. Both the dislocation splitting and annihilation processes at GBs are fast, since their rates are controlled by GB diffusion, which is much
faster than the bulk diffusion. Typical elementary processes inherent to evolution of dislocation structures in NS materials with fine grains are schematically
illustrated in magnified insets. The magnified insets in (a) and (b) show grain boundary dislocation (a) whose transformation results in the generation of its
antipode - sessile grain boundary dislocation with opposite Burgers vector – and a mobile lattice dislocation that moves in the adjacent grain (b). The
magnified inset in (c) schematically shows generation of a lattice dislocation dipole (corresponding to a lattice dislocation loop in 3D material) at a Frank-
Read source in grain interior. The inset in (d) and the upper inset in (e) show a dipole of grain boundary dislocations (d) that annihilate at grain boundary
(e). The bottom inset in (e) and the inset in (f) show a lattice dislocation (e) that moves towards a grain boundary where this dislocation is absorbed and
splits into two grain boundary dislocations (f).
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In metallic alloys and composites, the strain hardening is also influenced by impurities, compositional inhomogeneities
and second-phase inclusions, which hinder dislocation motion. These effects will be discussed in next sections with partic-
ular attention on their effects on ductility in metallic nanomaterials.

The deformation behavior discussed above is typical for CG metals. When grain size decreases, dislocation slip demon-
strates different behavior owing to both the nanoscale and GB effects. Indeed, in metallic nanomaterials, dislocation sources
in grain interiors are limited or no longer exist due to small grain sizes [13,71], and GBs become effective dislocation sources
and sinks; see, e.g., [20–23,74–81]. Emission of dislocations from GBs has been experimentally documented in metallic nano-
materials with fine grains (Fig. 7a–c) [74,77] and NC metals with finest grains (Fig. 7d) [64,75,82–84].

In nanomaterials, dislocations glide across grain interior and are absorbed by GBs where they may be trapped and split
into GB dislocations (Fig. 8). In turn, these GB dislocations may be annihilated with other GB dislocations with opposite Burg-
ers vectors or undergo other transformation to produce lattice dislocations at grain boundaries (Fig. 8). Both the dislocation
splitting and annihilation processes at GBs are fast, since their rates are controlled by GB diffusion, which is much faster than
the bulk diffusion. With both the high rates for dislocation annihilation and inhibition of conventional dislocation sources,
dislocation cannot accumulate to produce strain hardening. Consequently, necking occurs at low strains (Fig. 5), leading to
low ductility. This behavior is typical for metallic nanomaterials with fine grains where dislocations are emitted and anni-
hilated at GBs (Fig. 8) during plastic deformation.
3.2. Partial dislocation emission from grain boundaries

As discussed above, for CG metals, there exist dislocation sources in the grain interior. The best-known dislocation source
is the Frank-Read source [48]. However, there are also arguments that Frank-Read source has not been observed experimen-
tally [85]. Theoretically, any dislocation segment that can slip but have two ends pinned can act as a Frank-Read source. Con-
sidering that dislocations slip on different slip systems often interact with each other to form dislocation jogs and networks,
it is reasonable to assume that the Frank-Reed source can easily form in the interior of coarse-grains.

When grains are refined to a critical size below 100 nm, dislocations often no longer exist in the grain interior. Although
trapped dislocations have been observed in grains much smaller than 100 nm, and even down to 5 nm [86–88], these are
exceptions in a small fraction of grains instead of typical cases. Shown in Fig. 9 is hierarchy and size ranges of different struc-
tural features of nanostructured Ti, which was processed by severe plastic deformation (SPD) [13,65]. As shown, the interiors
of grains or sub-grains smaller than 100 nm are largely dislocation free.

Without dislocations in the interior of nanometer-sized grains, the conventional dislocation sources that operate in
coarse-grained metals no longer work. GB plays a critical role in the deformation of nanocrystalline metals in two different
ways: (1) GB acts as the dislocation source and sink [6,13,63,64,82,83,89–102], (2) GB sliding and grain rotation [87,101–
116]. Below we will discuss the partial dislocation emission from GBs because this becomes a prevalent phenomenon in
NC fcc metals.

Partial dislocation emission from GBs was first observed by molecular dynamic (MD) simulations [83,95,102,117], and
later verified experimentally under high-resolution electron microscopy (HRTEM) [82,92,93]. The slip of a partial dislocation
leaves behind a stacking fault, which is often the first step to the nucleation of deformation twins. When the grain size is
below a critical size, it becomes easier to emit partial dislocations than full dislocations [63,64,83,94]. It is found that in
nanocrystalline Ni full dislocations on the non-equilibrium GBs are often dissociated into two partials with a wide stacking
Fig. 9. Hierarchy and size ranges of different structural features in nanostructured Ti processed by severe plastic deformation. Grains and subgrains are
largely dislocation free in their interior when their sizes are reduced to below 100 nm [65]. The acronyms are G – grains, SBG – subgrains, DC – dislocation
cells.



Fig. 10. (a) Grain size distribution of nanocrystalline Ni. (b) The fraction of grains containing stacking faults and twins in Ni after tensile testing at liquid
nitrogen temperature. The two highest blue bars should be disregarded because they are statistically abnormal due to the small number of grains sampled.
Because a stacking fault has to be formed first before forming a twin, the total bar height (twin + stacking fault) can be regarded as fraction of grains that
produced stacking fault, which apparently increased with decreasing grain size. In contrast, there is an optimum grain size for twinning.
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fault in-between. These partials can readily slip into the grain interior under appropriate local stress [89]. In other words,
there are partial dislocation sources on GBs that are readily available to glide into grain interior.

Another reason for the observation of partial-slip-generated stacking fault is due to the large splitting distance between
the leading and trailing partials of a full dislocation [63,64,83]. Due to the orientation difference between the Burgers’ vectors
of the leading and trailing partials, the applied stress may drive the two partials further apart. When the splitting distance is
larger than the grain size, the trailing partial will not have the opportunity to be emitted from the GB and the leading partial
produces a stacking fault across the grain. Since smaller grains have higher flow stress, the splitting distance between the
leading and trailing partials will be larger in smaller grains, which, coupled with the smaller grain size, makes it easier to
produce stacking fault in smaller grains.

From the above discussion, it is not surprising that there is grain size effect on formation of stacking faults by the slip of
partial dislocations. It has been observed that stacking fault is formed more frequently with decreasing grain size in
nanocrystalline Ni (see Fig. 10) [118].

The emission and slip of partial dislocations from GBs leave behind stacking faults. This will have effect on the mechanical
properties in three potential ways. First, the formation of stacking fault is the first step to nucleate a deformation twin. Twins
have been reported to be able to simultaneously increase strength and ductility of nanometals [13]. Second, the accumula-
tion of stacking faults will increase the strain-hardening rate to help with increasing ductility. Third, stacking faults can
interact with gliding dislocations in a way similar to twin boundaries to help with dislocation accumulations, which will
increase the strain hardening. This is especially important for hexagonal close-packed (hcp) metals, in which deformation
twinning is suppressed when the grain size is small [119–121]. For example, it has been reported that high density of stack-
ing faults can significantly enhance the strength while maintaining good ductility in ultrafine-grained Mg [122–126].

3.3. Deformation twinning

Twinning is one of the most important deformation mechanisms in metallic materials, especially at low temperatures,
high strain rates and in materials with low stacking fault energy [13,127,128]. Deformation twinning in nanocrystalline
fcc metals are very important because it is one of a few mechanisms that can simultaneously increase their ductility and
strength [13,128,129]. Therefore, it is of critical importance to study the deformation twinning in NS metals.

The mechanisms for the nucleation and growth of twins in NS fcc metals are usually very different from those in CG met-
als [13,128,130–132]. For CG metals twinning mechanisms proposed in the literature include the pole mechanism [133], the
prismatic glide mechanism [134], the faulted dipole mechanism [135], and others [136–138]. These mechanisms involve dis-
location sources in grain interior, and the partials to produce a twin have the same Burgers vector. In other words, each layer
of the twin plane shifted toward to the same direction to produce a shear strain. In contrast, for NC fcc metals and alloys, GBs
become the primary source for partial emissions to produce twins, because it is largely dislocation free in their grain interior.
Consequently, the twin morphologies in NC fcc metals are very different from those in CG fcc metals [127].

Twinning mechanisms observed and proposed in NC fcc metals by both MD simulations [84,95] and HRTEM [13] include
homogeneous nucleation by the coincidental overlapping of two stacking fault ribbons formed by dissociated lattice dislo-
cations [82], grain boundary splitting and migration [91], overlapping of a stacking fault from the grain boundary with a
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dissociated lattice dislocation [89], partial dislocation emission from the GBs [92,139–141], cross-slip of twinning partials
[130,142], the dislocation rebound at GB [130,143], etc. The primary mechanism for the formation of deformation twins
in NC fcc metals is partial dislocation emission from GBs. A partial multiplication mechanism on the GB has been proposed
to explain why partials can be emitted from every slip plane to form a deformation twin [144]. Multiple twins intersecting
each other have also been observed and their formation mechanisms by dislocation reactions have also been proposed
[130,145].

Most deformation twins in NC fcc metals are found to no longer produce macroscopic strain, as they usually do in con-
ventional CG metals [127]. This is a unique phenomenon observed in NC fcc metals and alloys [127]. Two mechanisms have
been proposed based on experimental observations for the formation of such type of twins. The first is random activation of
partials (RAP) from GBs [127]. For fcc metals, twins can be produced by the slip of partials on successive slip planes even
when the Burger’s vector of these partials are different. There are three possible Burgers vectors for partial dislocations
on a slip plane. The slip of a partial dislocation produces a stacking sequence change of A ? B, B? C, C? A for all of the
three Burgers vectors. Since the sum of the three Burgers vectors equal zero, i.e. b1 + b2 + b3 = 0, the sum of the Burgers vec-
tors of all partials that form a twin should be approximately zero in the RAP mechanism, in which the total numbers of par-
tials from all Burgers vectors are about the same.

The other mechanism that can produce a twin without macroscopic strain is the cooperative slip of three partials (CSTP)
[141,146–150], in which the sum of their Burgers vectors equaling zero, generating twins with zero-macrostrain. Specifi-
cally, a group of three partials with Burgers vectors of b1, b2, b3 slip together under an applied load. When one or two of
the three partials are driven forward by the applied stress, stacking fault(s) will be generated, which will drive the partial
(s) left behind to move forward to reduce the stacking fault energy. These two types of mechanisms, namly RAP and CSTP,
can be differentiated under HRTEM basing on the morphology of their incoherent twin boundary (see Fig. 11 [151]). These
two mechanisms are found to be almost equally significant in the formation of twins with zero strain [146]. Alloying element
is also found to affect the CSTP mechanism via changing the stacking fault energy [151,152]. It should be noted that this
mechanism can also leads to detwinning when the applied stress is reversed [153–155].

Deformation twinning has been found significantly affected by grain size. As illustrated in Fig. 12, CGmetals becomemore
difficult to deform by twinning with decreasing grain size, which is a trend observed experimentally for metals with fcc, bcc
and hcp crystal structures [128,156]. For NS metals, the grain size effect becomes very different. As shown in Fig. 12, for fcc
metals, with decreasing grain size in the NC range, twinning first becomes easier, reaches an optimum grain size for twin-
ning, and then becomes more difficult [13,128]. This phenomenon was first predicted by an analytical model with the
assumption that all dislocations are emitted from GBs [63,64]. This assumption was based on the experimental observation
of the lack of dislocation source in the interior of nano-sized grains [65] as well as the observation of partial dislocation emis-
sion from the GB by MD simulations [83,95,102,117] and HRTEM observations [82,92,93]. The unique grain size effect on
deformation twinning for NC fcc metals was verified later experimentally (see Fig. 10) [118,157].

The optimum grain size for twinning shown in Fig. 12 is very important in designing NS fcc metals for high strength and
high ductility [13]. NS metals typically have very low ductility, which severely limit their structural applications. Deforma-
tion twinning has been found to be able to increase not only the strength, but also the ductility at the same time, while most
other approaches for increasing ductility often sacrifice the strength [13,128,129]. Therefore, for NS fcc metals, their grain
size should match the optimum grain size for twinning to obtain the high ductility as well as high strength. The optimum
grain size for twinning can be estimated as
Fig. 11
activati
. Two mechanisms for producing twins with zero macroscopic strain [151]. (a). The cooperative slip of three partials (CSTP), (b) The random
on of partials (RAP) mechanism.



Fig. 12. Schematics of the grain size effect on deformation twinning for fcc, bcc, and hcp metals.
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where dm is the optimum grain size for twinning, a is the lattice parameter, m is the Poisson’s ratio, G is the shear modulus,
and c is the stable stacking fault energy [13].

The optimum grain size for deformation twinning in fcc metals was further demonstrated in a report on the detwinning-
twinning process in Ni-20 (wt%) Fe alloy thin film with an average grain size about 20 nm. The sample initially had 30% of its
grains containing growth twins (Fig. 13a). Under high-pressure torsion (HPT) [158], detwinning occurred because the grain
sizes were smaller than the optimum grain size for twinning, which is around 70 nm (Fig. 13b). The grain size increased with
increasing HPT strain, and when the grain size matched the optimum grain size for twinning, deformation twins reappeared
(Fig. 13c). When the grain size grew further to larger than the optimum grain size, the detwinning occurred again to reduce
the fraction of grains containing twins (Fig. 13d).

The above observations demonstrate the importance of designing NS fcc metals and alloys to have the optimum grain
sizes. The twins are not stable in grains out of the optimum grain size range. Detwinning is usually caused by the interaction
between the dislocations and twin boundaries [159].

It should be noted that the Eq. (8) was derived for pure metals where the ratio of stacking fault energy to twin boundary
energy is about 2. For alloys, this assumption may not be valid, and consequently the predicted optimum grain size may
deviate from the experimental observation [152]. In addition, deformation parameters such as strain rate and temperature
. The distributions of grain size (yellow bar) and grains containing twins (blue bar) in (a) as-synthesized Ni-20 (wt%) Fe alloy film, (b) after
ing for 10 HPT turns, (c) after processing for 20 HPT turns, and (d) after processing for 30 HPT turns.
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may also influence twinning [118]. Nevertheless, the Eq. (8) provides an estimate of the optimum grain size, which is useful
for designing NS fcc alloys.

The grain size effect for twinning is not clear for NC bcc metals [13]. Further studies are needed. For CG hcp metals, defor-
mation twinning is usually activated due to the lack of five slip systems that are required for continuous deformation with-
out producing voids according to the von Mises criterion [160]. However, twinning becomes more difficult with decreasing
grain size all the way to the nanocrystalline range [13,119,161]. The reason for the observation is not clear. Basing on indirect
evidence from the literature and on extensive discussions with many colleagues, we rationalize the following hypothesis.
First, the nucleation of a deformation twin is much more difficult and requires much higher applied stress than the slip
of dislocations. In a large hcp grain, dislocation pileup at grain boundaries or other obstacles produces high local stress con-
centration, and the lack of slip systems makes it more difficult to activate other slip systems to relieve the stress concentra-
tion. Therefore, it has high statistical probability that the stress concentration becomes high enough to nucleate a
deformation twin. However, when the grain size becomes too small, the probability for large dislocation pileups decreases,
which decreases the probability for the stress concentration to reach the critical stress for twin nucleation. In addition, when
the grain sizes reach ultrafine grain and nanocrystalline range, GB related processes such as grain rotation and grain bound-
ary sliding become active to accommodate and coordinate inter-grain deformation, which further relieves the stress concen-
tration and decreases the twinning probability. Therefore, with decreasing grain size, although the global flow stress
increases, it becomes less likely to build up local stress concentration high enough to nucleate deformation twins. The above
hypothesis, although logically reasonable, still needs to be further studied and verified. It is unfortunate that deformation
twinning cannot be activated as an effective mechanism to improve the strength and ductility in NS hcp metals and alloys.

3.4. Grain boundary sliding

We now consider GB sliding as a deformation mechanism in NS metals under certain conditions. GB sliding means a rel-
ative shear of neighboring grains across the GB [162]. GB sliding conventionally occurs in high-angle GBs in CG and NS mate-
rials at elevated temperatures [74,112,162–164], although there are examples of enhanced GB sliding in NS metals at room
temperature; see, e.g., [109,165–168]. In particular, in addition to intragranular dislocation slip, GB sliding was found to sig-
nificantly contribute to plastic flow of UFG aluminum processed by equal channel angular pressing at room temperature
[109].

Theoretically, GB sliding occurs by generation and motion of GB dislocations. Such dislocations by definition are line GB
defects that violate GB symmetry in translation. GB dislocations are specified by Burgers vectors with small magnitudes
ranging approximately from a/5 to a/3, where a is the lattice parameter [33]. Slip of GB dislocations having Burgers vectors
parallel to a GB boundary plane leads to GB sliding. The dislocation mode of GB sliding is described in terms of the dislocation
theory in solids; see, e.g., [169].

In CG and NS metals, GB sliding occurs along GBs that join at triple junctions and form complicated configurations with
non-trivial geometry (Fig. 14a). In addition, even individual GBs are often not flat, but contain facets and ledges. With non-
trivial geometry of GBs and their ensembles, GB sliding is different from ‘‘ideal” sliding along a flat GB in a bi-crystal. There
are geometrical obstacles for GB sliding along curved GBs. In the case of NC materials, especially those with finest grains, GBs
are very short, and the density of triple junctions are very high. In these materials, GBs change orientations of their planes at
triple junctions, which serve as major geometrical obstacles for GB sliding. Therefore, accommodation of GB sliding at triple
junctions is critical for GB sliding in NC materials (Fig. 14). The same is true for microcrystalline materials exhibiting super-
plasticity whose dominant deformation mechanism is GB sliding.

GB sliding in NS materials can be effectively accommodated by transformations of defects at triple junctions and local
migration of GBs (Fig. 14b–e), emission of dislocations from triple junction to adjacent grains (Fig. 14f and g), diffusion-
controlled rotational deformation (Fig. 14i and h) and other local diffusion processes. Also, elastic straining slightly con-
tributes to accommodation. We now consider the first two processes (Fig. 14b–g) as basic accommodating mechanisms
for GB sliding.

In microcrystalline metals, emission of dislocations from triple junctions to grain interior is conventionally viewed as the
dominant accommodation mechanism for GB sliding (Fig. 14f and g). There are two scenarios for dislocation slip to accom-
modate GB sliding (Fig. 15) [162,168]. First, when subgrains exist (Fig. 15a), dislocations emitted from a triple junction pile
up at the first subgrain boundary at B in the adjacent grain (Fig. 15a). Second, when no subgrains exist (Fig. 15b), dislocations
emitted from a triple junction pile up at the opposite GB (Fig. 15b).

Strain rate serves as a key characteristic parameter for GB sliding accommodated by dislocation emission in both its vari-
ants shown in Fig. 15. The process controlling the strain rates is dislocation climb from the pile-up heads B and D. In the first
situation, dislocations from the pile-up heads are removed by dislocation climb controlled by relatively slow bulk (lattice)
diffusion. The strain rate _egbsðd>kÞ that from GB sliding can be described as [162]:
_egbsðd>kÞ ¼ A0DbulkGb
kBT
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where A0 denotes a dimensionless constant, Dbulk bulk diffusion coefficient, kB the Boltzmann constant, d grain size, T absolute
temperature, and r applied stress.
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Fig. 14. Grain boundary sliding and its basic accommodation mechanisms in NS materials. (a) Nanocrystalline or ultrafine-grained specimen under tensile
load (a schematic general view). Magnified insets (b–i) illustrate accommodation mechanisms. (b–e) Accommodation through transformations of defects at
triple junctions and local migration of grain boundaries. (f and g) Accommodation through emission of lattice dislocations from triple junction to adjacent
grain. (i and h) Accommodation through diffusion-controlled rotational deformation.

Fig. 15. A unified model for Rachinger GBS under (a) conventional creep conditions when d > k and (b) superplastic conditions when d < k [162].
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In the second scenario, dislocations from the pile-up heads are located at GBs, and they are removed by GB dislocation
climb processes controlled by comparatively fast GB diffusion. In these circumstances, the strain rate _egbsðd<kÞ that specifies
GB sliding is as follows [162]:
_egbsðd<kÞ ¼ A00DgbGb
kBT

b
d

� �2 r
G

� �2
ð10Þ
where A00 denotes a dimensionless parameter (�10), and Dgb the GB diffusion coefficient (Dgb � Dbulk).
With Eq. (3) for strain rate sensitivity m and the strain rate in Eqs. (9) and (10), one finds the parameter m = 0.33 and 0.5

for the microstructures with and without subgrains, respectively. The value of m = 0.5 corresponds to superplastic deforma-
tion regime in microcrystalline materials with stable grain sizes in the range from 2 to 10 lm at and temperatures above
0.5Tm, where Tm is the melting temperature [162,168]. Conventional superplasticity in microcrystalline materials is featured
by low strain hardening, which makes large strain rate sensitivity crucial for stable superplastic tensile deformation.

Superplastic deformation in NS metals can occur at lower temperatures and higher strain rates than that in microcrys-
talline metals with the same chemical compositions [112,163,164,170–172]. This is caused by smaller grain sizes and
enhanced diffusion figuring in the strain rate Eq. (10) for metallic nanomaterials. In addition, superplastic deformation in
metallic nanomaterials is typically characterized with high flow stresses and pronounced strain hardening (without steady
state flow), in contrast to superplasticity in microcrystalline materials; see, e.g., (Fig. 16 [163]). These observations indicate
unique GB sliding and superplasticity in NS metallic materials at elevated temperatures.

Superplastic deformation in metallic nanomaterials is accompanied with grain growth that contributes to strain
hardening. However, as noted by Mukherjee [74], grain growth alone is not able to cause all of the strain hardening in these
materials. For example, during the superplastic deformation of Ni3Al alloy at 650 �C and at 1 � 10�3 s�1 strain rate, the grain
size change contributed to a flow stress increase by a factor of 2 [74]. However, the flow stress actually increased by a factor
of �5.

In order to explain the observed unusual strain hardening in superplastic metallic nanomaterials, it is important to iden-
tify and describe the processes occurring at triple junctions due to GB siding. In particular, one should consider unique mech-
anism accommodating GB sliding in metallic nanomaterials, which could be different from dislocation slip in adjacent grains.

First, it is worth noting that accommodation of GB sliding is affected by the geometry of triple junctions where the sliding
processes occur. Some triple junctions allow GB sliding at realistic stress levels while others not. For instance, let us consider
GB sliding along a GB A0B0 where maximum or nearly maximum shear stress operates (Fig. 14f). Shear stresses are low in GBs
C0B0 and D0B0 adjacent to the junction B’ so that GB sliding stops at this junction. Its accommodation is conventionally
believed to occur through emission of either perfect or partial dislocations in the adjacent grain (Figs. 14g and 21) [173]. Con-
ventional superplasticity theory for microcrystalline materials focuses on dislocations emissions from triple junctions; see
Refs. [162,164,168] and our previous discussion (Fig. 15). However, GB-sliding-induced transformations of triple junctions
themselves are also important, and these transformations are of crucial significance in NS materials, which have very high
density of triple junctions.

Following [174–176], when GB sliding is accommodated by dislocation emission into grain interior, it produces dipoles of
wedge disclinations at and near triple junctions (Fig. 17). Each disclination is defined as a rotational linear defect at either a
GB or a triple junction and specified by the rotational misfit called its strength [177–179]. In particular, a triple junction
disclination is characterized with strength being a triple junction angle gap, that is, a non-zero sum of tilt misorientations
that specify GBs adjacent to the junction [177–179]. A disclination at a tilt GB represents the line shared by two adjacent
GB segments having difference in their tilt misorientations, which plays the role of disclination strength. Fig. 17b–d
Fig. 16. Tensile curves for Ni3Al for superplastic deformation under different conditions [163].
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Fig. 17. Grain boundary sliding and its accommodation through lattice dislocation emission from triple junctions. (a) Grain boundary sliding occurs
through the movement of grain boundary dislocation along a grain boundary. Grain boundary dislocations are accumulated near triple junction A. (b) Grain
boundary sliding leads to splitting of the initial triple junction A into two double junctions, A and B, of grain boundaries. Grain boundary dislocations
transform into lattice dislocations that are emitted from junction B and glide within grain I. These processes are accompanied by formation of dipole of
wedge disclinations (full and open triangles) at junctions A and B. (c) The lattice dislocations glide towards grain boundary CD where they transform into
grain boundary dislocations climbing along this grain boundary. The distance between wedge disclinations A and B increases due to grain boundary sliding.
(d) The distance between wedge disclinations A and B increases more due to grain boundary sliding. Nanocrack (elongated orange triangle) nucleates in the
stress field of the dipole of wedge disclinations A and B.
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schematically shows nucleation of disclination dipole owing to GB sliding in a NC metallic specimen. Such disclination
dipoles create high internal stresses, and their formation provides both significant contribution to the flow stress and
pronounced strain hardening in NS materials where plastic flow involves GB sliding [174–176]. So, the disclination-
dipole-induced contribution sd to the overall flow stress is as follows [176]:
sd ¼ Gx2e
2pð1� mÞf gbs

ln
Rsf gbs
ed

þ 1
� �

; ð11Þ
where G denotes the shear modulus, x the disclination strength, e the plastic strain, m the Poisson ratio, fgbs the fraction of
GBs that mediate GB sliding, Rs the mean screening length for stress fields created by a disclination dipole, and d the mean
grain size.

According to Eq. (11), sd rapidly increases with e, if e < Rs fgbs/d, providing pronounced strain hardening associated with
nucleation of GB disclination dipoles. The strain hardening in question occurs intensively in NS materials with high densities
of GBs and triple junctions. Following estimation in paper [176] for NC copper and nickel, the formation of GB disclinations
due to GB sliding (Fig. 17b and c) gives rise to significant strain hardening and thus delays plastic instabilities in NC metals.
However, cracks can be nucleated in stress fields of disclination dipoles and thereby diminish ductility in metallic nanoma-
terials (Fig. 17d). These competing effects of GB disclination dipoles on ductility of metallic nanomaterials deformed by GB
sliding will be discussed in detail in Section 5.1.

We now consider triple junctions with geometry that allow GB sliding in two adjacent GBs in NS materials (Fig. 18). In
this case, high shear stresses operate in two GBs adjacent to a triple junction so that GB sliding occurs in these two GBs,
transmits across the triple junction and induces transformations of both the junction and the GBs. For instance, following
Ref. [180], let us examine a model configuration of GB dislocations that mediate GB sliding in the vicinity of a triple junction
(Fig. 18b). In the initial state, there are two GB dislocations located in GBs adjacent to the triple junction. They are specified
by Burgers vectors b1 and �b2 parallel to those GB planes. Hereinafter, the dislocations under consideration will be called the
b1- and �b2-dislocations, respectively. The dislocation configuration undergoes transformations driven by shear stress s.
More precisely, the b1- and �b2-dislocations are stopped near the triple junction at comparatively low stress s < scrit1

(Fig. 18b). These dislocations glide over short distances and converge, if the stress increases so that it achieves value of
scrit1 (Fig. 18c). As a result of the convergence, a sessile GB b-dislocation is generated, which has Burgers vector b = b1 � b2
(Fig. 18c). Along with the formation of the b-dislocation, the triple junction moves over a short distance owing to GB sliding
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Fig. 18. Formation of mesoscopic sliding surface in a metallic nanocrystalline specimen deformed by grain boundary sliding. (a) Nanocrystalline specimen
under tensile load (a schematic general view in 2D). Triple junctions F and H (marked by small ellipses) do not transmit grain boundary sliding, because the
two grain boundaries adjacent to each of these junctions are highly misoriented relative to the maximum shear stress direction (that makes a 45� angle with
the tensile load direction). Other triple junctions (marked by small circles) at grain boundary chain EH effectively transfer grain boundary sliding at realistic
stress levels. Magnified insets (b)-(h) illustrate accommodation of grain boundary sliding through transformations of defects at triple junction B and local
migration of adjacent grain boundary AB. These processes lead to gradual increase of the triple junction angle u so that u becomes close to 180� after
transmission of pronounced gain boundary sliding across triple junction B; see figure (h). The same processes occur at other triple junctions (marked by
small circles) that effectively transfer grain boundary sliding and belong to the grain boundary chain EH. As a result, mesoscopic sliding surface EH is
formed; see figure (i). In doing so, grain with triple junctions F and H obstructs grain boundary sliding along the mesoscopic sliding surface. Accommodation
of grain boundary sliding at this grain can occur by lattice slip (Figs. 20f and g and 21) or rotational deformation (Fig. 20h and i). In this case, the
accommodation mechanism controls rate of grain boundary sliding along the mesoscopic sliding surface.
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Fig. 19. TEM images taken just after cooperative grain boundary sliding. Arrows show mesoscopic sliding surfaces [163].
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(Fig. 18c [180]). The triple junction displacement is accommodated by local migration of the adjacent GB (Fig. 18d). The driv-
ing force for the migration process represents a decrease in proper energy of the GB whose length is reduced owing to the
local migration.

After the transformation of b1- and �b2-dislocations (Fig. 18b–d), GB sliding continues to proceed near the triple junction
through nucleation and glide of new GB dislocations (Fig. 18 e). The glide of the new dislocations is hampered by their elastic
interaction with the b-dislocation. With the hampering effect, one needs to increase the applied stress to sustain GB sliding.
That is, a new critical value scrit2 > scrit1 should be applied in order to move the new GB dislocations towards the triple junction
where they converge with the sessile b-dislocation (Fig. 18f). As a result of the convergence transformation, the new sessile
dislocation is formed whose Burgers vector magnitude increases as compared to b (Fig. 18f). Besides, local accommodating
GB migration occurs as shown in Fig. 18g.

The transformations of GB dislocations repeatedly occur, resulting in growth of both the Burgers vector magnitude that
specifies the sessile dislocation and, consequently the stress needed to sustain GB sliding. According to the theoretical anal-
ysis presented in Ref. [176], the increase in the flow stress due to transformations of GB dislocations near triple junctions
contributes significantly to the strain hardening experimentally observed [171,172] in NS materials at the first extended
stage of superplastic deformation; see also a discussion in paper [163].

The transformations also give rise to transfers of triple junctions and accommodating GB migration processes (Fig. 18
[180]). Due to such processes, the triple junction angle u grows (Fig. 18) which specifies the role of such a junction in ham-
pering the GB sliding. Thus, when the GB sliding progresses, the angle u increases, which is accompanied by diminishing
strain hardening caused by the triple junction. At late stages of GB sliding, the triple junction angle u approaches 180�, in
which case planes of GBs adjacent to the triple junction form one extended plane (Fig. 18h).

In addition, GB dislocations gliding along GBs AO and OB (Fig. 18) elastically interact. More precisely, there is the elastic
attraction between them, which grows with rising triple junction angle u [180]. This causes a negative contribution to the
flow stress needed to sustain the GB sliding. Thus, as the GB sliding progresses, the angle u increases leading to two negative
contributions to the flow stress: one contribution is from triple junction geometry decreasing its hampering effect on GB
sliding, the other is due to enhancement of the attraction force between GB dislocations moving towards triple junction. Con-
sequently, transformations of GBs near triple junctions during the GB sliding (Fig. 18) can serve as dynamic recovery pro-
cesses that reduce the strain hardening in NS materials. The strain hardening effect related to GB dislocation storage at
triple junctions competes with the dynamic recovery related to GB migration in vicinities of triple junctions. With the com-
petition, one logically explains the typical character inherent to ‘‘stress–strain” curves (see, e.g., Fig. 16) in NS materials
exhibiting high strain-rate superplasticity [163,180]. Briefly speaking, during the initial long-stage superplastic deformation,
the strain hardening dominates, whereas the dynamic recovery processes become dominant at the late superplastic defor-
mation stage.

Also, the model [180] (Fig. 18) effectively explains the formation of mesoscopic sliding surfaces – planar arrays of GBs -
experimentally observed in NS materials at the second stage of superplastic deformation at elevated temperatures (Fig. 19
[163]) [112,163] and at cold rolling at ambient temperatures [166]. The formation of such surfaces is treated as a unique
feature of superplasticity [112,163,181].

To summarize, GB sliding represents a deformation mechanism that effectively operates in microcrystalline metallic
materials and NS metals with fine grains at elevated temperatures. In NC metals with finest grains and some UFG metallic
materials produced by severe plastic deformation, GB sliding can occur at even room temperature [109,166,168].
3.5. Rotational deformation mode

We now consider the rotational deformation mode – plastic flow accompanied by rotations of crystal lattices – in NS
metallic materials. Both post deformation and in situ TEM experiments indicate an essential role played by the rotational



Fig. 20. Dark-field TEM observation of the rapid genesis of an agglomerate (e.g., white arrow) depicted by individual still frames extracted from a dynamic
video sequence. (A) At t = 0 s, no grains in the strong diffraction condition are near the white arrow. (B) At t = 0.1 s, a grain in the strong diffraction condition
with a size of about 6 nm is visible. (C) At t = 0.2 s, a group of grains in bright contrast with a size of about 28 nm is visible. (D) At t = 0.3 s, the group of grains
has a nearly elliptical shape, with dimensions of 60 by 35 nm. (E) At t = 0.4 s and (F) t = 0.5 s, the size of the group of grains increases to maximum
dimensions of about 80 by 60 nm [87].
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deformation mechanism in NC materials [87,114–116,182–186] (as with CG metals under severe deformation; see reviews
[177,179]). For instance, in the dark field in-situ TEM experiment, Shan and co-workers [87] observed crystal lattice rotations
in individual grains and grain agglomerates in plastically deformed NC nickel film having an average grain size of 10 nm
(Fig. 20 [87]). With in-situ HRTEM, Murayama and co-workers [182] observed nanoscale crystal lattice rotations mediated
by a disclination dipole in iron under plastic deformation by mechanical milling. Wang and co-workers [187] recently
observed grain rotation in thin nanocrystalline Au films. Also, molecular dynamics simulations have revealed crystal lattice
rotations in plastically deformed NC metals; see, e.g., [188,189].

Recently, Izadi et al. [190] observed grain rotations during tensile deformation of a free-standing, ultrafine-grained Al film
with a mean grain size of 180 nm and thickness of 200 nm using in-situ TEM straining with automated crystal orientation
mapping. A large fraction (52%) of grains also experienced rotations during unloading. Interestingly, 15% of grains did not
rotate during the loading-to-unloading transition. Although the grain size of 180 nm is much larger than characteristic grain
sizes (below 10–30 nm) at which diffusion-assisted deformation mechanisms are commonly active in metals at room tem-
perature, here the loading and unloading were performed at a very low strain rate (below 10�5 s�1), which could enable
diffusion-assisted grain rotation. Also, GB and triple junction diffusion that accompanied grain rotations could create a spa-
tially inhomogeneous stress distribution in the film and thus lead to the forward rotations of a part of the grains during
unloading. In addition to grain rotations, Izadi et al. [190] observed in some cases GB migration and detwinning during both
loading and unloading.

Rotational deformation in CG, UFG and NC solids is often mediated by dipoles of GB disclinations whose motion along GBs
induces local rotations of crystal lattice [177,179,191]. Fig. 21 schematically presents an exemplary case of the rotational
deformation during development of a misorientation band. The band in its initial state is bounded by two parallel GBs
(Fig. 21a). The final state of the band (Fig. 21f) is characterized by crystal lattice orientation (Fig. 21a). It is energetically unfa-
vorable to change the initial lattice orientation (Fig. 21a) to the final one (Fig. 21f) in one step. Instead, the rotational defor-
mation occurring through multi-stage displacement of a GB disclination dipole and successive changes in lattice orientation
within the misorientation band is energetically preferred (Fig. 21a–f). In doing so, a dipole of GB disclinations (Fig. 21a–f)
with the interspacing h between the disclinations carries plastic deformation equivalent to that mediated by a superdislo-
cation with Burgers vector magnitude [177,179]:
B � 0:5h tanðx=2Þ ð12Þ

When GB disclinations move, for geometric reasons, they either absorb pre-existing dislocations [177,179,191,192], or

emit new dislocations into grain interiors [193,194]. The disclination motion accompanied by dislocation emission serves
as a good example of interaction between various deformation mechanisms, in which the rotational deformation mediated
by GB disclinations is accommodated by emission of dislocations from GBs and slip in grain interiors.
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Fig. 21. Misorientation band in a crystal under stress (schematically). Disclinations (triangles) are generated at grain boundaries and compose a dipole
configuration. Their motion along grain boundaries mediates plastic flow associated with crystal lattice rotation within the misorientation band.
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In addition, the rotational deformation can effectively occur in NS materials as a unique GB deformation mode mediated
by GB dislocations [108,195–197]. It has been demonstrated in experiments [115,186] that the rotational deformation medi-
ated by GB dislocations (in agreement with theoretical models presented in Refs. [108,195,196]) significantly contributes to
plastic flow in Pt films with a thickness around 10 nm and grain size around 6 nm (Fig. 22 [115]).

It is important to note that rotational deformation mediated by GB dislocations can effectively accommodate GB sliding in
nanomaterials. Following Ref. [108], we now discuss the geometry of this rotational deformation. For simplicity, we will
focus on a two-dimensional grain structure containing a hexagonal nanograin (Fig. 23). As discussed in Section 3.4, triple
junctions geometrically hinder glide of GB dislocations, carriers of GB sliding. In this case, glide of GB dislocations can be
transformed at a triple junction into their climb (along adjacent GBs) through the splitting of gliding dislocations into climb-
ing ones (Fig. 23). Successive splitting transformations give rise to the formation of two finite walls of climbing GB disloca-
tions (Fig. 23). Lattice rotations occur owing to climb-controlled extension of GB dislocation walls. Thus, successive splitting
transformations provide the crossover from the GB sliding to rotational deformation. That is, the rotational deformation
mediated by GB dislocations effectively accommodates GB sliding. This statement is consistent with experimental data
[166,198], which indirectly indicating concurrent GB sliding and grain rotations in plastically deformed metallic
nanomaterials.

In general, dislocations climbing along GBs also mediate grain rotations that are not related to plastic flow [199]. Grain
rotations are driven by a decrease in GB energy and can induce grain coalescence in materials under thermal treatment
[199,200]. Grain rotations driven by a decrease in the GB energy can contribute to transformations of GBs in NS materials
during their plastic deformation, which in turn enhances such rotations. Indeed, geometrically necessary dislocations
trapped by GBs during plastic deformation in NS materials induce changes in GB energies, and may facilitate grain rotations.
This statement is supported by experimental data [201] showing that grain rotations transform some high-angle GBs into
low-angle ones in NC Ni-Fe alloy, and eventually the GB disappeared, leading to grain coalescence [201]. Thus, grain rotation
in NS metals can occur through slip of dislocations emitted from low-angle GBs.



Fig. 22. HRTEM images taken at different points of time showing the GB dislocation-mediated grain rotation. (a) Two GB dislocations (as marked with ‘T’) at
GB1–3. (b–d) During straining, the number of the dislocations increased, leading to the GB angle at G1–2 increasing from 8.3� to 13.5�. Scale bars, 2 nm. [115].
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3.6. Stress-driven migration of grain boundaries

Stress-driven migration of GBs serves can contribute to both plastic flow and grain growth in NS materials [107,183,202–
226], as with their CG counterparts; see, e.g., [227–236]. In particular, grain growth mediated by GBs migration can result in
nano-to-CG transformation, which causes strain softening.

Following experimental observations [183,187,202–205,208–215,218–222] and computer simulations
[206,207,216,223], GB migration and grain growth extensively occur in NS metals deformed at high stresses. GB migration
and grain growth in UFG Al and Al-Mg films was observed under in-situ indentation under TEM [202,203] at room temper-
ature (Fig. 24 [202]). Stress-driven migration of GBs was identified as an important deformation mechanism in UFG metals
subjected to high stresses during indentation at room temperature [202,203].

It was reported [209] that NC Al film has significant grain growth at room temperature during tensile tests at high stres-
ses. The yield stress (91–116 MPa) and the ultimate strength (149–190 MPa) measured in these tests [209] are much higher
than those of CG Al. It is important to note that substantial grain growth was observed exclusively in regions with high local
stresses. Specifically, grain growth occurred in vicinities of crack tips serving as effective stress concentrators. Stress-driven
GB migration is believed occurred, leading to grain growth.

In recent study [183,187,202–205,208–215,218–222] concurrent GB migration and grain rotation in thin nanocrystalline
Au films with a thickness of 10 nm and average grain size of 18 nm was observed in situ at room temperature using a TEM
(Fig. 25 [187]). Fig. 25a displays a TEM image before the deformation, and Fig. 25b presents an enlarged view of Fig. 25 at
atomic resolution, where five grains (G1 to G5) are highlighted. Before deformation the grain size of G1 is approximately
14 nm and the GB angle of GB1–3 is 18.52� (Fig. 25a). With increasing strain (Fig. 25b–d), GB1–3 and GB3–4 move toward
the interior of G3, while the angle of GB1–3 decreases from 18.52� to 10.77�. With a further increase in strain (Fig. 25d–f)
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Fig. 23. Grain boundary sliding and its accommodation through rotational deformation whose rate is controlled by grain boundary diffusion. (a)
Nanocrystalline or ultrafine-grained specimen under tensile load (a schematic general view). Magnified insets (b–e) illustrate accommodation of sliding
along grain boundaries adjacent to triple junctions A and D through rotational deformation within grain ABCDEF (schematically). The rotational
deformation is mediated by diffusion-controlled climb of grain boundary dislocations.
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Fig. 24. (a) Bright-field image before the indentation; (b) dark-field image of the middle small grain before the indentation; (c) bright-field image after the
indentation; (d) dark-field image of the middle small grain after the indentation [202].
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GB1–2 and GB3–2 migrate, and the GB angle of GB1–3 continues to reduce from 10.77� to 7.98�. The mechanism of grain
rotation can be seen more clearly in Fig. 25g and h, which show enlarged HRTEM images of the yellow-framed regions
in Fig. 25b and f, respectively. As seen in Fig. 25g, the low-angle grain boundary GB1–3 contains an array of lattice disloca-
tions. During the deformation, some dislocations leave the GB. As a result, the number of dislocations at GB1–3 decreases,
and the average spacing of the dislocations increases from 0.8 to 1.4 nm, leading to a reduction in the GB misorientation
angle.



Fig. 25. (a–f) HRTEM images showing GB migration and grain rotation in nanocrystalline Au films. (g and h) show enlarged views of the yellow dotted
boxes in (b) and (f) [187].
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The authors of [187] observed GB migration more frequently that grain rotation and attributed the GB migration to
enhanced diffusion in the ultrathin nanocrystalline film, which could activate the Coble creep with a strain rate of
10�3 s�1. In turn, the diffusion-assisted Coble creep led to the GB migration.

GB migration was also observed in MD simulations. In particular, the simulations [207] give evidence for stress-driven GB
migration in NC nickel with a very small grain size d of 5 nm at room temperature. The deformation mediated by GB migra-
tion was observed for tests specified by a rather large stress 2.5 GPa. The simulations [207] show that GB migration in NC
metals with finest grains occurs at high stresses. In these simulations, GBs migrated over distances up to d/2 � 2.5 nm.

Thus, stress-driven migration of GBs represents a deformation mechanism operating in metallic nanomaterials at high
stresses. The stress-driven GB migration in NS metals has similarities with GB migration in bicrystalline metals [227–
233]. When a GB migrates under stress in a bicrystal, the migration process is often coupled to shear. For example, such
a migration process has been experimentally observed in Al bicrystals at very low applied stresses (<1 MPa) [228,229]. Some
time ago, Cahn and co-workers [235,234,236] theoretically described GB migration coupled to shear in bicrystalline solids.
This description is consistent with results of experiments [229,230,233,227,228,231,232] and computer simulations
[235,236] addressing the migration of tilt GBs in bicrystals.

In bicrystals, GB migration coupled to shear has the specific geometric features that differentiate this deformation mode
from that operating in CG and NS materials. The fact is that the shear easily changes the bicrystal geometry when a GB
migrates under stress. In this case, accommodation of the stress-driven GB migration occurs through an unconstrained
change in the shape of a bicrystalline specimen. Consequently, the flow stress that drives GB migration coupled to shear
is low. In contrast, in a NS specimen, GBs typically migrate under stress in internal grains surrounded by other grains that
hinder the shears coupled to GB migration (Fig. 26 [217]). That is, the shears are constrained in NS materials and thereby
require comparatively high stresses to drive GB migration processes coupled to such shears.

Following Refs. [107,217], we now briefly discuss the geometry of stress-driven GB migration in NS metallic materials. Let
us examine an arrangement of rectangular grains having low-angle tilt boundaries, including a vertical grain boundary, a
finite wall of periodically spaced perfect dislocations, with ends at points A and B as shown in Fig. 27a and b (left figures).



Fig. 26. Stress-driven migration of grain boundaries in a deformed nanocrystalline specimen. The shear coupled to migration is hampered by surrounding
grains. The magnified inset highlights the geometry of a nanograin group hampering shear coupled to grain boundary migration [217].
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When a shear stress s is applied, the vertical tilt boundary ABmigrates to its new position where it ends at points A0 and B0 as
shown in Fig. 27a and b (right figures). As a result, within the region ABB’A’ swept by the vertical tilt boundary during its
migration, slip of lattice dislocations (structural elements of the vertical boundary) causes plastic flow, and crystal lattice
rotates by the tilt misorientation angle x that specifies the migrating GB (Fig. 27a and b (right figures)).

In the initial state (Fig. 27a and b (left figures)), there are triple junctions A and B connected by GB AB. We assume that the
junctions A and B do not create stresses in the initial state, because they are characterized by zero-angle gaps. It means that
the sums of misorientation angles that specify tilt boundaries adjacent to these junctions are equal to 0. Migration of the
vertical tilt boundary AB to its new position where it ends at points A0 and B0 violates balance of misorientation angles at
points (GB junctions) A, B, A0 and B0 (Fig. 27b). More precisely, the vertical tilt boundary having the tilt misorientation x
moves away from the junctions A and B so that they become geometrically uncompensated by angle gaps �x and +x
(Fig. 27b, right figure), respectively. Besides, the vertical tilt boundary in in its new position form new junctions A0 and B0

with horizontal tilt boundaries. The junctions A0 and B0 are geometrically unbalanced, because they acquire angle gaps +x
and �x, respectively, owing to adjoining of the vertical tilt boundary to them [107,217] (Fig. 27b, right figure). In the defect
theory, geometrically unbalanced junctions A, B, B0 and A0 represent disclinations having strengths ±x [169,177–179]. Motion
of the disclinations produces plastic deformation [169,177–179,191]. To summarize, stress-induced GB migration mediates
plastic flow and gives rise to nucleation of disclination quadrupole (Fig. 27b) [107,217]. Here we considered this statement in
the case of low-angle tilt boundaries. In general, the statement is valid for high-angle GBs, too (Fig. 27c and d); for details, see
[217].

Gutkin and Ovid’ko [107] have calculated the characteristic stress s ¼ sc1 at which stable migration of GBs mediating
plastic flow starts to occur. This stress can be described as:
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Fig. 27. Stress-induced migration of a low-angle (a, b) or high-angle (c, d) grain boundary from position AB to position A0B0 as a mechanism of rotational
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comments).
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sc1 � Dxa
d

ln
d
a

ð13Þ
where D = G/2p(1 � m), G denotes the shear modulus, a the crystal lattice parameter, and m the Poisson ratio.
Dao and co-workers [9] exploited Eq. (13) in order to estimate the critical stress sc1 for the onset of stress-driven migra-

tion of tilt GBs in NC metals. They found that, for the disclination strengths in the range 5� 6 x 6 30� and for grain sizes
ranging from 10 to 30 nm, Eq. (13) gives sc1 in the range 20–300 MPa. Dao and co-workers [9] noted that this theoretical
estimate is consistent with experimentally documented stresses for many fcc metals with grain sizes ranging from 10 to
30 nm.

According to Eq. (13), the stress sc1 decreases with increasing grain size d so that stress-driven GB migration in CG metals
occurs at lower stresses as compared to that in NS metals. However, in CG metals, stress-driven GB migration competes with
conventional lattice slip, which needs even lower stresses and thereby typically dominates.

It is important to note that the disclination strength x appearing in Eq. (13) is equal to the tilt GB misorientation angle
only for low-angle GBs, where the misorientation of the crystal planes of neighboring GBs is created by a wall of dislocations
with identical Burgers vectors, as shown in Fig. 27b. For high-angle GBs the relation between the GB misorientation angle
and the disclination strengthx is much more complicated and depends on the structure of a specified GB. For example, inco-
herent twin boundaries in fcc metals can be modeled as arrays of Shockley partials with the zero total Burgers vectors [127]
(see Section 3.3). Evidently, for such boundaries, we have: x = 0. Recent experiment [237] and computer simulation [238]
also demonstrated that the migration of another kind of GBs, namely R7 {1 3 2}/{1 3 2} GBs in Al, produces no strain, which
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means that such GBs are also characterized by x = 0. For general tilt high-angle GBs the disclination strength should lie in
the range 0 6 x 6 h, where h is the GB misorientation angle.

Also, Eq. (13) provides only sufficient conditions for the onset of GB migration, as it considers only the initial and final
locations of the GB atoms (after the GB has migrated). However, in reality, high-angle GBs do not migrate as a whole. Their
migration starts at certain GB regions due to the local atomic motion, whose activation may require higher stress than the
migration of a GB as a whole.

Stress-driven GB migration as a unique deformation mechanism effectively operates in metallic nanomaterials due to
their unique structural features, including extremely small grain sizes and high density of GBs. Subsurface areas of bulk
NS materials often play an important role in deformation and fracture processes, because conditions for generation and evo-
lution of defects mediating such processes are different from those in bulk areas. This is related to the free surface effects
operating in subsurface areas. Of high significance, the effects under consideration are in NC solids having nanoscopic sizes,
for instance, in nano- and micropillars, free-standing nanowires, and films with nanoscopic thicknesses. In such solids, the
NC structure and free surface effects provide unique arena for operation of new deformation modes. Recently, in Ref. [104],
one of such new modes – the stress-driven rotations of GBs – near free surfaces in NC materials has been suggested and the-
oretically described.

This deformation mechanism being a ‘‘cousin” of stress-driven GB migration operates in a NC specimen is schematically
presented in Fig. 28 [104], which shows a 2D section of the NC specimen andmagnified insets of its sub-surface region where
stress-driven GB rotation occurs. More precisely, the specimen contains a low-angle tilt boundary AB in the vicinity of its free
surface (Fig. 28b). This boundary forms the junction A with static GBs CA and DA (Fig. 28b). The GB junction A is geometri-
cally balanced in its initial state, that is, it does not create internal stresses. According to the description [104], external stress
induces rotation of the tilt boundary AB (Fig. 28c). As a result of the rotation, plastic flow occurs in the area swept by the
rotating tilt boundary, and the GB junction A becomes geometrically unbalanced (Fig. 28c). The latter leads to an increase
in the elastic energy.

The free surfaces effects on GB rotations are as follows. First, stresses created by the unbalanced GB junction A are effec-
tively screened by the free surface. Second, the low-angle tilt boundary AB can decrease its length (and thereby energy) dur-
ing its rotation when some of its intrinsic dislocations enter the surface and disappear at it (Fig. 28b and c). This enhances GB
rotations near free surfaces in NS materials [104]. At the same time, the free surface effects under discussion are absent in the
bulk, in which case GB rotations are comparatively difficult to drive by stresses.

In subsurface regions of NC solids, GB rotations are more likely than in their coarse-grained counterparts, because NC
structures have very high density of GBs. In CG solids, where GB density is low, and dislocation slip typically dominates,
GB rotations are not intensive in even subsurface regions.

It was theoretically shown [104] that GB rotations driven by high stresses can effectively occur in NC nickel. Each GB is
quantitatively characterized by a rotation angle ueq corresponding to the equilibrium, low-energy state of the defect system
examined. The angle ueq is sensitive to characteristics of the defect system and can be up to tens of degrees. In doing so, ueq
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Fig. 28. Geometry of grain boundary rotation near free surface. (a) General view of nanocrystalline specimen. (b and c) Magnified inset of the subsurface
region where stress-driven rotation of a tilt grain boundary occurs. (b) Initial state. A low-angle symmetric tilt boundary AB - a wall of periodically spaced
edge dislocations - is located near the free surface and forms a triple junction A with two static symmetric tilt boundaries AC and AD. (c) Stress-driven
cooperative motion of GB dislocations occurs which results in tilt boundary rotation (by angle u) from its initial location AB to a new location AB’. Also, grain
boundary rotation leads to the disappearance of several grain boundary dislocations at the free surface and associated formation of free-surface steps [104].
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grows with increasing external stress, shows a weak sensitivity to the tilt boundary length, and diminishes with increasing
GB tilt misorientation. Theory [104] predicting a new deformation mechanism through stress-driven GB rotations agrees
well with data of the experiment [184]. In this experiment addressing plastic deformation of a nickel nanopillar with the
NC structure, GB rotations were observed near the nanopillar free surface [184] (Fig. 29).
3.7. Deformation mechanism maps

In previous sections, we have considered basic deformation mechanisms operating in metallic nanomaterials. It is impor-
tant to note that different deformation mechanisms can be dominant in a NS material, depending on its grain size, temper-
ature, stress and strain rate. This variation can be reflected in the form of deformation mechanism map for a material. For
instance, a deformation mechanismmap in the grain size – strain rate coordinates, based upon available experimental obser-
vations and computer simulations for NS palladium, was proposed in the paper [71] (Fig. 30). In particular, this map shows
that Coble creep operates at very small strain rates and grain sizes. When the strain rate increases, Coble creep in NS palla-
Fig. 29. (A) Dark-field TEM images showing a pillar (sample I) before and after deformation. (B) Zoomed-in dark-field (regions 1 and 2) and high-resolution
(region 3) images of three different regions within the pillar shown in (A), and (third column) outlines of grain boundaries to highlight the grains’ shape
change. (C) The electron diffraction patterns before and after deformation (sample I). The diffraction spots within the circles were used to image (A) and
region I of (B). Those within the squares were used to image region II in (B). The new diffraction spots, indicated by arrows in the post-deformation pattern,
are from the non-gauge section areas, which were not included within the selective area aperture in the pre-deformation pattern. (D) Dark-field images
showing another pillar (sample II) before and after deformation. The white box in the postdeformation image indicates a strip-like feature formed by
deformation. (E) Zoomed-in bright-field image of the region within the box in (D). Two solid lines indicate the orientation of lattice planes. (F) Zoomed-in
high-resolution image of the region within the box in (E). The solid lines indicate the orientation of the lattice planes, and the arrows point out the location
of twin boundaries. (G) The electron diffraction patterns before and after deformation (sample II). The diffraction spots within the circles were used to
image (D) [184].
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dium is followed by the combination of partial dislocation slip, GB sliding and grain rotations, and then by the combination
of co-planar twinning, GB sliding and grain rotations (Fig. 30). In the case of very high strain rates, GB sliding is dominant at
small grain sizes, while plastic deformation mediated by twin networks occurs at larger grain sizes (Fig. 30). Coarse-grained
palladium deforms by conventional dislocation slip.

Another deformation mechanism map, based on the experimental study of nanocrystalline Au films, was constructed in
paper [187] (Fig. 31). In this study, plastic deformationmechanisms acting in over 50 grains (with grain size from 5 to 45 nm)
were monitored. Four deformation mechanisms were observed in NC Au films: GB migration, grain rotation, the motion of
partial dislocations and the motion of full dislocations across grains. Fig. 31 shows the dependences on grain size of the frac-
tion of grains in which a specified mechanism is activated, for the four deformation mechanisms. One can see that at the



Fig. 30. Tentative deformation mechanism for Pd at small grain size [71].

Fig. 31. Statistical distributions of the probability for the action of deformation mechanisms in grains of NC Au films as functions of grain size [187].
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grain size below 20 nm, the dominant deformation mechanism is GB migration. The frequency of GB migration monoto-
nously decreases with grain size. Also, grain rotation and partial dislocation motion contribute to plastic deformation of
the grains with the size below 20 nm. At the grain size above 20 nm, the dominant deformation mechanism is the motion
of full dislocations across grains.

Kawasaki and Langdon reported a deformation mechanism map for UFG Zn-22%Al processed by HPT at 473 K at which
superplastic deformation occurs at appropriate stress and strain rates [239,240]. As shown in Fig. 32, Coble creep [241]
occurs at low applied stress and small grain sizes because of high GB area per unit volume. At large grain sizes and low
applied stresses, Nabarro-Herring [242,243] creep prevails. The Region II represents intermediate strain rates with a strain
rate sensitivity m � 0.5, where maximum superplastic deformation can be obtained. The Region I and II represent lower and
higher strain rates, respectively, with m in the range of 0.1–0.3. Note that the deformation mechanism map in Fig. 32 is only
for elevated temperatures.

For deformation mechanism at room temperature, we propose a new deformation mechanism map that combines the
features in both Fig. 30 [71] and Fig. 31 [187], as well as the grain size effect on deformation twinning and partial dislocation
emission (Fig. 12) [13,118,128]. As schematically shown in Fig. 33 with both grain size (x-axis) and strain rate (y-axis) plot-
ted in a logarithmic scale, coble creep plays a dominant role at very low strain rate. This is because of the high GB area per
unit volume. At higher strain rate, with decreasing grain size the deformation mechanism(s) changes from full dislocation
slip to deformation twinning + partial dislocation slip, to deformation twinning + partial dislocation slip + grain rotation,
to partial dislocation slip + grain rotation + GB migration, to grain rotation + GB migration, to GB migration. Note that twin-
ning occurs only in a grain size range, which becomes larger with increasing strain rate, because high strain rate promotes



Fig. 32. Deformation mechanism map for UFG Zn-22%Al alloy processed by HPT [239,240].

Fig. 33. Schematic deformation mechanism map for nanostructured fcc metals with medium to high stacking fault energy at room temperature. The wide
boundary line is because the deformation mechanisms usually have an overlapping grain size range.
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twinning [13,118,128]. Fig. 33 can be valid for nanocrystalline and UFG fcc metals with medium to high stacking fault ener-
gies. For fcc metals and alloys with very low tacking fault energies, deformation twinning could occur in CG grains. For met-
als with bcc and hcp structures, the deformation mechanism could be very different [13].
3.8. Interaction between deformation mechanisms

In general, various deformation modes can concurrently operate and significantly affect each other in NS materials with
NC and/or UFG grains. In particular, various deformation mechanisms accommodate each other in NS metals, so that there
exists effective interaction between such mechanisms [5,20]. The interaction is of crucial importance in NS metallic
materials demonstrating superplastic deformation which, as shown experimentally [74], occurs through several basic



494 I.A. Ovid’ko et al. / Progress in Materials Science 94 (2018) 462–540
deformation mechanisms that significantly affect each other. These mechanisms include GB sliding, rotational deformation
and dislocation slip. In the context discussed, the combined actions of interacting deformation modes should be definitely
taken into account in optimizing strength and ductility.

Let us briefly discuss several important examples of interacting deformation mechanisms (in particular, those considered
in previous sections) in metallic nanomaterials. As noted in Section 3.4, dislocation slip effectively accommodates GB sliding
through emission of dislocations from triple junctions that stop GB sliding (Figs. 14f, g and 15). At the same time, GB sliding
itself can be stimulated by slip. Dislocations that slip in the grain interior reach GB regions and undergo splitting transfor-
mations [1]. As a result of such transformations, GB dislocations are formed whose motion leads to GB sliding. Thus, the dis-
location slip and GB sliding sustain/accommodate each other, providing effective concurrent operation in NS metals.

In addition, there are other scenarios where transformations of gliding GB dislocations – carriers of GB sliding - lead to
dislocation emission and nanoscale twins in NS metals [244–246]. However, following theoretical estimates [244–246], such
transformations need very high stresses to be realized so that they are not typical in NS metals in conventional deformation
regimes.

Also, in Sections 3.4 and 3.5, we examined the situation where GB sliding and rotational deformation concurrently occur
in NS metallic materials (Figs. 14i, h and 29). This interaction between GB sliding and rotational deformation modes plays a
significant role in superplastic deformation in NS metallic materials.

Cooperative GB sliding and migration (GBSM) process (Fig. 34 [103]) represents another good example of interacting
deformation mechanisms in NS metals [103,247]. Let us consider, following Ref. [103], the specific geometric features of
GB sliding and cooperative GBSM processes in a NS metallic specimen under plastic deformation (see a 2D illustration in
Fig. 34). The external stress induces GB sliding to occur, in which case the starting GB configuration I (Fig. 34b) transforms
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Fig. 34. Grain boundary deformation processes in nanocrystalline specimen: (a) General view. (b) Initial configuration I of grain boundaries. (c)
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into configuration II (Fig. 34c). GB junction geometrically stops GB sliding whose accommodation is realized through dislo-
cation emission from the junction (Fig. 34c). In addition, as it has been demonstrated in [174,176], a dipole of disclinations A
and C is formed owing to GB sliding (Fig. 34c). In general, local stresses created by the disclination dipole are capable of ini-
tiating a crack (Fig. 34d).

Along with GB sliding, GB migration under stress can occur as an effective deformation mechanism in NS metals
[107,183,202–226]. Following [103], stress-driven GB sliding and migration can cooperatively occur as one process mediat-
ing plastic flow in NS metals (Fig. 34). During such a cooperative operation, mutual accommodation of defects generated
owing to GB sliding and those generated owing to GB migration comes into play. The cooperative GBSM process serves as
a special deformation mode that is more energetically favored then ‘‘pure” GB sliding. Theoretical results [103,247] are con-
sistent with experimental observations [112,163] of concurrent GB sliding and grain growth in plastically deformed NS
materials.

Plastic deformation processes may compete with fracture processes in NS metals with relatively low plasticity. In this
circumstance, interaction between deformation mechanisms – mutual accommodation of concurrently operating mecha-
nisms – enhances plasticity of NS metals. More precisely, when deformation mechanisms accommodate each other, plastic
strain inhomogeneities are effectively smoothed, which alleviates as ‘‘dangerous” stress sources capable of initiating crack
generation. For instance, GB sliding creates defects at triple junctions, and cracks can be nucleated by high local stresses
of these defects [248]. However, accommodation of GB sliding through emission of lattice dislocations from defected GB seg-
ments at and near GB junctions releases, in part, the high local stresses [249], in which case crack nucleation is suppressed.
This situation will be discussed in detail in Section 5.1.

Another example is the cooperative GBSM process in NS metals. Following theoretical analysis [103], a NS metallic spec-
imen, where plastic deformation through cooperative GBSM is dominant, shows enhanced ductility, as compared to that
where pure GB sliding is dominant.

3.9. Crack nucleation and growth processes

Metallic nanomaterials may exhibit either brittle or ductile fracture behavior, which is sensitive to their microstructure
and loading condition. For instance, several groups published experimental reports on NS metals having an average grain
size larger than 20 nm that exhibit slow ductile fracture characterized with dimpled fracture surface and necking
[75,86,250–255]. The dimples have sizes significantly exceeding the grain size, which is attributed to coalescence of
microvoids.

At the same time, there are NC metals and alloys exhibiting the brittle fracture. For instance, intergranular brittle fracture
occurs in NC Ni-15%Fe alloys and NC nickel with a mean grain sizes of 9 and 30 nm [250,254,256]. In the examples discussed,
nucleation and convergence of numerous intergranular cracks led to the formation of main brittle cracks.

Fracture of metallic nanomaterials is critically influenced by their structural features: ultra small grain sizes and high
density of GBs. Indeed, since GBs have low atomic densities and weak interatomic bonds, compared to those in grain inte-
riors, cracks tend to nucleate and grow at GBs. Besides, GBs enhance diffusion-controlled growth and coalescence of micro-
voids mediating ductile fracture in NS metallic materials. GBs also have extra energy (as compared to the bulk phase), which
enhances GB crack nucleation and growth. In contrast, NC metals with finest grains, GBs are extremely short and curved at
numerous triple junctions. In this case, geometry of GB arrangement hinders intergranular fracture processes.

Plastic deformation in NC metals with finest grains occurs at very high stresses, and GB sliding represents one of effective
deformation mechanisms. In this case, following experiments, computer simulations and theoretical models, crack nucle-
ation and growth processes are critically influenced by GB sliding. In particular, it was theoretically revealed that the
enhanced generation of nanocracks in deformed NC metals with finest grains can occur at triple junctions containing defects
formed due to GB sliding, such as dislocations [248,257], disclination dipoles [174,176] (Fig. 17d) and dislocation-
disclination configurations [175]. Also, nanocracks at GB triple junctions have been in situ observed by Kumar et al. in exper-
iments addressing plastic deformation of electrodeposited NC nickel with a mean grain size of 30 nm [75] (Fig. 7). Besides,
molecular dynamics simulations [258] demonstrate that nanocracks are nucleated at triple junctions near long cracks in NC
nickel having grain size in the range 5–12 nm. The discussed experimental data, computer simulations and theoretical
results indicate that triple junction nanocracks represent typical carriers of fracture in NC metals with finest grains.

Crack growth also has unique features in NS metals due to the grain size and GB effects. In most cases, high-strength NS
metals are characterized with low ductility and low fracture toughness at room temperature. At the same time, the damage
tolerance, as quantitatively characterized by the product of strength and toughness, could be remarkably high in NS metallic
materials [253]. In particular, some fcc metallic materials having the NC structure show a ductile-to-brittle transformation
with decreasing grain size [250,254]. At the same time, fcc metallic materials having the CG structure exhibit good ductility
which is mostly related to suppression of crack propagation through enhanced crack blunting by dislocation emission from
crack tips. As briefly discussed in Section 2, the sensitivity of crack blunting processes to the grain size is responsible for dif-
ferent fracture behaviors demonstrated by NS and CG fcc metallic materials. Following [66,67], GBs block dislocations emit-
ted from crack tips, and this process in fact determines if cracks are blunted. In these circumstances, in a polycrystal with
large grains, when dislocations are emitted from the crack, they slip over large distances before being stopped by GB
(Fig. 5). Consequently, they are not effective in hindering emission of new dislocations, new dislocations are effectively emit-
ted from the crack and then slip along a crystal plane, inducing pronounced crack blunting. As shown in [51,52], crack
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growth is hindered by substantial crack blunting, which thereby gives the material higher toughness. In NC metals with fin-
est grains, when a dislocation is emitted from a crack, it stops at the GB spaced closely to the crack tip (Fig. 6). Even one such
a dislocation prevents new dislocation emission events owing to elastic repulsion between dislocations [66,67]. Therefore,
dislocation emission cannot be activated to induce significant crack blunting. As a consequence, the NC metal tends to exhi-
bit low resistance to crack growth.

On the other hand, it is also reported that [259] NC nickel with grain size of �20 nm has higher crack growth resis-
tance than its CG counterpart. Similar observations [260–263] on enhancing fracture toughness are also reported on NC
ceramics. These observations indicate [217,264–271] that unique toughening mechanisms can operate in NC materials,
which are not effective in CG materials. Examples include stress-driven GB migration [217], nanoscale deformation twin-
ning [272], Ashby-Verall creep [270,271], GB sliding [264], nucleation of nano grains [265], rotational deformation
[266,267], and GB rotations [268] near crack tips. In recent years, it has been proposed that interacting deformation
modes cooperatively operate near crack tips and affect crack growth processes and thus can enhance fracture toughness
in NC materials [247,273–279].

Thus, in metallic nanomaterials having fine grains, dislocation slip is often dominant at room temperature. Due to very
small grain sizes and high density of GBs in these materials, they typically exhibit low strain hardening and thereby low
ductility. In NC metallic materials with finest grains (d < dc) and very high density of GBs, GB-mediated deformation
effectively contribute to plastic flow. These mechanisms, including GB sliding, deformation twinning, partial dislocation
emission from GBs, rotational deformation and stress-driven migration of GBs, are characterized with very high flow stres-
ses being near the critical stresses for crack nucleation. In addition, NC metallic materials having finest grains have extre-
mely high density of GB junctions at which plastic deformation mediated by GB mechanisms is hampered. Consequently,
plastic strain inhomogeneities and associated stress concentration are rapidly created at GB junctions as plastic
deformation progresses.
4. Key factors affecting the ductility of metallic nanomaterials

The key factors that determine the ductility of NS materials include:

1. Testing conditions (temperature, strain rate, specimen geometry for small non-standard samples).
2. Microstructures, which are determined primarily by processing history.

Concerning the testing conditions, it is well known [171,280,281] that under certain temperature and strain rate condi-
tions, NS materials can display enhanced ductility and even exhibit superplasticity, i.e. demonstrate tensile uniform elonga-
tion to failure of more than 400% and show increased strain rate sensitivity. Superplasticity of NS materials usually occurs at
lower temperatures and/or higher strain rates than their CG counterparts. The superplasticity of NS materials has been dis-
cussed in several recent reviews [281,282]. In Section 3.4 we briefly analyzed GB sliding as the main mechanism of super-
plasticity. However, detailed examination of this issue is beyond the scope of this work, as superplastic flow is usually
demonstrated at elevated temperatures, although recently a number of works have been published on superductility and
superplasticity of NS alloys even at room temperature [165,283].

Below we discuss in more detail the structural features of NS materials and their influences on ductility at ambient and
lower temperatures. For illustrative purposes special attention will be paid to NS materials produced by consolidation of
nanoparticles [284,285] as well as by SPD techniques that over the last two decades have attracted extensive interest accord-
ing to the growing number of publications with top citation index [286] as well as numerous subject-related conferences,
seminars and symposiums (www.nanospd.org).

As noted above, application of SPD, in which very large plastic deformation is used under high pressure with accumulated
strains e exceeding �4–6 [1,21,23,287], allows producing ultrafine grains (UFG) of submicron sizes and even nano-size
(<100 nm).

The pioneer works on fabrication of UFG materials by SPD were performed in the end of 80th – beginning of 90th by
Valiev et al. [170,288] (see also recent reviews on nanoSPD history) [281,289] and to date the SPD processing has become
a major approach for producing metals with ultrafine and nanosized grains [47,281]. Several different SPD techniques for
fabricating nanomaterials have been developed [21,23,287,282], among which equal-channel angular pressing/extrusion
(ECAP/ECAE) [23,290] is the most successful to date. High-pressure torsion (HPT) [1,291] is another extensively studied tech-
nique. These methods were proposed and used in earliest works to produce UFG materials [1,170]. HPT is particularly
promising for fundamental studies since it can refine grains to below 100 nm and form high-angle grain boundaries
[292–294]

SPD can also lead to unusual phase transformation such as a dissolution or formation of second phases, disordering, amor-
phization, providing different nanostructures such as nanotwins, non-equilibrium GBs, dislocation cells, solute clusters and
segregations [30,295,296]. Such changes in material structure can affect the mechanisms of deformation and fundamentally
modify the material properties. Consequently, SPD processing has enabled the development of structural and functional met-
als and alloys with superior and exceptional properties [13,23,30,70,73,129,293–298].

http://www.nanospd.org
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Below we outline four key nanostructural attributes in SPD-processed metals [1,30,295,296], which are the basis for their
remarkable mechanical and functional properties and the discovery of which was made possible through the application of
new and modernized imaging and characterization techniques over the past decade.

4.1. Structure of grain boundaries (GBs) in NS materials

NS materials have a very high density of GBs, which renders them unique and new properties. Therefore, NS materials
may be considered as interface-controlled materials [1,23,299].

Gleiter and co-workers performed pioneering work on NC materials, in which it was assumed that GBs can have unique
atomic structures that are different from GBs in conventional CG materials [2,299]. Particularly, this is important for NS
materials processed by SPD methods [23].

GBs of various kinds can be generated in NS materials processed by SPD (large and small-angle, special and random, equi-
librium and non-equilibrium GBs with containing extrinsic dislocations) [1,81,295,296] and this is the basis for GB engineer-
ing of NS materials, i.e. controlling their properties by varying GB structure using different SPD routes and regimes [23,300].

‘‘Non-equilibrium GBs” was suggested for the first time in the late eighties [301] and [302] according to interactions
between high-angle GBs and lattice dislocations. Following [1,302], three main features can be distilled out in the formation
of non-equilibrium GBs: the excessive elastic energy, increased free volume and the existence of long-range elastic stresses
(Fig. 35). The increase in excess of free energy and long-range lattice distortions in vicinity of non-equilibrium GBs can be
described in terms of dislocations captured by GBs and incorporated into their structure. Such ‘‘uncommon” GBs were called
‘‘non-equilibrium”, however, as a matter of principle, all GBs can be considered as non-equilibrium if not taking into account
the effects of segregation (see Section 4.3). In this paper we use this term for characterizing the GBs with strain-distorted
structure as non-equilibrium GBs [81] because it has been admitted and used by the SPD-related association.

Nazarov, Romanov and Valiev created a model for such non-equilibrium GBs in a number of works [303,304] dealing with
GBs behavior and formation. Dislocations formed while gliding toward high-angle GBs and then, after having been captured
by a boundary, form specific configurations of ‘‘extrinsic GB dislocations,” meaning the dislocations which locally modify the
initial (pre-deformation) misorientation of the two adjacent grains, but collectively does not contribute to the overall misori-
entation across the GB. Random GBs populated by those extrinsic GB dislocations are characterized by excess energy as well
as by significant microdeformation related to the GB region [303], as a combined effect. Recently this approach has been fur-
ther developed by Romanov et al. [305].

Previous investigations of GBs in NS materials processed by SPD, used various, often complementary, characterization
methods: TEM, XRD, Mössbauer spectroscopy, dilatometry, differential calorimetry, etc. (see, e.g. [1]). It was revealed that
Fig. 35. Schemes of two types of grain boundaries by thought cuts: a ? b perfect equilibrium grain boundary; c? d and a ? f non-equilibrium, strain-
distorted grain boundaries; e and g GB dislocation complexes illustrating the same elastic distortions as in (d) and (f) [302].
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high-angle GBs in materials produced by advanced SPD techniques have particular non-equilibrium structures. Afterwards,
structure sensitive probes were used to study atomic structure transformations, such as GB diffusion measurements or high-
resolution TEM studies, to determine and describe modifications of GB structure in relation to SPD processing.

For instance, extremely high dislocation density combined with facets and steps at GBs was revealed in NS Al-3% Mg alloy
subjected to HPT [306] resulting in non-equilibrium GBs with a crystalline lattice distortion area of �5–7 nm [1,23], which
significantly affects the properties of the alloy. HRTEM was also applied for studying the origin of GBs in Ni3Al subjected to
severe deformation and annealing [172]. The micrograph of a boundary segment in sample subjected to annealing at 650 �C
is demonstrated in Fig. 36a. The GB line looks highly distorted. One can observe a few zones, where (1 1 1) lattice fringes are
absent, or are resolved, assuming local distortions of crystal lattice. This fits to another HRTEM observation of metals after
HPT [306] that showed non-equilibrium GB structure in these materials. Another grain boundary in the same sample that
was parallel-oriented to the incident beam is demonstrated in Fig. 36b. The GB is sharp being less than 0.5 nm in thickness,
which is equivalent to a few interatomic distances. Interestingly, the boundary is still wavy but the lattice fringes are
complete through the boundary. Termination points of lattice fringes are indicated as \. These features are associated with
additional planes, which can be interpreted as GB dislocations. The study of several GBs in UFG Ni3Al with the following
annealing at 650 �C showed that these boundaries still preserve their non-equilibrium state, being relaxed only partially.
Huang et al. compared the HRTEM images of GBs with those of simulated GBs with the same misorientation in NS copper
processed by SPD, and found that excessive extrinsic dislocations indeed exist in GB segments, which renders the GB higher
energy and make there GB segments non-equilibrium [35].

Earlier studies [1,306] revealed serrated contrast character by TEM and HRTEM analyses, which indicates high local den-
sity of dislocations in non-equilibrium GBs. Due to the possible Moiré effect near interfaces and taking into account delocal-
ization of information due to aberrations of HRTEM electromagnetic lens system these findings required further clarification,
which became possible in Cs-corrected TEM. Fig. 37a demonstrates an HRTEM micrograph of GB in Pd90Ag10 alloy, which
was subjected to severe deformation by numerous rolling and folding [307], a process similar to an earlier scheme [308,309].
The GB was shown in a non-equilibrium state with respect to interpretations provided in [1]. It was represented by faceted
(Fig. 37a) interface between two neighboring grains, oriented along h1 1 0i direction. Such GBs are typically observed in SPD
materials [1,23,310].

To establish whether the image of the observed distorted grain boundaries is in non-equilibrium state, the local microdis-
tortions of crystal lattice at GB area (Fig. 37a) were calculated by geometric phase analysis (GPA), which makes it possible to
calculate relative magnitudes of in-plane components of strain tensor as well as of rigid body rotation tensor as for reference
lattice, basing on the intensity distribution in HRTEM [307,311]. The HRTEM analysis can be found in [312]. Fig. 37b partly
shows this analysis in the capacity the rigid body rotation. Further to disorientation of two adjusting grains, distinct and con-
siderable color variation designating variation of lattice relative rotations becomes evident in area near the boundary. It is
important to emphasize that the bright spots (‘‘hot spots”) in Fig. 37b relate to the areas with occurrences of discontinuity in
transmitted phase of electron wave, in other words core region positions of full or partial dislocations are designated with
these spots. In addition to this, local structures within distorted GB region which demonstrate local reorientation of crystal
lattice regions may as well contribute to these bright characters in deformation maps, considering that linear density of hot
spots (roughly measured as 109 m�1) is clearly excessively high for correlation with only extrinsic GB dislocations.
Fig. 36. Grain boundaries in nanocrystalline Ni3Al annealed at 650 �C for 30 min: (a) The boundary is wavy and corrugated in the regions A and B, the (1 1 1)
lattice fringes are weakly defined, illustrating local distortions of crystal lattice. In (b), steps or ledges are shown for another GB containing dislocations
marked by \ [172].



Fig. 37. (a) HRTEM image illustrating two grains in nanocrystalline Ag10Pd90 alloy, which are rotated by an angle of 23.7�. The grain boundary is wavy and
faceted. Fourier transformations of micrographs are presented as inserts. (b) Deformation map demonstrating in-plane rigid body rotation xy (rotations on a
scale from �50� to +60� (anticlockwise positive) are seen). Hot spots in bright yellow color, which are discernible at high density along the GB, are classified
as dislocation cores. Greenish color of upper grain corresponds to a zero rotation taken in capacity of Ref. [307].
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Thus, taking into account that the GB structure dominates in UFG materials, it is possible to draw the following conclu-
sions from recent studies:

	 UFG materials contain non-equilibrium GBs with strain-distorted structure, which have excessive Gibbs free energy,
enhanced free volume and enhanced stresses associated with the distortions of near-boundary region due to high density
of GB dislocations.

	 The structural width of such non-equilibrium GBs is of the order of few nanometers, which is significantly larger than that
of the relaxed high-angle GBs in annealed CG materials. This conclusion correlates well with the recent data of theoretical
analysis [226,305,313].

4.2. Nanotwins in metallic nanomaterials

A high density of SPD-produced nanotwins was found in different NS metals and alloys. Fig. 38 demonstrates twins with
typical spacing of 10–20 nm revealed by TEM in UFG Cu produced by SPD processing and rolling at cryogenic temperatures
[129]. Deformation twinning can be promoted by decreasing stacking fault energy value by alloying, deformation at either
high strain rate or low homologous temperature [13]. There is an optimum grain size for deformation twinning
[13,118,128,314]. This optimum grain size is can be calculated from the following equation [13]:
Fig. 38. BF TEM image of the typical grain with deformation nanotwins in UFG copper produced by ECAP and cryogenic rolling [129].
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where dm is the optimum grain size, c denotes the value of stacking fault energy, a - lattice parameter, m - Poisson’s ratio, and
G - the shear modulus.

Experiments and molecular dynamics simulations have also found that mechanisms for deformation twinning in
nanocrystalline metals can be changed from those governing twinning in coarse-grained materials (see Section 3.2). This
leads to the observation of different types of strain-induced twins in NS metals [13]. Also, it has been well illustrated that
the formation of deformation twins can improve both the strength and ductility of nanostructured materials (see also
Section 5).

4.3. Segregations in nanostructured SPD-processed alloys

A few cases of indirect evidence of GB segregation has been reported in SPD-processed NS materials, where thermal sta-
bility was studied as function of impurity level in nickel [315] or Sb concentration in copper [316]. Nevertheless, only lately
direct proof of GB segregation in different UFG materials subjected to SPD has been reported, mostly on the basis of atomic
scale specification taking into account atom probe tomography (APT) [317–320]. The method offers only very limited crys-
tallographic data and the GB misorientation commonly remains uncertain. Furthermore, it is possible to investigate only
small GB areas, which makes it difficult to obtain sufficient statistical data. Meanwhile, it was confirmed that SPD-
induced segregation at GBs is not a crucial character and can be noticed in various alloys.

In particular, 3D atom probe tomography (APT) was applied to establish that SPD can interfere with precipitate formation
in age-hardening alloys rather than contributing to clustering and segregation of alloying elements [295,317–322]. For
example, the data in Fig. 39 [319] demonstrate that segregations at GBs generate clusters of �3–5 nm width in age-
hardening 7075 Al alloy. Furthermore, concentration of alloying elements at GBs can be one order of magnitude larger than
in grain interior [317,319,321].

It has been suggested [295,296,321] that non-equilibrium GB can include a greater number of segregating atoms than
relaxed interfaces. APT data demonstrated as well that GB segregation is inhomogeneous and Mg concentration in solid
solution can considerably differ from grain to grain [319,321]. These observations indicate that local GB configuration and
particularly dislocations lying at or near boundaries may affect distribution of solute elements.

To further study this important point, a systematic investigation to unveil the microstructure modification of a low-
alloying Al–Mg–Si Al alloy (AA6060) processed by HPT at different temperatures was performed in [322]. Transmission
39. The APT image of UFG 7075Al alloy. Grain boundary segregations of alloying elements and their view at triple junctions are shown [319].



Fig. 40. Typical atom maps of AA6060 alloy processed by HPT at RT with ten revolutions: Mg map (a), Si map (b), composition profiles across GB1 (c),
composition profiles across GB2 (d), nearest-neighbour distribution of Mg (e) and nearest-neighbour distribution of Si (f) [283]
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Kikuchi diffraction (TKD) in SEM [323] was employed to reveal ultrafine grains and the texture of the alloy. APT was used to
examine the distribution of solute atoms.

Fig. 40 [322] shows atom maps of a sample after ten-revolution HPT processing at RT. The analyzed volume contains two
GBs (GB1 and GB2) enriched with Si as shown in Fig. 40b. The composition profiles across GB1 and GB2, as shown in Fig. 40c
and d, respectively, indicate that GB1 is only enriched with Si, but shows no clear segregation of Mg. In contrast, GB2 is
enriched in both Si and Mg. This points that GBs may have various segregation features according to the origin of each
GB. GB1 had weak solute segregations with Mg and Si. In contrast, GB2 had strong solute segregations. The nearest-
neighbour analysis of Mg and Si, as shown in Fig. 40e and f, confirmed that Si atoms developed more inhomogenous distri-
bution than Mg atoms. Inhomogeneous distribution of GB segregations was also observed in the alloy after HPT at 100 �C. At
the same time their cluster distribution becomes more visible.

It is also important to note that the UFG alloys with GB segregations exhibit a very high yield stress after HPT processing,
which in many cases considerably exceeds that predicted by the Hall–Petch law [319,321]. These results clearly indicate that
grain boundary segregations can considerably influence on strain mechanisms (dislocation nucleation and glide) in nanos-
tructured SPD-processed materials (see also Section 6).
4.4. Precipitations of second phases during and/or after SPD

SPD processing affects not only the segregation of solutes at GBs, but also the precipitation behavior. Several mechanisms
have been reported responsible for the SPD-induced modification of precipitate microstructure: (i) the fragmentation and
dissolution of pre-existing precipitates due to high strain applied by the processing [324–326]; (ii) accelerated precipitation,
which is observed in alloys processed by SPD due to dynamic aging [318,327–329]; (iii) changing in the orientation of



Fig. 41. TEM picture of UFG AA6061 alloy produced by ECAP with parallel channels: The nanosized precipitations can be observed inside the grain due to
dynamic aging in areas A and B [330].
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precipitates in the matrix, which leads to isotropic growth of the precipitates into a spherical morphology due to the loss of
the low-energy interface between the precipitates and the matrix [318].

Formation of precipitates was noticed in various SPD-processed alloys after solution quenching [23,296]. Fig. 41 provides
the instance of these nano-particles with dimensions �10–20 nm precipitated in UFG AA6061 after ECAP-PC [330]. The
nano-particles nucleated via dynamic aging contribute to precipitation hardening. Nevertheless, dimension and morphology
of precipitates are commonly highly dependent on SPD processing regimes (temperature, applied strain, pressure, etc).
Recently, the approach was employed to develop a novel way for producing NS Al alloys for new generation conductors
[296,331]. The strategy proceeds from combination of strengthening mechanisms of together with electrical conductivity
factors through formation of required UFG states by SPD at room temperature followed by SPD or heat treatment at elevated
temperatures to decompose the oversaturated solid solution into nanoscale precipitates due to dynamic aging. The UFG
microstructures with second-phase nanoprecipitates may exhibit enhanced mechanical strength as a result of grain bound-
ary strengthening and precipitation hardening. Decreasing the concentration of alloying elements and suppressing formation
of Guinier-Preston zones in the grain interior considerably improved electrical conductivity. As an experiment, AA6201 was
selected as a material commonly utilized for electrical conductors [331]. The alloy were treated for solid solution and pro-
cessed by means of HPT with unconstrained anvils [291]. Three temperatures of treatment were selected: room temperature
(RT), with subsequent deformation at 130 �C, 180 �C and 230 �C.

TEM revealed very uniform UFG microstructure with an average grain dimension of �130 nm [331]. The grain interior is
characterized with low density of lattice dislocations. At the same time, high residual stresses resulting from the non-
equilibrium GBs with extrinsic dislocations were indicated by spots propagation on a chosen region of electron diffraction
patterns and extinction lines inside grains [295,306].

The UFG microstructure can be further affected by straining at elevated temperatures. Table 1 contains the results of
microstructural characterization of the AA6201 alloy after HPT. The presence of spherical second-phase nanoprecipitates
is a considerable feature of such microstructures. The mean dimension of second-phase precipitates grows with increasing
HPT temperature. At 130 �C the precipitate size is 10 nm, increasing processing temperature to 230 �C increased g the size to
50 nm (Table 1). Those nanoprecipitates were identified as b-Mg2Si, which are commonly formed due to dynamic aging dur-
ing SPD processing of Al–Mg–Si alloys at elevated temperatures [320,332,333]. Such nanoprecipitates are noted to have a
different morphology in contrast to the needle-shaped nanoprecipitates formed during static aging. X-ray measurements
clearly indicate considerable reduction in lattice parameter of the Al matrix after HPT processing (Table 1), thus demonstrat-
ing the strong decomposition of oversaturated solid solution. That is consistent with recent observations by the 3D APT
Table 1
Microstructure and mechanical properties of the AA6201 alloy in the studied conditions [331].

Processing Microstructure a [Å]

Solid solution treated CG, d = 65 mm 4.0526
T81 CG, d = 65 mm 4.0512
HPT at room temperature UFG, d = 130 nm 4.0521
HPT at room temperature + HPT at 130 �C UFG, d = 280 nm, dp = 10 nm 4.0509
HPT at room temperature + HPT at 180 �C UFG, d = 440 nm, dp = 30 nm 4.0505
HPT at room temperature + HPT at 230 �C UFG, d = 960 nm, dp = 50 nm 4.0500

d grain size; dp size of second-phase precipitates; a lattice parameter.
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technique [295,331]. The occurrence of ordinary banded diffraction contrast at GBs points to substantial recovery of non-
equilibrium GBs while HPT at elevated temperatures [1,331].

The above results indicate that SPD processing is a powerful tool for modifying nanostructures in metallic materials. In
principle, different microstructural parameters (grain size, GB state, density of dislocations, segregations of solute atoms,
etc.) may be obtained in materials subjected to SPD to engineer their mechanical and functional properties. Next Chapter
reports several bright examples of the influence of grain refinement on the ductility of metallic nanomaterials.

5. Basic strategies for improving ductility of metallic nanomaterials

As already discussed in previous sections, in order to enhance the ductility of metallic nanomaterials without dramatic
loss of their strength, it is necessary to suppress both plastic strain instability and crack nucleation/growth instabilities.
In metallic nanomaterials with fine grains, dislocation slip is dominant at room temperature, and plastic strain instability
(necking) is typically responsible for low ductility; for details, see Section 2. In short, the instability often occurs at low plas-
tic strain in NS metals because dislocation generation and slip are different in NS metals as compared to ductile CG metals.
During the deformation of CG metals, dislocations are intensively generated and stored within large grains, producing strain
hardening. In NS metals dislocations are mostly generated, stored and annihilated at/near GBs, especially when the grains
are very small and GB area per unit volume is very large. After some initial stage of deformation, the GB-controlled disloca-
tion activities in metallic nanomaterials gives rise to a dynamic equilibrium, i.e. a dynamic balance between an increase in
the dislocation population through their nucleation at GBs and its decrease through annihilation of dislocations at GBs, a fast
process controlled by fast diffusion along GBs [24]. Strain hardening is absent in the dynamic equilibrium, leading to early
plastic instability during tensile tests (Section 2). Since the ductility can be regarded as the tensile plasticity, the early plastic
instability during tensile test leads to low ductility [30,47].

Following the above discussion, we can list several general principles that can be used to enhance ductility in NS metals
with fine grains:
Principle I: Disrupt the balance between the dislocation storage and the dislocation annihilation at GBs in NS metals.
Strategies are elaborated, based on the formation of deformation-distorted GBs in NS metals (for details; see Section 5.1)
and deformation of such metals at cryogenic temperatures (Section 5.3).
Principle II: Relocate the storage of dislocations from GBs to the interiors of ultra small grains, where dislocations are
annihilated slowly owing to slow bulk diffusion. Strategies developed based on this principle include the formation of
nanotwinned structures (Section 5.2); tailoring stacking fault energy via alloying (Section 5.4); precipitation-hardening
(Section 5.6); and insertion of carbon nanotubes into NS metal matrixes (Section 5.7).
Principle III: Architecture a heterostructure consisting of grains of various scales, in which mechanical incompatibility
between heterogeneous domains causes back stress hardening to increase the strength and ductility. The mechanical
incompatibility leads to strain gradient near the boundaries of heterogeneous domains, which has to be accommodated
by geometrically necessary dislocations and consequently produces large back stress hardening and back–stress strain
hardening. Strategies developed using this principle include heterogeneous lamella structures (Section 5.5) and
gradient-structured metals (Section 5.6). Note that the principle III is also applicable for ductility enhancement in NC
metals having finest grains, where GB deformation mechanisms effectively operate and create defects at triple junctions
of GBs.
Principle IV: Smooth (in a controlled, optimized way) plastic strain inhomogeneities at triple junctions that serve as dan-
gerous stress concentration sites during the deformation of NS metals with finest grains. With this principle, one prevents
or at least delays nucleation of triple junction cracks and provides a moderate strain hardening that suppresses plastic
strain instability (Section 5.1). A strategy using this principle is fabrication of deformation-distorted GBs characterized
by high diffusivity to enhance stress-releasing diffusion.

5.1. Grain boundary processes and enhancement of ductility

5.1.1. Enhanced ductility of NC metals
Although most metallic nanomaterials exhibit disappointingly low ductility, there are several experimentally docu-

mented examples of good ductility at room temperature. Of special interest are experimental data [86,252] on single-
phase NS metals without artifacts, which are characterized by narrow grain size distributions and demonstrate enhanced
ductility.

In the experiments [86,252], NS copper and Al-5%Mg alloy having mean grain sizes of 23 and 26 nm, respectively, were
fabricated by in-situ consolidation during ball milling. These NS materials demonstrated both ultrahigh strength and good
ductility [86,252] (Fig. 42). They show strain hardening and ductile fracture with dimples on the fractured surfaces. Also,
dislocation slip was observed to be active in these Cu and Al-5%Mg alloy. Based upon these experimental data, Youssef
and co-workers [86,252] attributed both the strain hardening and thereby the enhanced ductility to dislocation storage in
the grain interior. However, this explanation does not address the microscopic mechanisms responsible for the generation
and storage of dislocations in the interiors of nanoscale grains. The dislocation behavior is of critical importance, because, in
most cases, the lattice dislocation generation and storage in nanoscale grains are very limited or even completely



Fig. 42. A typical tensile stress-strain curve for the bulk in situ consolidated nanocrystalline Cu sample in comparison with that of a coarse-grained
polycrystalline Cu sample (an average grain size larger than 80 lm) and a nanocrystalline Cu sample prepared by an inert-gas condensation and compaction
technique (with a mean grain size of 26 nm) [86].
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suppressed. Conventional dislocation sources (like Frank-Read ones) no longer exist in nanoscale grains (see Section 5), and,
even if dislocations are generated, they tend to be attracted to GBs, where these dislocations are absorbed due to the image
forces [334–336].

The experimental data [86,252] on simultaneously high strength and good tensile ductility of NS metals with narrow
grain size distributions are logically explained using the concept [5,337] on interaction of deformation modes, with opti-
mization of GB sliding and diffusion processes [176] taken into account. Following Ref. [176], let us consider this explanation
in detail. GB sliding in metals is often accommodated by emission of dislocations from triple junctions and produces wedge
disclination dipoles at these junctions [174,176] (Fig. 17). The wedge disclination dipoles provide significant strain harden-
ing in NS metallic materials. The theoretically estimated strain hardening [174,176] is so high that it leads to the experimen-
tal values of the flow stress at very small values of plastic strain (for instance, 0.01–0.02, for Ni, and less than 0.01, for Cu).
Although plastic instability is effectively suppressed by such a pronounced strain hardening related to GB sliding, the hard-
ening also typically promotes crack nucleation and growth, which cause early fracture. However, in the observed good duc-
tility [86,252] in NS metallic materials, the moderate strain hardening can be logically attributed to effectively accommodate
GB sliding. For instance, GB diffusion in NS metals is capable of dramatically decreasing or even completely removing both
the stresses and strain hardening created by disclination dipoles. Following [176], in certain conditions that optimize GB
sliding and diffusion processes, GB diffusion can suppress crack nucleation and growth, resulting in good ductility of NC met-
als. In addition, the GB sliding mechanism should also have relatively high strain rate sensitivity, which helps with improving
ductility. The optimization means that the diffusion rate is low enough to suppress strain instability but, at the same time,
high enough to reduce strain hardening and suppress nucleation of cracks, for a specific strain rate. Besides, for a specific
strain, one can distinguish some interval of temperatures and strain rates at which a NS metallic specimen is stable to delay
both necking and catastrophic fracture (Fig. 43) [176].

In this situation, the Hart criterion (4) for stability of tensile deformation relative to localization can be re-written in
terms of the strain rate sensitive and insensitive parts as [176]:
h0 þ hdif þm > 1 ð15Þ

In Eq. (15), the strain rate insensitive term h0 is controlled by the applied stress when GB diffusion is absent. This positive

term h0 is associated with the strain hardening produced by disclinations. In Eq. (15), hdif and m are sensitive to strain rate.
The second term – the conventional strain rate sensitivity m defined by formula (3) - is always positive. The hdif is always
negative, which describes the effect of diffusion on the strain hardening. Estimates given in Ref. [176] show that hdif is much
larger than m. As a consequence, the sum (hdif + m) of the terms sensitive to strain rate is negative. Also, following Ref. [176],
in the situation where diffusion is fast enough and the strain rate is substantially low, the sum (hdif +m) can significantly
diminish the effective strain hardening presented in the left-hand side of formula (15). For example, in the case of NC copper
with grain size d = 10 nm at T = 330 K and plastic strain e = 0.05, for plastic strain rate _e = 10�4 s�1, one finds h0 = 11.5 and hdif
+m = �8.2. At the same time, for the same values of d, T and e as well as for _e = 10�2 s�1, we have h0 = 11.5 and hdif + m = �0.6,
respectively. Thus, the effective strain hardening h0 + hdif + m = 3.3 and 10.9, for _e = 10�4 s�1 and 10�2 s�1, respectively. This
indicates a trend that strain hardening increases with rising strain rate.

In the situation under discussion, the effective strain hardening diminishes due to GB diffusion. For instance, the effective
strain hardening decreases owing to GB diffusion down to values that allow plastic instability to occur in a NC metal in ten-
sile test. For example, in the case of NC copper with grain size d = 10 nm at T = 330 K and plastic strain e = 0.1, for plastic
strain rate _e = 10�4 s�1, one obtains h0 = 5.89 and hdif + m = �5.04, so that the effective strain hardening has value of 0.85.
For this value, according to the Hart criterion (15), plastic flow is unstable.



Fig. 43. Ductility maps of nanocrystalline Cu with the grain size d = 15 nm in the coordinates (T; _e), for e ¼ 0:05 (a) and e ¼ 0:1 (b) [176].
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To summarize, following analysis given in Ref. [176], fast diffusion can significantly diminish strain hardening, thereby
leading to necking. On the other hand, when diffusion rate is low, the flow stress can increase up to levels at which cracks
are intensively generated and grow, resulting in the catastrophic fracture of a NC specimen. In these circumstances, for a
specified plastic strain, a range of strain rates and temperatures exists in which a NC metallic solid is stable (Fig. 43)
[176]. With increasing strain, the range in question shrinks. The range can even disappear, when strain reaches its critical
value. In this case, the optimization of conditions (strain rate, temperature) for tension of a NC metallic specimen becomes
useless for its ductility enhancement through suppression of necking and brittle fracture.

For instance, Fig. 43 presents the ductility maps for NC copper in coordinates T and _e, for e = 0.05 (Fig. 43a) and e = 0.1
(Fig. 43b). The curves in Fig. 43 separate the parameter regions where NC copper under tensile load is stable at a given strain
e from the regions where it is unstable (either necking or fracture). As it follows from Fig. 43, NC copper can exhibit substan-
tial ductility over a certain range of strain rates _e and temperatures T. With increasing plastic strain e, the middle parameter
region in the maps (where NC copper demonstrates ductile behavior) shrinks (Fig. 43), and this region completely disappears
at some critical plastic strain ec that does not depend on T. In the case of NC copper with the parameter values specified
above, one has: ec � 0.15 [176].

The maps in Fig. 43 are not quantitatively accurate due to approximate calculations and uncertain values of several
parameters, which are sensitive to the fabrication history and structural characteristics of a specimen in its initial, pre-
deformation state. Nevertheless, the maps show the existence of a range for deformation parameters with which NC metals
are intrinsically ductile owing to optimization of GB sliding and diffusion. With rising plastic strain, the range shrinks, and at
critical plastic strain ec the NC metal becomes unstable to failure at any strain rate _e and temperature T.

Finally, notice that dislocations are emitted from triple junctions in order to accommodate GB sliding (Figs. 15 and 17).
These dislocations have the following two effects. First, dislocations are absorbed by GBs where they glide and climb,
enhancing GB sliding and producing GB vacancies and interstitial atoms that enhance GB diffusion [5,168]. Second, disloca-
tions emitted from triple junctions can be stored in grain interiors, due to interactions with other dislocations and GB
defects. In these circumstances, the experimentally observed dislocations, as noted by Youssef et al. [86], can contribute
to the strain hardening and thus improve ductility. However, in the experiments [86], dislocations were observed by TEM
near growing crack tips where extremely high local stresses operate, and the stress screening effects of crack free surfaces
are pronounced. With these factors, conditions for dislocation generation and storage in vicinities of crack tips are much
softer compared to those in nanoscale grain interiors located far from crack tips. Therefore, dislocation activity can be sup-
pressed in regions far from crack tips, and its real contribution to the strain hardening of NC metals with narrow grain size
distributions can be insignificant.

Thus, the concept [5,337] on interaction of deformation modes in NC metallic materials with smallest grain sizes, taking
into account optimization of GB sliding and diffusion processes [176], gives at least semi-quantitative explanation of the
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experimentally observed [86,252] good tensile ductility of NC metallic materials that do not contain artifacts are character-
ized by narrow grain size distributions at low temperatures. Representations of this concept may be also relevant in descrip-
tion of other experimentally observed examples of enhanced ductility shown by NS materials at room temperature.
5.1.2. Enhanced ductility of NS SPD-processed metals
The ductility of NS materials produced by SPD is usually rather limited under normal testing conditions [28,168]. It is

found [338] that strength and ductility usully trade off with each other [4,339].
In 2002 a pioneer study by Valiev et al. [338] reported on a new trend in the field which got a name ‘‘the paradox of

strength and ductility”. In Fig. 44 a plot for relation between strength and ductility is drawn. One can see that majority of
metals (Al, Cu, Co, Mg, etc.) obeys the general trend to sacrifice the ductility for the sake of strength and their plotted values
lie below an approximating curve [338]. However the data related to NS Ti, produced by HPT as well as for NS Cu, produced
by multi-pass ECAP are situated far beyond this curve, revealing an extraordinary strength coupled with good ductility. In
order to achieve this combination one should subject the material to high-strain SPD and produce UFG metals with high-
angle GBs promoting GB sliding which boosts up the strain rate sensitivity value [338]. Lately, similar trend was reproduced
for the case of Cu [340], an Al–3%Mg alloy [341]. These results open an intriguing new possibility to enhance strength and
ductility by SPD processing.

Indeed, as shown below, a number of strategies have been suggested to improve the ductility in NS metals with fine
grains while retaining their strength, including the introduction of nanotwins, formation of second-phase particles and
others. However, they are all based on strain hardening increase, leading to the deterring of strain localization and
consequently, enhancement of ductility (see Section 3). On the other hand, the variation of SPD processing parameters
may increase strain rate sensitivity through control of GB structure leading to enhanced GB sliding.

Several recent publications reported a rather general and relatively simple strategy to enhance the ductility of UFGmetals
fabricated by SPD. It involves conducting conventional SPD processing, say, by either ECAP or HPT, to very high strains
[164,340–342]. For instance, Mungole with co-workers revealed the role of HPT processing strain on strength and ductility
in a cast Al–7% Si hypoeutectic alloy [342]. The alloy was processed by HPT for different numbers of turns at room
temperature. The number of turns was chosen as N = 0, 1/4, 1, 5, and 10, corresponding to the estimated average strains
for the HPT disks as 0, �2.3, �9.2, �46.2, and �92.5, respectively [342]. Tensile tests were performed at 298 K and a strain
rate of 10�3 s�1, and the stress-strain curves are shown in Fig. 45 [342]. It should be noted that due to small sample size, the
elongation to failure presented in this figure and others reported in the literature may be significantly over-estimated
[31,32]. Fig. 45 shows that, with increasing number of HPT turns, the yield stress (YS), ultimate tensile stress (UTS) and strain
to failure increases.

Similar results were obtained for tension tests at 298 K and other strain rates ranging from 10�4 to 10�2 s�1. All the results
are summarized in Fig. 46 [342] that presents plots in three different forms. Fig. 44a shows the normalized YS vs. normalized
elongation to failure. The former is calculated as the measured YS normalized by YS of the as-cast specimen. The normalized
elongation to failure is calculated as the measured elongation to failure normalized by that of the as-cast specimen. Fig. 46b
and c present the dependences of the normalized UTS on the normalized elongation to failure and the normalized uniform
elongation, respectively.

Data in Fig. 46 are presented in the two areas divided by the vertical and horizontal dashed lines at which the normalized
quantities under discussion have value of 1 [342]. In this representation, the experimental data that correspond to conven-
Fig. 44. Conventional plot of yield stress against elongation to failure illustrating the paradox of strength and ductility: almost all UFG metals lie in the
shaded area below the solid curve but the two points labeled nano Ti and nano Cu are exceptions to the rule where nanostructures were achieved by using
SPD processing to impose very large strains [338].



Fig. 45. Representative plots of engineering stress versus engineering strain for samples tested under tension in the unprocessed condition and after
processing by HPT at 298 K: the tensile testing was conducted at 298 K under an initial strain rate of 1.0 � 10�3 s�1 [342].

Fig. 46. Variation of (a) the normalized YS and (b) the normalized UTS with the normalized elongation to failure and (c) the variation of the normalized UTS
with the normalized uniform elongation corresponding to the strain at UTS for samples processed by HPT at 298 K: data falling above the broken horizontal
line and to the right of the broken vertical line display a simultaneous increase in strength and ductility compared to the as-cast material and this is
designated the high strength–high ductility region whereas conventional behavior denotes an increase in ductility at the expense of strength or an increase
in strength at the expense of ductility [342].
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tional deformation behavior exhibiting concurrently high strength and low ductility, or conversely good ductility and low
strength, are shown as points in the area to the left and below the dashed lines. The unusual deformation behavior of NS
metals demonstrating concurrently enhanced strength and ductility corresponds to the points located within the large rect-
angular areas (Fig. 46a–c) each is bounded by the two dashed lines. Within these areas, both the normalized strength and the
corresponding elongation have values >1. These areas in Fig. 46a–c are designated as the regions of high strength–high
ductility.

From a microscopic viewpoint, the experimental observation of simultaneous high strength and reasonable ductility in
metals processed through SPD to extremely large strains is attributed to activation of GB sliding [168,338,342]. Note that
GB sliding is typically operative in metals at elevated temperatures nearly and above 0.5Tm, where Tm is the melting temper-
ature. Following [28,168,342], in NS metals subjected to high SPD strains, GB sliding substantially contributes to plastic flow
at comparatively low temperatures due to a large population of non-equilibrium (deformation-distorted) GBs with high-
angle misorientations and high diffusivity. This explanation is consistent with the experimentally observation [342] that
the Al–7% Si alloy specimens tested at the slow and intermediate strain rates (10�4, 10�3, 3.3
10�3 s�1) exhibit a more pro-
nounced tendency to have both high strength and good ductility, as compared to those tested at the highest strain rate (10�2

s�1). This tendency indicates that one should use comparatively low strain rates to obtain concurrently high strength and
good ductility under tension at ambient temperatures [168,342].

Note that the nature of enhanced ductility exhibited by strong NS metals subjected to high SPD plastic strains is not fully
understood and definitely needs further investigation. Specifically, there exist the following experimental facts [342] that
represent highly important and intriguing subjects for further examinations:

(i) With only a few exceptions, the UFG metallic specimens demonstrating an increase in both strength and ductility also
exhibit enhancement in both uniform and total elongations. At the same time, the UFG metallic specimens showing
conventional deformation behavior with high strength and limited ductility are characterized by larger decrease in the
uniform elongation, as compared to the total elongation.

(ii) The relative improvement in both strength and ductility is more pronounced for the specimens processed at the lower
temperature.

(iii) The number of HPT turns and associated plastic strain substantially influence the strain rate sensitivity m for the UFG
metals in tension tests at room temperature. The as-cast specimen exhibited an m � 0.03, the specimens after 1/4 and
1 HPT turn have m � 0.02, and the specimens after 5 and 10 HPT turns have m � 0.12 and � 0.14, respectively. Strain
rate sensitivity m with comparatively high values of � 0.12 and � 0.14 can enhance the ductility of UFG metals. How-
ever, this contribution is not very significant, as compared to that of strain rate sensitivity to superplasticity of UFG
and conventional microcrystalline metals at elevated temperatures, in which case m > 0.33 (often m � 0.5).

Note that, in parallel with very high SPD plastic strains, short-term anneal after SPD can also enhance ductility at low
temperatures [167,168,343–347]. For instance, the HPT-processed titanium with a mean grain size of 120 nm in room tem-
perature tension tests exhibits YS > 800 MPa, UTS = 980 MPa and elongation to failure = 12% [167]. Short anneal treatment
exerts rather significant effects on its mechanical properties in tension at room temperature. In particular, it was revealed
that both strength and ductility are highly sensitive to anneal temperature T and demonstrate their maximum values in
the range of T from 250 to 300 �C (see also Section 6.

Although grain growth can often mask or even suppress the effects of short term anneal on mechanical properties of NS
metals, there are experimental data indicating ductility enhancement due to short-term annealing associated with grain
growth. For instance, Andreau with co-workers [346] examined influence of short (10 min) anneal on strength and ductility
of a HPT-processed Al–1.0% Mg solid solution alloy with a pre-anneal mean grain size of around 200 nm. Following HPT, the
alloy specimens were subjected to 10 min annealing at some temperatures within the range 373–523 K and demonstrated
an increase in grain size. More precisely, there is no visible grain growth at 373 K. However, grain growth occurs and results
in grain size �360 nm, �940 nm and �1.98 mm at 432, 473 and 523 K, respectively. The structural evolution involving both
grain growth and changes in dislocation ensemble characteristics leads to corresponding changes in engineering stress-
strain curves for room temperature tensile tests with initial strain rate values of 10�4 and 10�2 s�1 (Fig. 47a and b, respec-
tively). In particular, the NS specimens processed by 10 turns with no subsequent thermal treatment exhibit high stresses,
but low ductility, while, after a 10 min annealing at 423, 473 or 523 K, the stresses become lower, and ductility becomes
remarkably higher (Fig. 47).

Thus, the unique combination of superior strength and enhanced ductility can be achieved in metallic nanomaterials
through SPD-processing to very high strains and/or short-term anneal after such a processing. In NS metals subjected to high
SPD strains, GB sliding substantially contributes to plastic flow even at comparatively low temperatures due to a large
amount of non-equilibrium (deformation-distorted) high-angle GBs and high diffusivity. At the same time, the nature of
enhanced ductility exhibited by SPD-processed NS metals is not fully understood and definitely needs further investigation.
In particular, it is important to pay attention to GB structure, which may vary significantly depending on the SPD processing
regimes (see Section 4), which have significant influence on GB sliding and as a result, on the ductility of NS materials. Par-
ticularly, recent studies [165,283] demonstrated that existence of GB segregations in SPD-processed NS alloys make it pos-
sible to significantly activate GB sliding and give effect to very high tensile ductility of samples already at room temperature.



Fig. 47. Stress–strain curves at room temperature for the annealed material, after HPT through 10 turns and after HPT through 10 turns and annealing at
423, 473 and 523 K at (a) 1.0 � 10�4 and (b) 1.0 � 10�2 respectively [346].

I.A. Ovid’ko et al. / Progress in Materials Science 94 (2018) 462–540 509
5.2. Superior strength and good ductility of nanotwinned, ultrafine-grained metals

As discussed above in Section 3, when the grain size is very small, GBs may act as the dislocation source and sink without
accumulation in the grain interior [6,13,63,64,82,83,89–102], which leads to low strain hardening rate. To solve this problem,
twin boundaries can be engineered into the grain interior as dislocation barriers and accumulation sites. When dislocations
glide to a twin boundary, they can accumulate at the twin boundary if the applied stress is not very high [159,348,349].
When the applied stress is sufficiently high, dislocations can interact with the twin boundary in a number of ways including
transmission across the twin boundary [159,314,350–353], and detwinning [159,314,351]. In addition, twin boundaries have
also been observed to act as a dislocation source if there are steps on them [140]. These interactions between dislocations
and twin boundaries will help with dislocation activities and accumulation. Therefore, an ultrafine-grained metal containing
a high density of twin boundaries is predicted to be very effective to produce strain hardening, which consequently helps
with improving ductility. The blocking of dislocations by the twin boundaries and the high stress needed for dislocation
to react with the twin boundaries is expected to increase the strength.

	 From the above discussion, it is desired to engineer a high density of twin boundaries into the interior of ultrafine/nanos-
tructured metals to produce both high strength and high ductility. Twins can be produced by either growth or by defor-
mation. For example, nanostructured Cu film produced by electrodeposition has been reported to have high density of
growth twins [348,354,355]. The Cu film exhibited much higher strength and ductility than nanocrystalline Cu without
twins (see Fig. 48a). TEMmicrograph after tensile test shows dislocations deposited at the grain boundaries (see Fig. 48b).
The twin boundaries were very clean and sharp before the tensile testing [348]. These results clearly show that twins can
simultaneously increase the strength and ductility of NS metals. Nanotwinned thin film can also be prepared by
Magnetron-sputter deposition [356], pulsed laser deposition [146,357] and other thin film techniques. These twins are
normally considered growth twins, but high internal stress may exist to produce deformation twins [146]. However, thin
films are usually slow to grow and expensive, and usually not practical or useful for structural applications, where the
strength and ductility are critically needed.



Fig. 48. (a) High strength and high ductility of electrodeposited nano-twin Cu as compared with nanocrystalline (nc) Cu without twin. (b) Dislocation
accumulations at twin boundaries after tensile testing [348].
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Preexisting twins can also be formed by deformation, which can be used to process bulk materials large enough for prac-
tical structural applications. For example, high density of twins was produced in NS Cu by means of ECAP followed by cryo-
genic drawing and cryogenic rolling (see Fig. 49a) [129]. As shown, the deformation twins look different from growth twins
because they are formed by the slip of partial dislocations, and simultaneously interact with other dislocations. Therefore,
deformation twins usually contain dislocations at twin boundaries and interior, so that they look ‘‘messy” due to the strain
field caused by dislocations. It should be noted that these twins were formed during the cryogenic deformation, and were
preserved to the room temperature. ECAP at room temperature only refined the grain size to ultrafine grain size but did
not produce twins in Cu because their grains sizes were still too large to produce deformation twins at room temperature
[13]. These preexisting twins formed by cryogenic deformation were found effective in simultaneously increase the strength
and ductility of NS Cu, as shown in Fig. 49b.

The best way to utilize deformation twinning to increase the strength and ductility is for the NS metal to deform by twin-
ning and dislocation slip during the tensile deformation. This can be achieved by lowering the stacking fault energy (SFE) to
make twinning occur at room temperature and quasi-static strain rates that are typical of a normal tensile test
[297,358,359]. For example, Zhao et al. found that NS Cu-10%Zn alloy has both higher strength and higher ductility than
NS Cu processed by HPT (see Fig. 50). This was attributed to the lower SFE (22 mJ/m2) of the Cu-10%Zn alloy as compared
to Cu (41 mJ/m2). This trend was also observed later in the Ni-Co alloy system [360]. It was found that in the NS Cu-10%
Zn alloy both deformation twins and dislocations accumulated during the tensile test, which produced high strain hardening
to enhance ductility [297]. In contrast, in the NS Cu only dislocation accumulation was observed and the dislocation density
increase was not as high as in the NS Cu-Zn alloy.

From the above discussion, a NS fcc metal can be designed to activate deformation twinning to obtain both high strength
and high ductility. However, as discussed earlier, the grain size of a NS metal needs to be near the optimum grain size for
twinning to utilize this mechanism [13]. This optimum grain size can be calculated using Eq. (14), and is significantly
affected by SFE. In addition, alloying may affect the ratio of the SFE to the twin fault energy, which also affects the optimum
grain size [152,361]. There may be an optimum SFE for the best ductility (see Fig. 51) [358]. Zhao et al. observed that in the
Fig. 49. (a) Twins introduced into the nanostructured Cu during the cryogenic extrusion and rolling [129]. (b) Tensile engineering stress-strain curves
indicate that introduction of twins during the cryogenic extrusion and rolling after ECAP significantly increased the ductility and also improved the strength
of the nanostructured Cu.



Fig. 50. Stress-strain curves of nanostructured Cu and Cu-10%Zn alloy processed by HPT for 5 revolutions at room temperature under a pressure of 6 GPa
[297].

Fig. 51. Engineering and true stress-strain curves for nanostructured Cu, Cu-10 wt%Zn, and Cu-30 wt%Zn with stacking fault energies of 41 mJ/m2, 22 mJ/
m2, and 7 mJ/m2, respectively. All samples were processed by HPT for 5 revolutions at room temperature under a pressure of 6 GPa [358].
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NS Cu-Zn metal and alloys processed by HPT, when the SFE decreased from 41 mJ/m2 (Cu) to SFE = 22 mJ/m2 (Cu-10%Zn
alloy) to SFE = 7 mJ/m2 (Cu-30%Zn alloy), the ductility first increased and then decreased (see Fig. 51). It appears that the
Cu-10%Zn alloy with an intermediate SFE has the highest ductility. However, it should be noted that the Cu-10%Zn sample
has an average grain size of 110 nm, while the Cu-30%Zn sample has a grain size of only 10 nm. It is known that smaller grain
size has lower ductility for NS metals [69]. Therefore, it is highly possible for the Cu-30%Zn sample to have higher ductility
than the Cu-10%Zn sample if they both have similar grain size around 100 nm. This needs to be clarified through further
study.

An ideal NS/UFG structure for high strength and high ductility may possess the following features/deformation behaviors
[362]: (1) high-density of twin boundaries to increase the strength and to provide locations for dislocation accumulation, (2)
low initial dislocation density so that more room is available for dislocation accumulation and strain hardening, (3) defor-
mation by twinning during the tensile testing to effectively accumulate twins, stacking faults and dislocations, i.e. low stack-
ing fault energy plus appropriate grain size for twinning. Such an ideal structure was reported in ultrafine-grained 304L
stainless steel produced by reverse transformation of deformation-induced martensite (see Fig. 52a). As shown, ultrafine
grains that are largely free of dislocations but contain growth twins with straight, clean twin boundaries were produced.
After tensile tests for a strain of 28%, dislocations were accumulated inside the grains (Fig. 52b). Dislocations interacted with
twin boundaries, which became sites for dislocation accumulation, and stacking faults also formed and accumulated
between twin boundaries (Fig. 52c). The combination of these factors produced a combination of high strength and very
good ductility (Fig. 52d).

It should be noted that for fcc metals with very low SFE hierarchical twin structures with primary, secondary and even
tertiary twins have been engineered to further increase the strength and ductility [363–366].



Fig. 52. (a) An ideal UFG structure in 304L stainless steel produced by reverse transformation of deformation-induced martensite [362]. (b) TEM
micrograph after tensile test for 28% strain. (c) Dislocation interaction with twin boundaries and stacking faults. (d) Tensile mechanical behavior.
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5.3. Deformation of ultrafine-grained metals at cryogenic temperatures

The cryogenic behavior of NS materials is a relatively novel subject. Meanwhile, there are still a few publications demon-
strating that the cryogenic properties of NS materials could exceed those of corresponding CG materials or materials sub-
jected to cold rolling or other conventional deformation-processing. For example, in the study [367] excellent mechanical
properties were observed in bulk NS metals at cryogenic temperatures. Three metals, Ti, Fe and Cu, were produced via severe
plastic deformation using ECAP followed by cold rolling. This treatment allowed refinement of the grain structure of Cu down
to the average grain sizes of about 190–300 nm. For the case of Ti the final grain size amounted to 260 nm and for Fe it was
possible to reach the value of 200 nm. At room temperatures the NS metals demonstrated enhanced strength during tensile
tests, however stress-strain curves exhibited fast localization of strain and corresponding necking to occur at early deforma-
tion stage (see curve A in Fig. 53 for the case of Cu).

Curve B in Fig. 53 illustrates that for the same ECAP-processed Cu this plastic instability problem lessens at liquid-
nitrogen temperature (77 K). There is enhanced uniform tensile deformation as well as increased value for elongation to fail-
ure (%EL). On the true stress-strain diagram one can see the distinct strain hardening region at the corresponding curve
[368].

Besides improved ductility, Fig. 53 shows higher yield stress (�500 MPa) at the cryogenic temperature, significantly
exceeding the value corresponding to RT. Such significant temperature dependence has been observed as well in the hard-
ness data of a NC Cu [369]. As well known, CG fcc metals possess limited sensitivity of yield stress to the temperature (as well
as for the strain rate) [370,371] thanks to the fact that for dislocation slip low thermal activation is needed to move through
such obstacles as different configurations of internally stored dislocations. The NS fcc metals have enhanced temperature
sensitivity at RT and therefore, at cryogenic temperatures NS fcc metals will possess higher yield strength, as demonstrated
in Fig. 53.

Increasing strain rate has similar effect on strain hardening as lowering the temperature [371], which is true for conven-
tional metals. In Fig. 53, Curves from B to D show that the ultimate tensile stress [368], elongation (especially uniform one)
and the strain hardening tend to increase simultaneously when the strain rate is increased.



Fig. 53. Engineering stress–strain curves of nanostructured Cu. Curve A is for ECAP Cu tested at RT at a strain rate of 1 � 10�4 s�1. Curves B–D are for the
same ECAP Cu tested at 77 K, for strain rates of 1 � 10�4 s�1, 1 � 10�3 s�1, and 1 � 10�1 s�1, respectively. Curve E is for the 190 nm Cu (see text) tested at 77
K at a strain rate of 1 � 10�1 s�1. For comparison, Curve F shows the behavior of coarse-grained Cu over the first 40% of strain at 77 K and 1 � 10�4 s�1.
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ECAP processing of Cu with subsequent cold rolling combined with low-temperature thermal treatment, resulted in addi-
tional decreasing of grain sizes down to �190 nm [372]. Fig. 53 also illustrates the tensile curve obtained at 77 K for this
material (curve E) with yield stress of �700 MPa, which is considerably higher than the value typical for RT [372]. At the
same time, the material retains some strain hardening as well as uniform elongation region and reasonable ductility of about
25%. It should be noted that such level of ultimate tensile stress can hardly be reached in Cu nanostructured by the other
techniques [373,374] and in the case it is achieved the elongation to failure drops to less than 3% [373,375].

In Fig. 54 the tensile engineering stress–strain curves are drawn for the Ti (260 nm) specimen [65,376] tested at 77 K.
According to Curve A, the Ti demonstrates some ductility and a small uniform elongation at RT, whereas at 77 K a drastic
increase in strength up to �1.4 GPa is observed. Fig. 54 indicates a simultaneous growth of%EL, which increases with strain
rate up to a maximum of �20% rather than a reduction in ductility. The results obtained for strength and ductility in this
study exceed or are at the same level typical for the highly alloyed Ti [371,377]. The mechanical response (strain hardening
rate) at the cryogenic temperature was shown recently to be considerably enhanced by the 20% compression strain test
[377]. This allowed avoiding early necking, which is untypical for such strong materials.

Bcc metals are known for their yield stress dependency on temperature and at cryogenic temperatures it should be nota-
bly increased [371,378]. According to Fig. 55, a huge increment in ultimate tensile strength could be achieved in NS Fe (as
compared to CG one - see Curve A) when the grain size is decreased down to 200 nm. The high strength (more than 1.6 GPa)
provided by the additional athermal grain boundary strengthening can be comparable to some high-strength steels [368]. It
is even more impressive that the ductility of NS Fe at 77 K exceeds the ductility of Fe in CG state. Fig. 56a and b demonstrate
that the materials are tested under the same conditions. The NS Fe in Fig. 56a has the ductile features on the fracture surface
as compared to CG Fe in Fig. 56b with its cleavage features. The nanostructuring advantages for bcc materials at cryogenic
Fig. 54. Engineering stress-strain curves of nanostructured Ti. Curve A is obtained from RT testing at strain rate of 1 � 10�3 s�1. Curves B–D are for the same
Ti tested at 77 K, for strain rates of 1 � 10�3 s�1, 1 � 10�2 s�1, and 1 � 10�1 s�1, respectively. For comparison, Curve F shows the behavior of Ti over the
initial 18% of strain at 77 K.



Fig. 56. Scanning electron micrographs of the fracture surfaces. (a) Nanostructured Fe after tensile test at 77 K and 1 � 10�2 s�1 shows ductile features on a
fine scale, in contrast with the cleavage fracture features in (b) for coarse-grained Fe tested under the same conditions.

Fig. 55. Engineering stress-strain curves of nanostructured Fe. Curve B is obtained from testing at RT at strain rate of 1 � 10�4 s�1. Curves C–E are for the
same Fe tested at 77 K, for strain rates of 1 � 10�4 s�1, 1 � 10�3 s�1, and 1 � 10�1 s�1, respectively. Curve A is for a coarse-grained Fe tested at 77 K and 1 �
10�4 s�1, used here as a comparison to show its inferior strength and ductility.
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temperatures are also worth mentioning. The difference of bcc materials from hcp or fcc ones is that the strain hardening
behavior does not significantly depend on temperature or strain rate effects [378].

The above reported results have demonstrated that the combination of drastically enhanced strength and reasonable
ductility make the NS materials promising candidates for low-temperature applications regardless of their crystal
lattice type.
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5.4. Using stacking faults to enhance ductility

For fcc metals with very low SFE, large quantity of stacking faults will be generated during plastic deformation via slip of
partial dislocations or dissociation of full dislocations. One example is shown in Fig. 52c in which high density of stacking
faults were formed between twins [362]. Some of the stacking faults may be converted into thin twins when another partial
dislocation glides on an adjacent slip plane. The stacking faults increase strain hardening by several mechanisms. First, the
accumulation of stacking faults will increase the strain hardening in the same way as the accumulation of dislocations. In
other words, high density of stacking faults makes it more difficult for partial dislocations to slip to form more stacking
faults. Second, stacking faults are planar defects and can effectively block dislocations from different slip systems, forcing
them to interact with the stacking faults, which requires higher applied stress. Note that some partial dislocations can effec-
tively cut a stacking fault, which produces two partials to slip to eliminate the stacking fault just like what occurs in detwin-
ning [13,159,314]. It should also be noted that in fcc metals stacking faults are not as effective as twins in blocking and
accumulating dislocations. Third, stacking faults from different slip systems may interact with each other and divide the
large grains into smaller domains. It has been reported that in low SFE 304 stainless steel, partial slips may be accompanied
with martensitic phase transformation, which forms parallelepiped domain walls to block the slip of other dislocations
[379,380].

More importantly, when a dissociated dislocation meets another one, a Lomer-Cottroll lock might form. For example, as
shown in Fig. 57, a dislocation with Burgers vector BD glides on slip plane BCD is dissociated into two partials, BD? Ba + aD,
with a stacking fault ribbon between them. Another dissociated dislocation BA? Bd + dA is on the ABC plane. When the
leading partial Ba of the dislocation BD meets the stacking fault ribbon of the dislocation BA, it may react with the stacking
fault and cross-slip to the ABC plane under appropriate applied stress: Ba? Bd + da. Partial Bd slips to the left to erase the
stacking fault and to form a dissociated dislocation BA, while a Lomer-Cottroll lock is formed, as shown in the right part of
Fig. 57c. Lomer-Cottroll locks are stationary and can act as effective barriers to block and accumulate dislocations. For exam-
ple, high density of Lomer-Cottroll locks have been believed responsible for the observed strong strain hardening in cold-
rolled nanocrystalline Ni [381], which should result in enhanced ductility.

It should be noted that there is so far very little report on how the stacking faults affect the strength and ductility of
nanostructured fcc metals. This is because in fcc metals, the formation of stacking faults are often accompanied with the for-
mation of deformation twins and it is impossible to clearly differentiate their individual contributions. Therefore, the
observed mechanical behaviors are often attributed to deformation twins. However, according to the above discussion,
Fig. 57. (a) Thompson Tetrahedron for an fcc metal. (b) A dissociated dislocation BD on the BCD plane meets the stacking fault ribbon of BA on the ABC
plane. (c) A Lomer-Cotroll lock is formed after the partial Ba interacts with BA stacking ribbon and cross-slip onto the ABC plane.

Fig. 58. (a) TEM image of high density of stacking faults on the basal plane in a Mg alloy. (b) After tensile deformation, dislocations are accumulated at
stacking faults [122].
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stacking faults should in no doubt have positive effect on the strength and ductility of NS metals and alloys. As discussed
below, the effect of stacking faults on the strength and ductility is clearly demonstrated in NS hcp metals.

For CG hcp metals, deformation twinning is usually activated when the plastic strain reaches a certain critical value, due
to the lack of sufficient slip systems [13]. However, as the grain size becomes smaller, twinning becomes more difficult
[13,119,161]. Therefore, deformation twinning, which is effective in simultaneously increasing the strength and ductility
of NS fcc metals, is not available for NS hcp metals. Fortunately, it was found in an UFGMg alloy that stacking faults are effec-
tive in blocking and accumulating dislocations (see Fig. 58), which are similar to twin boundaries. The high density of stack-
ing faults consequently produced high strength and good ductility [122,123]. The key to producing high density of stacking
faults is to lower the SFE on the basal plane. For Mg, some alloy elements, such as Y, Fe, Gd, are effective in reducing SFE
according to ab initio calculation [126].
5.5. High strength and good ductility of heterostructured metallic nanomaterials

NS metals and alloys have been studied for over thirty years since it is first proposed conceptually by Gleiter in 1981
[299]. NS metals typically have very high strength as compared to their CG counterparts, but their low ductility has been
a major challenge to overcome although various strategies have been developed to improve the ductility, as discussed in
other sections of this paper.

In our textbooks and in practice, it is often desired to have a relatively uniform microstructure in metals and alloys.
For example, abnormal grain growth where some grains grow much larger during the recrystallization of cold-worked
metals is considered bad for mechanical properties. Recently, it was found that microstructure heterogeneity could have
surprising advantages. For example, heterostructured materials with NS and CG domains can have a strength and duc-
tility combination that is not obtainable by homogeneous materials [366,382–386]. The length scale of the heterogeneity
could be in the micrometer range or in some cases could be comparable to the component dimensions. The high
mechanical incompatibility between domains leads to strain gradient near their interfaces/domain boundaries, which
need to be accommodated by geometrically necessary dislocations [387,388]. Geometrically necessary dislocations have
the same Burgers vector and will produce a long-range stress field, i.e. back stress, which leads to back stress hardening
to increase yield strength. In addition, the back stress may increase with strain, i.e. back stress strain hardening, to pro-
duce higher ductility. Therefore, heterostructures may produce a combination of high strength and good ductility. The
back stress in heterostructured materials can be best calculated from unloading/reloading curves (see Fig. 59) using
the following equation:
Fig. 59
unload
rb ¼ rr þ ru

2
ð16Þ
where ru and rr are the unloading and reloading yield stresses, respectively, as defined in Fig. 59. The ru and rr can be deter-
mined by a preset derivation of the slope from the linear apparent Young’s modulus (Eu = Er) [388].

Heterostructured materials can be further classified into different types according to their micro and macro structural
features, including gradient structure, heterogeneous lamellar structure, laminate structures, harmonic structures, etc.
Below we will discuss the gradient structures and heterogeneous lamella structure in details and also other heterostructures
briefly. The common fundamental thread of these heterostructures is the mechanical incompatibility between different
heterogeneous domains. Their differences are in their sizes, geometries and distribution of the heterogeneous domains.
. The Schematic of the unloading-reloading for defining the unload yielding ru, reload yielding rr, back stress rb and frictional stress rf, effective
ing Young’s modulus of Eu, effective reloading Young’s modulus of Er.
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5.5.1. Gradient structured materials
One type of heterostructures is gradient structure, which is characterized with a macroscopic structural gradient from the

sample surface along the depth. The structural features that exhibit gradients at macroscopic scale could be grain size, den-
sity of crystalline defects such as dislocations, twins and stacking faults, second-phase particles, texture or a combination of
them. Fig. 60 shows a grain size gradient typically produced by surface mechanical attrition treatment (SMAT) [389]. Impor-
tantly, the SMAT approach is conducive to large-scale industrial production, which makes it relevant to real world applica-
tions. SMAT also produces a texture gradient although its effect on mechanical properties is not well studied [389].

The gradient structured materials have a built-in intrinsic mechanical incompatibility during deformation. The deforma-
tion of a gradient-structured sample during a tensile testing can be classified into three stages. In Stage I, the gradient-
structured sample will deform elastically when the applied strain is very small, as illustrated in Fig. 61A. With increasing
applied strain, the coarse-grained central layer starts to deform plastically (Stage II, Fig. 61B), in which the plastically
deforming central layer and the elastically deforming nanostructured layers co-exist. The plastically deforming layer has
an apparent Poison’s ratio of 1/2, while the elastic layer has a Poison’s ratio of �1/3 for most metals. In other words, the plas-
tically deforming central layer will contract laterally more than the elastically deforming outer layers. This causes incompat-
ibility in the lateral direction (x-direction) to convert the applied uniaxial stress into bi-axial stresses. Logically, there exist
two elastic/plastic interfaces, which dynamically move toward the sample surface with increasing applied strain. Note that
the applied strain is uniform across the sample thickness. However, there exists a stress gradient in the plastically deforming
zone because of variation in strength and flow stresses in different layers. This stress gradient should contribute to higher
yield strength and consequently produce a synergetic strengthening [383,390,391]. In addition, strain gradient exists at least
in the lateral direction, which should cause back stress to raise the yield strength [387,388].

In Stage III the whole sample deforms plastically. It is well known that nanostructured materials have low mechanical
stability, which usually start necking at very low plastic strain [1,7,129,165,281,287,290,297,299,360,376,392–400]. As dis-
cussed earlier, necking is caused largely by the low strain-hardening in nanostructured materials [13,69,70,129,297,358,3
76,381,395,401,402]. The surface layers of sample undergo unstable necking first, which makes them contract quickly in
the lateral direction (see Fig. 61C). However, the necking is constrained by the stable coarse-grained central layer, which
develops another type of internal mechanical incompatibility. A steep strain gradient develops near the interfaces of the
unstable necking layers and the central stable layer [382,383]. This will promote the accumulation of geometrically neces-
sary dislocations and the development of back stress [403–408], which consequently increases strain hardening. In addition,
the two necking/stable interfaces dynamically migrate from the sample surfaces toward the central layer, leaving in its wake
high density of dislocations. This causes a steep upturn in strain hardening rate and consequently higher ductility in the gra-
dient structured metal.
Fig. 61. Schematic of the change of stress state during tensile testing of graded structure. (A) Stage I; (B) Stage II; (C) Stage III. The yellow and red arrows
represent tensile and compressive stress in the x direction, respectively.

Fig. 60. Schematic illustration of microstructural characteristics along the depth in the surface layer subjected to SMAT.



Fig. 62. Strength and ductility in the gradient structured (GS) IF steel as compared with their homogeneous counterparts.
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The gradient structure has been found to be capable of producing high strength with good ductility that is not obtainable
by homogeneous structures (see Fig. 62) [382]. As shown, when the homogeneous IF-steel is deformed to increase strength,
its ductility drops dramatically, especially when the strength is above 400 MPa [409–413]. In contrast, the gradient-
structured (GS) sample has much higher ductility than homogeneous nanograined structures in the strength range of
450–600 MPa.

In addition, gradient structures can also be combined with other strategies such as the twinning induced plasticity (TWIP)
effect [366] and transformation induced plasticity (TRIP) effect to further improve the strength and ductility [414].

5.5.2. Heterogeneous lamella materials
Although gradient metals have superior combinations of strength and ductility (see Fig. 62), there is still a tradeoff

between the strength and ductility. In other words, the strength of a gradient material is lower than its UFG counterpart,
and its ductility is lower than its CG counterpart. It has been a dream for materials scientists and engineers to avoid this
strength-ductility tradeoff, which is believed impossible according to our textbook and literature data.

At room temperature, most metals and alloys have low strain rate sensitivity and strain hardening is the primary factor in
determining the uniform ductility according to the Considère criterion: drt=det P rt , where rt is the true stress and et is the
true strain. This equation means that metals with high strength need high strain hardening to prevent unstable deformation
(necking). However, as discussed earlier, NS metals have lower strain hardening due to their small grain sizes. Therefore, it
has been believed hopeless and impractical to produce high ductility in NS metals comparable with that of their CG coun-
terparts [30,387].

It was reported recently that heterogeneous lamella (HL) Ti can have the strength of UFG Ti and the ductility of CG Ti (see
Fig. 63a) [387]. As shown, all HL Ti samples have significantly higher strength than the CG Ti and also to different extent
higher ductility, which is unprecedented. Furthermore, as shown in Fig. 63b, the strain hardening in the HL60 sample is
higher than that in the CG Ti, which is the reason for its high ductility. UFG and NS metals usually have much lower strain
hardening than their CG counterparts [69,387]. These observations contradict our conventional understanding on the
strength and ductility of metals and alloys.
Fig. 63. (a) Heterogeneous lamella (HL) Ti has both the high strength of ultrafine grained (UFG) Ti and the ductility of coarse-grained (CG) Ti. (b) HL Ti
shows higher strain hardening than the CG Ti after some plastic strain or even in the entire strain range (HL60).



Fig. 64. (a) EBSD image of recrystallized grains (average diameter = �4 lm) embedded in the UFG matrix with grain sizes below 1 lm, which is blackened
out). (b) TEM micrograph of typical interfaces between the recrystallized grain lamellae and the UFG matrix.
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The HL60 sample contains 25 vol% of large recrystallized grains with an average diameter of �4 lm, which are embedded
in the UFG grain matrix (see Fig. 64) [387]. The question arises why adding 25 vol% of larger grains into the strong UFG
matrix does not lower its strength. This was attributed to the high back stress caused by the unique structure in which
the softer recrystallized lamellae are totally surrounded by the hard matrix and therefore cannot deform freely until they
build up enough back stress to force the harder matrix to deform together with them. In other words, the unique structure
makes the softer lamellae almost as strong as the harder matrix. In addition, during the subsequent plastic deformation, the
softer lamellae sustained much higher plastic strain than the harder matrix, i.e. there is a significant strain partitioning. This
consequently causes significant strain gradient near the lamella interfaces, which is accommodated by geometrically neces-
sary dislocations to build up back-stress hardening, especially in the early stage of plastic deformation. This back-stress
hardening is higher than the conventional work hardening caused by the accumulation of forest dislocations and is primarily
responsible for the observed extraordinarily high strain hardening and the high ductility [387]. These new fundamental
understanding provides a new paradigm in designing metals and alloys for high strength and high ductility.
5.5.3. Other types of heterostructured materials
There are several other types of heterostructured materials that exhibit superior strength and ductility due to the

mechanical incompatibility, including the harmonic-structured materials in which the CG core are separated and surrounded
by NS shells as schematically illustrated in Fig. 65 [415–417], dual phase steel [418–423], laminate structured materials
[424,425], bi-modal and multi-modal structured materials [24,373,401,426,427], hybrid materials [428–431], etc. Although
not explicitly stated in most of the original publications, the common feature of these materials is that there exist domains
with very different flow stresses (mechanical incompatibility). These domains are forced to coordinate with each other to
deform together, which produces a large strain gradient across their boundaries. These cause the pile up of geometrically
necessary dislocations, which produce a high back stress. During the plastic deformation, strain partitioning happens where
Fig. 65. Schematic illustration of the harmonic structure [415].
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the softer domains sustain much higher plastic strain, which in turn produces larger strain gradient with increasing applied
strain and consequently back-stress strain hardening to enhance ductility.

It can be argued that the conventional composite materials are also heterostructured materials. If the composite is metal
based, they can indeed be considered in the scope of the heterostructured materials discussed here. Otherwise, they are
beyond the scope of the heterostructured materials discussed here.
5.6. Improving strength and ductility by precipitation-hardening

Considering the low strain hardening in NS materials is originated from limitation to accumulate dislocations and other
defects, the strategy is based on introduction of the nanostructural elements to increase accumulation of dislocations [432].
This phenomenon was observed in the UFG Al–10.8Ag (wt%) alloy [394] produced by ECAP and additional thermal treatment.
Fig. 66 demonstrates application of this strategy for the alloy, where the Vickers microhardness is shown as function of the
aging time at 373 K for the samples treated to solid solution (ST) and processed by ECAP and by rolling at RT [394]. The initial
hardness in ST state value was relatively low, however aging lead to the increase is observed with the maximal value cor-
responding to aging for 100 h. After cold rolling, one could observe increase in hardness which insignificantly changed after
aging. The ECAP-processed specimens demonstrated even higher hardness, which gradually elevated with aging with a max-
imal value corresponding to 100 h. The studies have shown that the relatively lower values of hardness registered after cold
rolling as compared to ECAP result from relatively less values of strain (e � 1.4 and 8 respectively) providing less effective
microstructural refinement. The microstructure after rolling was formed mostly by subgrains and cells divided by low-
angle boundaries. Using scanning transmission electron microscopy (STEM), the reason for the maximum hardness observed
after ECAP followed by 100 h of aging was provided by intensive precipitation processes. The intragranular spherical precip-
itates with the diameter of about 10 nm represented by g-zones and elongated c0 particles 20 nm long were observed. Fur-
ther aging up to 300 h gave raise to c00 precipitates while the fraction of g-zones decreased. This process lead to decreasing
hardness with the aging performed for over 300 h (see Fig. 66). Mechanical properties are also subject to change due to
annealing after ECAP (see Fig. 67), where the tensile stress-strain curves for the specimens processed by ECAP, ST, cold rolling
and ECAP followed by aging are given [394]. One can see that ST and artificial aging give an enhanced tensile strength and
reasonable uniform elongation while cold rolling followed by aging provides essential strength growth but the ductility
parameters are poor. ECAP without aging also resulted in high strength but no visible strain hardening and reduced uniform
elongation. In distinction from that, the material subjected to ECAP and subsequent aging for 100 h demonstrates high yield
stress, marked strain hardening region and reasonable elongation to failure. Indeed, the specimens produced by ECAP and
aging are characterized by similar level of uniform deformation exhibited by those produced by ST and aging as well as
the total elongation to fracture. It testifies that the strength and ductility of precipitation-hardened alloys can be consider-
ably enhanced by SPD and post-deformation heat treatment. Moreover, despite the fact that the results presented in Figs. 66
and 67 were reported for a model Al–Ag alloy, one may assume that it is possible to obtain similar results in commercial
alloys for engineering applications where the aging treatments are generally well documented. As it will be shown in Sec-
tion 6, this approach was similarly successful when applied to commercial Al alloys, i.e. AA7075 [29,70,433], AA2024 [434]
and others [28].
Fig. 66. Dependence of the Vickers microhardness as function of aging time for the Al–10.8% Ag alloy after solution treatment (ST), cold-rolling (CR), and
ECAP [394] .



Fig. 67. Nominal stress-strain curves at room temperature for the Al–10.8% Ag alloy after solution treatment (ST), cold-rolling (CR) with aging at 373 K for
100 h, ECAP without subsequent aging and ECAP with aging at 373 K for 100 h [394].
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5.7. Optimizing the strength and ductility of nanostructured metallic composites containing carbon nanotubes and graphene
sheets/nanoplatelets

NS-metal-matrix nanocomposites containing carbon nanotubes (CNTs) and graphene nanoinclusions have been recently
reported effective in improving the strength and ductility of NS materials. The rationale behind this strategy is that CNTs and
graphene have very high tensile strength and elastic moduli [435–437] so that their presence in low quantities can signif-
icantly increase the strength through load transfer from the matrix to reinforcement. The load transfer mechanism, in par-
allel with Orowan looping of lattice dislocations at CNTs and their stoppage at graphene nanoinclusions, can significantly
enhance strength in conventional CG metal-matrix nanocomposites containing CNTs and graphene nanoinclusions; see,
e.g., reviews [438–441]. Besides, carbon nanoinclusions are often located at GBs in metal matrixes where these nanoinclu-
sions impede GB migration/grain growth during material synthesis [439–441]. In contrast, pure metals fabricated in the
same conditions can exhibit a substantial grain growth accompanied by a decrease in their strength. Thus, the materials
can retain fine grains due to CNTs and graphene nanoinclusions. In addition, thermal mismatch between the metal matrix
and reinforcement can generate geometrically necessary dislocations whose stress fields can contribute to strengthening.

Note that, with the afore-discussed hindering effects of CNTs and graphene on dislocation slip in the metal matrix, the
reinforcement of CG metals through insertion of CNTs and graphene nanoinclusions typically leads to a significant decrease
in ductility [438–441]. At the same time, lattice dislocation slip is limited in NS metals so that the suppressing effects of Oro-
wan looping of dislocations at CNTs and their stoppage at graphene nanoinclusions on dislocation-mediated plasticity are
expected to be limited in NS-metal-matrix nanocomposites reinforced by CNTs and graphene. In these circumstances, CG-
and NS-metal-matrix nanocomposites reinforced by carbon nanostructures have difference in the deformation behavior,
and NS-metal-matrix nanocomposites may exhibit a good combination of strength and ductility.

Li et al. [442,443] reported high strength and enhanced compressive plasticity of NC Cu reinforced by multi-walled CNTs.
This nanocopper-CNT nanocomposite was fabricated through ball milling, powder consolidation and HPT. The resultant
nanocomposite has a NC copper matrix with an average grain size �22 nm and contains 1 wt% CNTs. CNTs are observed
in both GB regions and grain interiors. Under nanopillar compression tests (effectively exploited in mechanics of metallic
nanopillars; see, e.g., [444,445]), the nanocomposite demonstrates high plasticity with fracture strain ef � 0.29, pronounced
strain hardening and a large strength �1700 MPa. The nanocomposite containing 1 wt% CNTs shows substantially enhanced
strength and almost the same plasticity, as compared to those of its unreinforced counterpart.

From a microscopic viewpoint, Li and co-workers [442,443] revealed the two main enhancing effects of CNTs on strength
of the nanoCu-CNT composite. First, CNTs hinder motion of dislocations in nanograins (whose sizes are typically larger than
dc � 10–15 nm in Cu, in which case the dislocation slip is dominant in these Cu nanograins). Second, CNTs modify
dislocation-controlled grain refinement processes in HPT-processed Cu and suppress GB migration so that a mean grain size
�22 nm in the nanoCu-CNT composite is significantly smaller than that (�29 nm) in its unreinforced counterpart.

Strain hardening can be responsible for good plasticity demonstrated by the nanoCu-CNT composite, although its effect is
not pronounced in compressive load. The role of CNTs in strain hardening is logically attributed to the fact that dislocations
are blocked and thereby intensively accumulated at Cu-CNT interfaces. The stress fields of such blocked dislocations con-
tribute to strain hardening.

We now discuss ductility of NS-metal-matrix nanocomposites with multi-walled CNTs. The experimental data in this area
vary rather widely [446–448]. Asgharzadeh et al. fabricated Al - 3 vol pct CNT nanocomposites with Al grain size �65 nm,
using room-temperature HPT consolidation of Al/CNT powders initially processed by mechanical milling [447]. In tensile
test, this nanocomposite demonstrated a considerable increase (by tens of percent) in strength and hardness at the expense
of a drastic (by nearly 10 times) reduction in fracture strain, as compared to its pure Al counterpart. Asgharzadeh et al.
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attributed the low ductility to the role of CNTs and especially their agglomerates as stress concentrators initiating intensive
strain localization and crack nucleation [447].

In the experiment [448], UFG Ni-CNT nanocomposites were fabricated using spark plasma sintering of Ni-CNT powders.
Tensile tests showed comparable fracture strengths between the Ni–CNT nanocomposites and the unreinforced UFG Ni,
whereas the former exhibited smaller fracture strain than the latter [448].

Thus, the experiments [447,448] revealed no advantages of CNT reinforcement for optimization of strength and ductility
of NS metals under tensile load. More promising results have been obtained by Choi with co-workers [446]. With hot rolling
of ball milled composite powders, they fabricated nanocomposites that are reinforced by CNTs and have Al matrixes char-
acterized with various grain sizes, namely composites A, B, C and D having average grain sizes �65, 73, 150 and 250 nm,
respectively. In tensile tests, the nanocomposites A, B, C and D exhibit both increase in strength and decrease in fracture
strain with increasing volume fraction of CNTs; see stress-strain dependencies in Fig. 68. For comparison, Fig. 68 presents
also the stress-strain curve of the un-milled monolithic Al consolidated under the same rolling condition as the composite
C with an average grain size of 150 nm. At the same time, for several nanocomposites under examination, values of fracture
strain are in the functional range (>5%) for engineering materials under tension (Fig. 68). For instance, the nanocomposites D
with the CNT fractions 1.5 and 3% are characterized by a rather good fracture strain � 13% and ultimate stress values � 350
and 460 MPa, respectively (Fig. 68d). The nanocomposite D with the CNT fraction 4.5% have both a functional fracture strain
�7% and remarkable high ultimate stress �500 MPa (Fig. 68d). The latter value is nearly 2.5 times larger than that of unre-
inforced Al.

In the situation under discussion, the key strengthening mechanisms are suggested as the load transfer and grain size
strengthening [446]. The nanocomposites C and D with comparatively large grain sizes �150 and 250 nm, respectively, show
higher ductility than the nanocomposites A and B with very small grain sizes (Fig. 68), because the dislocation accumulation
and thereby strain hardening occur more easily in large grains.

Thus, using CNTs as reinforcing elements in NS-metal-matrix nanocomposites can be effective in achieving both high
strength and functional ductility [442,446]. At the same time, in addition to CNTs, other nanoinclusions can be exploited
in enhancement of the mechanical properties of metals. In search for reinforcing fillers in metal-matrix nanocomposites,
one can list the following key requirements [441]:
Fig. 68. Tensile true stress–true strain curves of a NS-metal-matrix nanocomposite specimens [446].
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(i) Reinforcing inclusions should have high strength and Young modulus.
(ii) Inclusions should be characterized with high aspect ratio and high surface area.
(iii) Inclusions and metal matrix should have strong bonding.
(iv) Inclusions should be homogeneously dispersed, and their agglomeration should be prevented.

Graphene is a very promising candidate to serve as a reinforcing material in metal-matrix nanocomposites, because of its
superior strength �130 GPa and huge Young modulus Y � 1 TPa [436,437], in addition to its 2D geometry responsible for
maximum surface-to-volume ratio and typically high aspect ratio. Besides, graphene is cheaper than CNTs having similarly
superior mechanical properties. With all these factors, in recent years, a rapidly growing interest has been attracted to fab-
rication of metal-graphene composites and examinations of their mechanical characteristics; see, e.g., [441,449–458]. How-
ever, most attentions have been devoted to nanocomposites with CG metal matrixes. At the same time, there is an
impressive example where a NS metallic composite exhibits remarkable mechanical characteristics.

Specifically, with chemical vapour deposition method, Kim and co-workers [459] fabricated Cu- and Ni-graphene
nanolayered composites with both superior strength characteristics and substantial plasticity demonstrated in nanopillar
compression tests. The composites had the nanolayered structure consisting of metallic (copper or nickel) layers and mono-
layer graphene between them. Copper-graphene composite solids with metallic (Cu) layer thicknesses k = 70, 125 and 200
nm as well as nickel-graphene composites characterized by k = 100, 150 and 300 nm were synthesized. With focused ion
beam milling, nanopillars having height of 400–600 nm and diameter of 200 nm were fabricated from these composites
and subjected to compressive load (Fig. 69).
Fig. 69. TEM analysis of the Cu–graphene nanolayered composite. (a) TEM image of a metal–graphene interface that shows mostly single layers with some
double layers. Scale bar, 5 nm. (b) TEM image of a Cu–graphene nanopillar with 125-nm repeat layer spacing at a lowmagnification after deformation. Scale
bar, 100 nm. (c) TEM image of a Cu–graphene nanopillar after deformation that shows a higher density of dislocations above the graphene interface. Scale
bar, 50 nm [459].
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In the nanopillar compression tests, Cu-graphene composites with repeat layer thickness k = 70 nm and Ni-graphene
composites with k = 100 nm showed strengths of 1.5 and 4.0 GPa, respectively [459]. The strengths under consideration
are highest for metal-graphene composites.

Typical stress-strain curves for nanopillar compression tests of the Ni- and Cu-graphene composites with various values
of k are presented in Fig. 70a and b. Also, the flow stress at 5% plastic strain as a function of k, for the Ni- and Cu-graphene
composites, is presented in Fig. 70c and d, respectively. These figures show the trend that the flow stress and fracture strain
increase in an approximately linear way with diminishing the metal layer thickness k. In particular, the flow stress has its
maximum values of 1.5, for Cu-graphene composite characterized by k = 70 nm, and 4.0 GPa, for Ni-graphene composites
having k = 100 nm [459]. These values are highest for fabricated metal-graphene composites. In particular, the Ni-
graphene composite with k = 100 nm is characterized by the stress of 4.0 GPa being nearly 52% of the theoretical strength
for Ni.

In addition to graphene interfaces, both the nanolayered structure and the nanopillar geometry can significantly con-
tribute to an increase in the flow stress of the composite materials. Kim et al. [459] estimated the strengthening effects
of the nanolayered structure and the nanopillar geometry in the case of metal-graphene nanolayered composites on the basis
of the corresponding experimental data reported in the literature. He concluded that the strengthening effect of graphene
interfaces in the metal-graphene composites is much more significant than the combined effects of both the nanolayered
structure and the nanopillar geometry.

The superior strength is inherent to the metal-graphene composites with the nanolayered structure because graphene
layers effectively block dislocation slip [459]. This view was supported by the experimental observations of a high density
of dislocations that are present in a plastically deformed layer and do not penetrate across a graphene interface between this
layer and its neighboring layer free from dislocations in a Cu-graphene nanolayered nanopillar (Fig. 69c).

Thus, the new and effective approach to create metallic nanomaterials with high strength and good ductility (or compres-
sive plasticity) is to implant either CNTs or graphene nanoinclusions in NS metallic matrices. In particular, there are several
examples of nanometal-CNT and nanometal-graphene nanocomposites exhibiting enhanced strength and substantial ductil-
ity. Note, however, that fabrication of these nanocomposites is in its infancy especially in the case of nanometal-graphene
nanocomposites. It is expected that rapid progress will be made in synthesis, fundamental research and technological appli-
cations of these nanocomposites.
Fig. 70. Results of nanopillar compression test. Stress versus strain curves for (a) Ni–graphene and (b) Cu–graphene of various repeat metal layer spacings.
The flow stresses at 5% plastic strain versus repeat layer spacing plots for (c) Ni–graphene and (d) Cu–graphene nanolayered composites [459].
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6. Superior strength and ductility in industrial alloys and steels

The aforementioned key strategies for improving the strength and ductility of metallic nanomaterials were generally pro-
posed and developed in pioneering works [29,69,70,129,338,339,348,373] on pure metals and model alloys. In recent years
however their successful application was demonstrated on a number of industrial alloys and steels. A few recent examples
are presented below in more detail.

The first example is the application of ECAP to obtain high strength and ductility in different Al alloys [394,460]. Kim et al.
reported the improvement of the yield strength up to �630 MPa in the 2024 Al alloy while keeping the considerable �15%
fracture elongation, which was made possible through combination of solid solution treatment, ECAP and post-ECAP low-
temperature aging. The influence of aging at low-temperature after ECAP on tensile characteristics of Al–10.8 wt%Ag was
studied by Horita et al. [394]. It was demonstrated by HRTEM analysis that work hardening may be improved through
the formation of the so-called fine ‘‘N-zone’’ precipitate particles of <50 nm in size, such particles being dispersed in grain
interior.

What is common for the above-cited studies is that the second-phase particles were generally or entirely dissolved into a
matrix for the oversaturated solid solution, which can be undesirable with a number of Al alloys [434]. For instance, large
concentrations of alloying elements in 2024 aluminum alloy lead to a very brittle behavior if all particles of the second-
phase (T-phase) are dissolved into matrix, thus grain refinement in the alloys becomes difficult or nearly impossible through
SPD processing such as cryo-rolling or ECAP. Moreover, some second-phase particles, if left undissolved, may contribute to
dislocation accumulation and grain refinement during SPD. This may in turn increase the strength and ductility via resistance
to dislocation slip and trapping due to precipitation of nano-sized second-phase particles in the process of aging.

The above arguments are supported by a study to develop a better procedure for simultaneous increase of strength and
ductility in the age-hardening 2024 Al alloys [434], in which the second-phase particles were only partially dissolved while
Fig. 71. (a) Ordinary tensile engineering and (b) respective real stress–strain curves of 2024 aluminum alloy under various treatment conditions. (c)
Comparison of strain-hardening rate curves of specimens of two kinds. The curves various specimen treatment states: (i) SST at 493 �C; (ii) SST + aging at
160 �C for 10 h; (iii) SST + CR; (iv) SST + CR + aging at 160 �C for 13 h; (v) SST + CR + aging at 100 �C for 100 h [434] .
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solution treatment to upgrade processing qualities and promote precipitation of nanoscale second-phase particles. Fig. 71
[434] demonstrates the ordinary tensile stress–strain curves for 2024 aluminum alloy under various treatment states. In
accordance to engineering stress–strain curves (Fig. 71a), the specimen has the yield stress value about 150 MPa, and the
UTS about 380 MPa. The total elongation consisted of 26% (curve i) after solution treatment at 493 �C for 10 h. SST of spec-
imen (10 h of annealing at160 �C) led to increasing of both the yield stress and the elongation (curve ii). Rolling of a specimen
after SST at cryogenic temperature (SST + CR) considerably improved strength, but ductility was reduced to less than 5%,
which is ordinary for CR metals (curve iii). Significantly, heating the SST + CR state largely enhanced ductility, whereas sub-
sequent strength enhancement was quite modest (curves iv and v). Heating for 100 h at 100 �C clearly resulted in simulta-
neous increase in UTS and total elongation (curve v) than aging at higher temperature – for 13 h at 160 �C (curve iv). Yield
stress corresponding to curve (v) consists of about 580 MPa, which is three times higher than in the curve (i) and approxi-
mately two times higher than in the curve (ii). In addition, the total elongation for the curve (v) measured for the SST + CR +
aging at 100 �C state consists of 18% with 13% corresponding to uniform elongation. These values by far exceed those of SST
+ CR specimens that constitute 3.8% and 3.2%, correspondingly.

SST + CR + aging specimens (curves iv, v) have obvious strain hardening (Fig. 71b) unlike most pure NS metals that fre-
quently demonstrate weak work hardening or even work softening [461–463]. The normalized work-hardening rate, H,
H ¼ 1

r
dr
de , is plotted as a function of real stress in Fig. 71c. A specimen aged at 100 �C is seen to have higher H than that

in a specimen aged at 160 �C, thus providing explanation for the higher ductility of the former.
The observed mechanical behaviors were tailored by the 2024 Al alloy microstructures at different processing states. The

authors [434] presented systematic precise TEM analyses of the specimens after various treatments to establish the pecu-
liarities of the microstructure including precipitation evolution and precipitation-dislocation interactions to correlate the
observed mechanical behaviors with microstructures.

The microstructures after different processing procedures are summarized in Table 2.
The mechanical characteristics of 2024 Al alloys with fine structures at different treatment states are similar to 7075 Al

alloy in respective conditions [70,129]. Nevertheless, precipitation strengthening proved to be more efficient to increase the
mechanical properties, especially the ductility, in the 2024 alloy than in 7075 alloy. In particular, 2024L alloy when used in
case of SST + CR + aging at 100 �C exhibited increased yield strength by SST + CR 2024 alloy sample by 12.4% due to precip-
itation hardening that is slightly higher than 12% achieved in 7075 alloy [70].

Thus, this study has demonstrated that high density of nanoscale second-phase precipitates as well as low dislocation
density are desirable for concurrently achieving high strength and high ductility. The remaining second-phase particles were
crucial for producing the high dislocation density in the process of cryo-rolling that consequently contributed to the high
density of nanoscale second-phase precipitates. This strategy should be applicable for other precipitation-hardened alloys.

Similar tendency has been revealed in [464], where the aging behavior of 6060 Al alloy was studied in broad ranges of
temperature, time, and ECAP strain, the alloy being subjected to ECAP at RT and previously treated in solid solution.
High-temperature and short-time aging are shown to be most efficient in simultaneous enhancement of strength and duc-
tility. In contrast to CG material subjected to aging, UTS and homogeneous elongation were increased by �35% after one
extrusion and aging at 170 �C during 18 min. Concurrent recovery and precipitation produce noticeable effect on the ductil-
ity enhancement in Al–Mg–Si alloys.

There are also a number of publications on enhancement of strength and ductility in commercially pure (CP)-Ti and its
alloys through their nanostructuring by SPD techniques.

In particular, HPT-processed Ti showed the possibility to increase the overall ductility by subjecting an SPD processed
sample to a very short-term anneal [167]. The reason for this is that the short-term annealing puts into order interface defect
structures, thus making them more equilibrium without any considerable increase in grain size. Furthermore, annealing can
also reduce dislocations density in grain interior of a material processed by SPD, therefore suggesting more room for efficient
dislocation storage. An enhanced storage capability may increase strain hardening and result in increased ductility.
Subsequently, similar results were reported for Ti subjected to ECAP and drawing [343] and Ti after ECAP-Conform and
drawing [344].
Table 2
Summary of processing states and microstructures of 2024 Al alloys.

Aging Al matrix Precipitates

Shape and state Grain/subgrain
size

Small needles and plates S0: interparticle
spacing/density

160 �C, 10 h Lamellar grains, dislocation recovery 400 nm
800 nm

Al2CuMg S0 phase, orthorhombic,
high density

20 nm/2–2.5 � 1015 m�2

160 �C, 13 h Equiaxed grains, recrystallization 1 mm Less high density S0 phase 30 nm/1 � 1015 m�2

100 �C, 100 h Large equiaxed grains, recrystallization
and grain growth

800 nm
1.5 mm

Higher density S0 phase 1015 nm/4 � 1015 m�2

All samples were solution-treated at 493 �C for 10 h and cryo-rolled; all contains remnant orthorhombic T-phase (Al20Cu2Mn3).



Fig. 72. Engineering stress-strain tensile curves for Ti49.4Ni50.6 at different temperatures: (a) CG state; (b) NS state, produced by ECAP [466].
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Another example is TiNi alloys, which has exceptional properties including high strength, corrosion resistance, superelas-
ticity and shape-memory effect. Such alloys are especially promising for numerous structural and functional applications in
medicine and engineering. Their superelasticity and shape-memory effect are due to B2 to B190 martensitic transformations
(MT) and numerous fundamental investigations have been focused on the study of these two unique properties. At the same
time, superior properties of TiNi would be very desirable for various advanced applications due to necessity for product
miniaturization and improvement of their functional characteristics. Recent works revealed the efficiency of nanostructuring
by SPD processing to enhance the properties of TiNi alloys [465,466].

Fig. 72 shows engineering stress-strain curves of CG and NS Ti49.4Ni50.6 alloy measured at different testing temperatures
[466]. The stress-strain curves for RT of CG and NS TiNi are most unique with extensive homogenous deformation up to 70–
80% but the yield stress values noticeably varies. Furthermore, in both alloys there is the so-called ‘‘plateau’’ credited to MT
caused by stress but the stress value (rm) of pseudo-yield for NS TiNi notably exceeds those for the CG alloy. Yield stress of
NS alloy at 200 �C also exceeds that of the CG alloy by almost twice. The strength of the NiTi in CG and NS states is consid-
erably reduced at 400 �C. Tensile straining of alloy at above 200 �C appears to have not induced martensitic transformation as
shown by curves d(e) of both alloys, without pseudo-yield phase stage. The strengthening stage for both states at 200 and
400 �C is rapidly replaced by a softening and neck-formation stages. Consequently, the total strain to failure for both CG
and NS alloys is dramatically reduced.

Unique relationship of high strength with UTS � 1200 MPa and high ductility at RT is demonstrated for NS alloy. The
results reveal that such ductility is related to the martensitic transformation induced by stress, whereas the increase of strain
temperature, while suppressing the martensitic transformation, brings about a considerable decrease of ductility.

Reducing grain size down to nanometer range and controlling the development of martensitic transformation opens up
an opportunity for major improvement of both mechanical and functional properties in TiNi alloys that are very promising
for applications in medicine and engineering.

Regarding steels, rather interesting investigation was carried out on the microstructure and mechanical properties of T91
steel (modified 9Cr-1Mo steel) subjected to different thermomechanical treatments (TMTs) [467]. ECAP was implemented at
different temperatures. Mechanical strength of the steel improves due to ECAP at RT with sacrifice in ductility. Unlike this,
the hot ECAP process makes the hardening less pronounced whereas the ductility and work hardening ability are retained.
Microstructure analyses show a noticeable reduction of the mean grain size after cold ECAP, whereas hot-ECAP is more effi-
cient to refine and homogenously redistribute the carbide nanoprecipitates. As a result of post-ECAP heat treatment (500
�C/10 h), secondary carbide precipitation is observed in the alloys treated by cold-ECAP, while hot-ECAP processed samples
maintain smaller nanoscale carbide precipitates and homogenous microstructure. Such phenomenon was found to explain
the evolution of precipitates with the reference to TMT influence.

The above results indicate that the enhanced mechanical strength of ECAP-processed T91steel arises primarily from grain
refinement and precipitation hardening. At the same time hot ECAP enables TMT to be a promising method for production of
ultrafine-grained steels with high strength and ductility for advanced structural applications.

Another recently developed approach implies multilayer steels for a better combination of high strength and ductility
[468]. Multilayer steels have been proposed in response to the demand for a novel route to producing steels with high per-
formance by using steels of high-strength and high-ductility alternatively in a layered structure. The multilayers can be con-
sidered as a type of heterostructures [469]. In the corresponding study [468], their development history, design, production,
properties and applications are presented. Multilayer steels possess higher combinations of strength and ductility in contrast
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to the present monolithic steels and also demonstrate exceptional deformation characteristics under high-strain-rate defor-
mation together with decent formability. Such excellent characteristics in multilayer steels are possible to achieve through
enhanced interfacial toughness among layers and reduced thickness of brittle steel layers in accordance with high brittle
steel strength and the enhanced fracture toughness of the ductile steel. By varying the combinations of components offers
an opportunity to extend the concept of multilayer steels for different types of nanomaterials.

In summary, the results presented in this section testify to the fact that many key strategies of enhancement of strength
and ductility can be as well applied to industrial alloys and steels, which confirms that superior mechanical properties can be
achieved for these structural materials as well.

7. Structural stability of metallic nanomaterials

Metallic nanomaterials are structurally unstable due to their high GB area per unit volume [299,470]. The ratio of GB area
to volume is proportional to 1/d, where d is the grain size. Consequently, with decreasing grain size the total GB energy per
unit volume quickly increases in nanomaterials, leading to thermodynamic instability as well as mechanical instability. For
example, we have observed grain growth in high-purity Cu processed by ECAP at room temperature. This thermal instability
is the reason why the grains of most pure metals such as Al, Cu, Ni and Ti cannot be refined to below 100 nm by SPD tech-
niques such as ECAP. This is because the SPD is a top-down approach, which refines grains from bulk, which can avoid the
contamination of the materials. As a result, the GBs are free of impurity to lower the GB energy and to pin the GBs, making
the grain growth easy [30]. In contrast, NC metals produced by bottom-up approaches such as consolidation of nano-sized
powders synthesized by inert gad condensation (IGC) [2,299,471,472] and electrodeposition [118,385] usually contain impu-
rities such as oxygen and nitrogen which can either separate to GBs or to form oxides/nitrides to stabilize the NC structure.

There are two issues concerning the stability of nanostructures. The first issue is thermally driven grain growth at ele-
vated temperatures, which limits the application temperature of metallic nanomaterials. Their high GB area per unit volume
provides high driving force for grain growth, which makes nanomaterials very unstable at elevated temperatures.

Two fundamental approaches have been proposed and studied to stabilize the nano grain structures. The first is thermo-
dynamic approach, in which solute atoms are segregated to the GBs to lower the GB energy [473]. It is theorized that when
appropriate solute atoms segregate to the GB, it is possible to reduce the GB energy to 0, so that the driving force for grain
growth will be eliminated and the nanostructure will be stabilized. Atoms with large atomic size misfit is especially effective
in this stabilization [473]. In addition, the solute atoms on the GBs also act to kinetically stabilize the GBs by solute drag,
which will be discussed later. Thermodynamic models have been developed on the thermodynamic stabilization of metallic
nanomaterials [474–486], and stability maps have been proposed [484–486]. There are some cases where the model predic-
tions agrees reasonably well with experimental observations for thermodynamic stabilization, while there are also alloy sys-
tems where no effective thermodynamic stabilization can be achieved [473]. Alloy systems reported with full
thermodynamic stabilization include Ti-W and Al-Pb [484,487]. The stability map also predicted other W alloy systems that
could be stabilized thermodynamically [484]. The details of these models and their evolutions can be found in a recent
review by Saber et al. [473] and is beyond the scope the current review paper.

The second approach to stabilize metallic nanomaterials is via kinetic stabilization by second-phase particle pinning,
solute dragging, and solute ordering to reduce GB mobility [473]. In the binary phase diagrams, only a few alloy systems
are isomorphous with no solubility limit. This means that second-phase precipitation may occur before thermodynamic sta-
bilization is reached. Indeed, many nanostructured alloy systems with high thermal stability reported in the literature are
stabilized by both the thermodynamic mechanism (GB segregation) and the kinetic mechanism (second-phase particle pin-
ning) [488–495]. In some cases, the kinetic stabilization played the primary role [495].

The second issue is the mechanically driven grain growth, which directly affects the mechanical behavior. In an early
report, it was found that the superplastic deformation of NS materials at relatively low temperature was accompanied with
grain growth, which exhibited unusual superplastic behaviors [171]. Stress-driven grain growth was first observed by Wolf
et al. by MD simulations in 2001 and 2003 [496,497]. Two grain-growth mechanisms were observed: grain rotation and GB
migration. Grain rotation led to the conversion of high-angle GBs to low-angle GBs and eventual coalescence of the adjacent
grains. High-angle GBs were found to have higher mobility and therefore migrate faster than low-angle GBs. The stress-
driven grain growth was later unequivocally verified by Zhang et al. [205] in nanocrystalline Cu, which exhibited rapid grain
growth under indentation at the liquid nitrogen temperature, which avoids the conventional diffusion controlled GB migra-
tion. Liao et al. found that NC Ni started grain growth when the applied stress is above a critical value under HPT, and grain
rotation happened during the grain growth process [211,498]. They also found that there is a maximum grain size for this
stress-driven grain growth, which is related to the deformation parameters [211,498]. HPT process is characterized with very
large plastic strain and high stress. Fan et al. reported the observation of grain growth in NC metals and alloys during com-
pression [213], tension [499–501] at low strain rate. Grain growth in UFG Mg was also found under high strain rate
[502,503]. Stress driven grain growth has been found in many metals and alloys under various testing conditions [116,20
1,202,206,209,210,218,219,502–506], ands are verified by in-situ TEM observations [507,508]. These observations of
stress-induced grain growth raise a concern on the structural stability of metallic nanomaterials under stress during service
and how to stabilize the structure. Recently, Lu reported that impurity segregation to the grain boundary can help with sta-
bilizing the nano grains and push the critical grain size for inverse Hall-Petch relationship to smaller grain sizes and higher
stresses during tensile testing [509].
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8. Summary and future directions

In this review strategies to increase the strength and ductility in the metallic nanomaterials with nanocrystalline (NC) and
ultrafine-grained UFG) structures are deliberated with both theoretical analysis and experimental observtions of deforma-
tion mechanisms. Metallic nanomaterials typically exhibit high strength but low ductility owing to their very small grains
and very large GB areas per unit volume. These structural features critically affect plastic deformation and fracture processes
in NS materials. In NS metals having fine grains with an average size d > dc, dislocation slip is dominant and plastic defor-
mation mediated by dislocations is typically characterized with low strain hardening and thereby low ductility.

In NS metals having finest grains with d < dc, volume fractions occupied by GBs are extremely large, and GB-assisted and
mediated deformation mechanisms are dominant. These mechanisms – GB sliding, deformation twinning, partial
dislocation emission from GBs, rotational deformation and stress-driven migration of GBs - are characterized with very
high flow stresses being near the critical stresses for crack nucleation. In addition, NC metallic materials having finest
grains are characterized with extremely large quantities of GB junctions at which plastic deformation mediated by GB
mechanisms is hampered. Consequently, plastic strain heterogeneities and associated stress concentration points (that ini-
tiate either plastic flow localization or cracks) are rapidly created at GB junctions as plastic deformation progresses in such
materials. Therefore, the ductility of NS metals with finest grains is suppressed by either plastic strain instability and/or
crack growth instability.

In order to enhance the ductility of metallic nanomaterials without loss of their strength, a number of key strategies were
suggested, which mostly involves manipulating their microstructures and phase compositions on the nanoscale by optimiz-
ing regimes and parameters of their fabrication and processing. From the principle of flow stability during tensile tests, duc-
tility can be enhanced by higher strain hardening and/or strain rate sensitivity. Here we have discussed recent works on
enhancement of ductility through optimization/acceleration of GB sliding and diffusion processes by SPD processing to very
high plastic strains and/or by giving the material a short-term anneal immediately after processing. At the same time, special
attention is paid to the strategies on enhancing ductility by increasing strain hardening through the formation of nanotwins,
structurally heterogeneous and gradient structures; deformation at cryogenic temperatures; tailoring stacking fault energy;
precipitation-hardening; and incorporation of carbon nanotubes and graphene nanoinclusions in NS metal matrixes.
Although these strategies are effective in providing concurrently high strength and high ductility in a large number of NS
metallic materials, large-scale production of superstrong NS materials with good ductility for various structural applications
is still a challenge. Indeed, presently there are not many reports on NSmaterials with high strength and good ductility as well
as other service properties required for their structural use, in particular, fatigue strength, fracture and impact toughness
[510,511], etc. Therefore, with available knowledge on the existing approaches addressing the unique combination of supe-
rior strength and enhanced ductility, new research efforts in this area are definitely needed.

In summary, we outline the key points that are of particular interest for future research on ductility of high-strength NS
metals and alloys:

(1) Further examinations of previously developed strategies (see Section 5), including experimental identification, com-
puter simulations and theoretical description of ductility enhancement mechanisms operating in NS metallic materi-
als. With knowledge of these mechanisms, systematic fabrication of simultaneously strong and ductile NS metallic
materials can be studied using designed processing strategies.

(2) Experimental identification, computer simulation and theoretical description of new mechanisms for plasticity, sup-
pression of crack nucleation and growth instabilities in NS metallic materials with finest grains.

(3) Research efforts addressing novel nanocomposites with optimized mechanical characteristics. Of particular interest
are metal-matrix nanocomposites containing nanoinclusions of graphene and other nano types of nano-phases.

(4) Experimental identification, computer simulations and theoretical description of nanostructural fetures (parameters)
from phase transformations induced by fabrication/processing in metallic materials, in particular, alloys. Development
of nanostructural design of NS materials with superior strength and ductility.

(5) Research efforts addressing combinations of high strength, good ductility and excellent functional properties (biocom-
patibility, electronic, thermal, energy-storage and -harvesting properties, etc.).

(6) Identification of structural characteristics and fabrication/processing parameters that control and optimize strength
and ductility of NS metallic materials having various structures and chemical compositions.

Successfully addressing these important issues will make a large impact on fundamental nanomaterials science and
advance the fabrication/processing of super strong NS metallic materials with good ductility for a wide range of technolog-
ical applications.
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